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Foreword

An old joke states that physicists apply good techniques to poorly characterized substances,
while chemists work with good substances making use of poor techniques. Nowadays, biol-
ogists and biochemists also work with materials poorly characterized because of their com-
plexity. Nevertheless, emerging now and reflected in this book is an era in which high-level
techniques are applied to chemically well-controlled substances. The authors provide an
excellent collection of fascinating stories on what happens at interfaces between crystalline
materials and solutions. Scanning atomic force, tunneling, and vertical interferometric mi-
croscopies, modern optics, grazing X-ray diffraction, and molecular dynamic simulations
in ionic systems are the major tools that the authors have applied and that have revealed
the processes and interactions that people only dreamed of tackling half a century ago. The
authors pay attention to the essential “know-how” of all these techniques. Certainly, such a
book would not have been possible 20 or even 10 years ago.

This collection of articles reflects the breakthroughs that are happening in under-
standing surface pheonomena in chemically complex systems—crystals and other solid
surfaces—in contact with mainly aqueous solutions containing ions of major components
and additives to be adsorbed—from Mg2+ to protein ions, to viruses and antibodies. The
last couple of decades brought about significant progress in understanding “tailor-made
impurities” on the stereo-chemical level. This book reflects further steps towards more
detailed quantitative physico-chemical insights. Inorganic crystal growth, dissolution, ad-
sorption, nucleation in connection with specific crystal surface structures are the major
subjects of the articles collected in Volume I. Visualization of structural details of viruses,
protein crystals and formation of the latter, properties of “soft” biologically related objects
and surfaces, like membranes, protein molecules immobilized for analyses, probing their
structure and properties, and processes in formation of emulsion droplets provide a second
group of objects and phenomena. This group is covered in Volume II. Here, too, crystal
growth and adsorption are the key physico-chemical issues.

The demands to monitor environment, to create new nanoelectronics, and to bring more
rationale to the endless ocean of exciting but still spotty findings in biology and medicine
provide long-term and strong driving forces to move from art to science in all these areas.
Yes, the general framework of crystal growth and surface science is now reaching its matu-
rity. Unfortunately, existence of this framework does not yet mean quantitative predictive
power, especially for the chemically complex systems, that are in our hands. We still have
a long way to go to achieve the aimed spirit through precise quantitative knowledge from
physics to chemistry and—which is a much more difficult task—to biology. This book
provides a timely step in that direction.

On a more specific note, this book reflects the revival of an interest in crystal growth
from solutions. It was boosted about two decades ago by needs to obtain crystals for non-



X FOREWORD

linear optics, in particular, for laser induced nuclear fusion (an effort in which one of the
editors—J.J. De Yoreo—was successfully involved). Another strong incentive was, and is,
growth of crystals either built of biological macromolecules or through biomineralization.
These are extreme examples of crystallization in systems that are very complex chemically.
Hydrothermal crystallization of zeolites and similar purely inorganic systems already ex-
hibit significant complexity. The much larger diameter of biomacromolecules (from several
to hundreds of nm) as compared both to conventional ions and to the range of molecular
forces, adds additional degree of freedom to the system. Even a moderate change in con-
ventional ionic solution composition, pH and temperature noticeably alters the surface of a
biomacromolecule controlling crystallization of these species. Consequently, such a change
means, in fact, that other species are to be crystallized. The several polymorphic modifi-
cations into which the majority of protein molecules crystallize under different conditions
represents a convincing illustration. Thus biomacromolecular crystallization still depends
on screening and serendipity. Bringing scientific rationale to this big and hot area is a chal-
lenge.

The reader may easily identify the papers dealing with each of the problems listed
above so that the only thing that remains to be mentioned is that the authors of the papers
are excellent experts in the field. I hope that the editors, X.Y. Liu and J.J. De Yoreo, active
and highly recognized contributors to the effort aimed at merging physics, chemistry and
biology on a rationale basis, will earn a big credit from our scientific community for having
compiled this book.

A.A. Chernov
June 2003, Huntsville, AL



Preface

The initiative and motivation for this book arose from the constructive discussion of one
of the editors with Dr. David Lockwood, who visited Singapore in 2001. One of the key
questions raised, which ultimately led to this book, was how the structure of the solid—
fluid interface could exert a direct impact on the formation of nano structures/phases. Of
course, as more sparkling ideas were adopted from our fellow colleagues, who construc-
tively contributed to the various chapters, the scope has been spun off far beyond this point.
Nevertheless, this remains as the theme of this book.

All of us have read about the vast potential inherent in nanotechnology and the ex-
citing impact it has in changing our lifestyle in the 21% century. One of the basic issues
confronting us is how to fabricate devices or materials on the nano scale. What is the basic
physics governing the formation of nano phases? How can biological systems inspire us to
formulate nano scale architectures, in the way nature has always done and continues to do?
These are two main areas of focus in this book.

The aim of this book is to take you to the root of these issues: the solid—fluid interfa-
cial structures and the basic interactions between nano particles determine the kinetics of
nano particles and formation of structures, and consequently the resulting structures and
functionalities of the nano particle systems and devices. By taking a fresh look at the novel
assembly and surface probing techologies from the global viewpoint of fundamental princi-
ples, the two volumes of this book allow us to zoom our focus from the macroscopic phase
to the nano structures within a broad spectrum of phenomena. Featuring contributions from
a number of international experts in the related fields, this book offers a comprehensive and
synergistic look into these challenging issues in tackling topics like theoretical modeling,
computer simulations, advanced surface probing and fabrication and interface character-
izations. The book also provides a link to the nanostructure engineering of some novel
materials playing an important role in advancing technologies in this field.

Volume I focuses on both the theoretical and experimental aspects of crystal surfaces
and solid—fluid interfacial structures, the effect of ordering and disordering of the interfa-
cial molecules on the kinetics of crystalline matter, and in particular on the nano crystalline
phase and the formation of self-organised nanofiber networks. Expertly written chapters ex-
pand the existing knowledge on surface/interfacial structures associated with bulk phases to
the micro/nano structural domain, presenting examples of the characterization and manip-
ulation of self-organized nano structures. The subject matter covers the principles and tech-
nologies concerning surface/interface structure formation and characterisation, nanophase
fabrication and biomineralisation.

Volume II is devoted to the assembly of bio-related nano structures and hybrid nano
materials and systems. The part on bio-related nanostructures focuses on the aggregation
and pattern formation of protein molecules, or biomaterials in the bulk and on the surface of
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designated substrates. The way to control the process of biomineralization, biological ma-
trices, hierachical structures and other bio-related materials by relying on robust methods,
such as templating, will also be treated in detail. Finally, innovative techniques to engineer
complex nano structures and similar systems such as molecular design and molecular self
assembly are highlighted.

The book covers a broad range of subjects relevant to nano/life sciences and technolo-
gies. Due to its fundamental nature, this book functions as a valuable resource for scientists
and engineers working in the related areas, as well as an important reference manual for
both scientists and graduate students in nano/life sciences, majoring in the design of nano
systems and related technologies.

X.Y. Liu
on behalfof the Editors
November 2003, Singapore
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1

Atomic scale modeling of the
solid-liquid interface

“Man masters Nature not by force but by understanding. That’s why science has
succeeded where magic failed; because it has looked for no spell to cast on Nature”.

Jacob Bronowski, “Science & Human Values”, 1956.

Michael R. Philpott*
Department of Materials Science, Building SIA, Room 02-10, Science Drive 4, National University
of Singapore, Lower Kent Ridge Road, Singapore 117543, Republic of Singapore

1.1. INTRODUCTION

The surface of Earth is seventy percent covered by water. The subject area of solid—
liquid interfaces is one with profound consequences from the weathering of the planet
surface to understanding the science that underpin important technologies like batteries,
metal plating and the crystallization of pharmaceuticals. In this review we will survey a
number of areas where atomic scale modeling of interface structure and dynamics con-
tinues to provide insight into mechanisms and processes that are scientifically significant,
technologically important, naturally occurring on a large scale, or just plain interesting.

This article is arranged as follows. We will first briefly survey the scope of atomic
scale modeling methodologies in general. Then we will move on to survey briefly some of
the science and technology areas where an understanding of the solid-liquid interface is
important. Then, drawing unabashedly on the authors’ research collaborations during the
1990s, this article illustrates a number of specific areas of solid—liquid interface science.
The examples chosen include: intermediate neglect of differential overlap (INDO) calcula-
tions of reaction pathways for metal ion dissolution, modified limited Car—Parinello (CP)
type calculations of metal dissolution, classical molecular dynamics (MD) simulations of
electric double layers at charged metal-aqueous electrolyte interfaces, and finally simple
modeling mineral surfaces in connection with speculations about the pre-biotic chemical
origins of primitive life.

The three main regimes of modeling materials and their interfaces can be categorized
as: atomic scale modeling, continuum modeling, and kinetic method modeling. Figure 1.1

*E-mail address: chmmp@nus.edu.sg
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Continuunm modeling

Kinetics modeling
Diffusion, migration, reaction
rates & yields, concentration
gradients

Mechanical properties,
field and current
distribution, stream lines,

concentration profiles,
micro-electronics &
packaging, composites

FIGURE 1.1. The three regimes of modeling used in the study of materials and their interfaces: atomic scale,
continuum scale and kinetic modeling.

depicts schematically the regimes. Atomic scale modeling is the subject of this review. It
includes all aspects of the electronic structure, chemical bonding and atomic motion. It
includes the recent arrival of graphic user interfaces (GUI) with sophisticated computer
codes that permit the researcher to build graphic pictures, like stick and ball models, to
visualize complex interfaces and apply chemical knowledge and intuition to either under-
stand or even predict chemical and physical phenomena. In continuum modeling all the
atomic details have been averaged out (e.g., when molecular electric polarization effects
are expressed as a dielectric constant) to simpler quantities at length and time scales that
are much larger than the size of individual atoms and molecules. In continuum systems the
emphasis is usually on modeling complex macroscopic geometry using finite grid methods
(FGM). The third basic regime involves the use of kinetics methods to follow time changes
in the composition arising from competing reactions or variations in temperature and pres-
sure. As already stated the main interest in this article is not with modeling in general, but
with a discussion of atomic scale modeling with as it turns out some emphasis on devel-
opments in molecular dynamics (MD). Space does not permit mention of all the work of
the outstanding group of investigators active in the fields covered by this article. This is
especially true of the electrochemical field where this author has worked most recently. For
these omissions the author offers a sincere apology.

Computing with personal computers (PCs) has become cheap. Moore’s “law” still op-
erates in CPU power and disk drive storage density (chip speed 2 GHz, information storage
density 50 Gbin~?). Though some fundamental physical limits are in sight (e.g., chip fea-
ture sizes around 20 nm, and the old bogy of the supra-paramagnetic limit in magnetic
information storage) the electronics industry still seems to find orders of magnitude with
which to assail each others products. These terrific advances in power and density, the
concomitant reduction in price of PCs and development of a lot of user-friendly software,
has made the old fashion kind of 1980s supercomputing affordable. Indeed the combina-
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tion of price, hardware advance and user-friendly software has put advanced atomic scale
modeling capabilities firmly in the hands of the masses in office and small laboratory envi-
ronments.

One comment in closing. It is sobering thought to remember that in our simulations,
sample sizes (with some notable exceptions) are still much closer to the zepto-mole (ca.
602 molecules) than atto-mole (ca. 602,486 molecules).

1.2. ATOMIC SCALE MODELING METHODOLOGY

There are several categories of tools for performing atomic scale modeling. The first are
the readily available computational chemistry and physics codes for calculating electronic
structure, for example the chemical bonding in molecules, covalent solids and metals. There
are excellent references and source materials available [1]. The second set consists of MD
codes for following the dynamic movement of atoms and molecules. There is also a set of
Monte Carlo (MC) codes for calculating molecular distributions for systems in thermody-
namic equilibrium. There is also an excellent book describing MD and MC simulations by
Frankel and Smit [2]. For a comprehensive coverage all the methods needed for materials
science calculations see the excellent review in Ohno et al. [3].

Since this review is about computer based modeling we will say next to nothing about
the classic statistical mechanics methods dating from the time of Boltzmann, and in more
modern times associated with the names of Kirkwood, Onsager, Rice and their students.
These tools use analytical potentials and the powerful methodology of statistical mechan-
ics methods to calculate experimental properties directly. These methods have been widely
used for many years in the analysis of specific problems. In solid-liquid interfaces they
include a large body of work connected to the structure of electrolyte solutions and electric
double layers. These statistical mechanics methods, though an important part of modern
modeling methods will not be discussed any further here. For the reader interested in elec-
trolyte systems we refer the reader to publications by Henderson and co-workers [4-8].

1.2.1. Calculations of electronic structure and chemical bonding

In recent years many electrochemists have taken advantage of the impressive range
of electronic structure codes available on workstations and PCs. The software for doing
quantum electronic structure (chemical bonding) and geometry optimizations has evolved
with the advent of easy to learn and use graphic user interfaces (GUI). Molecule structure
builders and optimizers are readily available with the user being able to choose the level of
computational sophistication. You do not have to know any Fortran, C*+ or use a slide rule.
Chemical energy accuracy is available for small clusters. Methods like complete neglect
of differential overlap (CNDO), which are fast, have always been good for ground state
geometries of organic molecules [1]. Gaussian is the method of choice for molecules [9].
Density functional theory methods are now available as a component of almost all the
commercial packages and can solve problems for larger systems because of their analytic
treatment of key aspects of electronic correlation [3,9,10]. Many university groups have
now packaged their research codes making them easier for the novice. Some like Wein 2K
and Crystal are very good for calculating the electronic properties of metals.
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1.2.1.1. INDO calculations Ab initio methods can be time-consuming in the study of
the electronic and spatial structure of a system containing hundreds of atoms. In order to
be able to study the metal dissolution and deposition in aqueous solution, in conjunction
with accurate ab initio methods, there is a need to do complementary research using, for
example, a semi-empirical quantum chemistry method. In some of the studies described
later in this chapter, extensive use was made of the INDO (intermediate neglect of differ-
ential overlap) [1]. The INDO method, which is a simplified semi-empirical version of the
Hartree—Fock formalism, provides a rapid method for exploring PE surfaces and is applica-
ble when the part of the PE surface of most interest is outside the solid (metal). This method
has been parameterized for several different systems including oxide, semi-conductor and
ferroelectric materials by Shluger et al. [11-13]. Though the INDO method is parameter
dependent, it has a parameter set which is more or less transferable for a group of chemical
constituents. In recent years the INDO method has been used extensively to study defects
in bulk crystals and on surfaces of many oxide materials and some semiconductor materi-
als [11-15].

1.2.2. Molecular dynamics and Monte Carlo methods

For those interested in reading a practical account for getting into modeling and simu-
lation there are many excellent texts available. The book by Frenkel and Smit [1] includes
a good set of references and includes some history. We continue with a brief comment
about the interaction of greatest importance in electrochemistry of solutions, namely elec-
trostatics. In three dimensions sums of interactions between ions ¢j¢2/r|2 are shape de-
pendent. Accordingly great care must be exercised when evaluating interactions between
point charges and dipoles. The shape of the volume being summed over is dictated by the
physics of the system. Several methods in common use have implied shapes that may be at
variance with the actual geometry of the system. The most obvious is a sum over a finite
radius sphere inside a thicker slab as when the electrolyte system is confined by two paral-
lel planar electrodes. This latter method will give the wrong answer including results that
ions of like charge can attract. There several mathematically acceptable methods including:
Ewald summation [16]; reaction field method [17]; fast multipole methods [18,19]; parti-
cle mesh [20]. Ohno et al. [21] have conveniently explained and summarized almost all the
methods in use.
1.2.2.1. Classical MD and MC In a MD simulation all the equations of motion for the de-
grees of freedom of the atoms (or molecules) are solved subject to the boundary conditions
on the entire system. Information about the trajectories is stored. For systems in thermody-
namic equilibrium the Monte Carlo method can be used because only the potential energy
function of the complete system is used to calculate time independent properties like the
molecular distribution functions. In practice MC is often combined in a hybrid scheme with
MD to improve the efficiency of the random moves of the atoms in the MC part. Typically
in MD the simulations are continued for one or two nanoseconds.

Quantum MD calculations are much more time consuming and have mostly been per-
formed on systems containing He atoms at low temperature (4 K) in the liquid state or
adsorbed on a surface [22]. Though this is a hot topic in low temperature physics, it has not
yet charged up many electrochemists. Accordingly we will not consider this important area
of physics any further here. In the case of a few isolated electronically excited molecules in
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a medium that is in the ground electronic state (examples are electronically excited solute,
or dye molecules adsorbed on a semiconductor electrode) can be modeled without resorting
to a quantum treatment of all species present. This is a much simpler problem than liquid
He.

In classical MD it is assumed that the interaction potentials acting amongst the atoms
are known (usually an analytical formula) and starting from a set of initial coordinates
and velocities the entire system is allowed to evolve. The evolution is governed by a set
of equations of motion and a specification of a thermostat. For example using Newton’s
equations simulations of electrochemical phenomena have substantial increased our appre-
ciation for how solvent and ions are distributed and how their motion is correlated amongst
themselves and near objects large and small including infinite planar surfaces (electrodes).
The main drawbacks are the short time length over which a simulation can be performed
and the low quality of the interatomic potentials. Pair potentials and the absence of elec-
tric polarization potentials limit the applicability. Improving on pair potentials by including
many body corrections is a difficult proposition unless there is some guiding physics (as
in metals). Electric polarization in molecular systems has some systematic methodology to
follow [23-25]. For example one can add dynamic charge variables to the Lagrangian or
introduce atomic polarizability terms and iterate the local electric filed to self-consistency.
Interfaces between condensed matter phases are important regions where induced fields are
important. It is important to use what every physical measurement is available. For systems
with an interface second harmonic generation provides an experimental test because the
signal is vanishingly small in regions with a center of symmetry.

Some of the earliest simulations were performed on liquid argon and liquid water.
The empirical potentials developed for the rare gases are generally acknowledged as the
best available. John Barker who was first to develop accurate potentials for the rare gases
also showed that the surface tension of argon could be calculated to within about 10%
of the experimental value when the Axilrod—Teller triple dipole many body interaction
was included [26]. Calculations of liquid water surface tension over a wide e range of
temperatures have been reported by Tildesley et al. [27,28]. The results obtained seem
remarkably good considering the simplicity of the model and the effort required to calculate
a value for the surface tension that is in reasonable agreement with experiment for liquids
Ne, A, Kr and Xe.

For water there are about one dozen different empirical models used to simulate the
properties of the bulk liquid at room temperature and pressure. These models are used
for simulations all the way from crystal hydrates and clathrates to electric double lay-
ers surrounding bio-macro-molecules. Ambitious attempts to improve on empirical po-
tentials by fitting to the results of electric fields obtained from ab initio quantum chem-
istry calculations have often not resulted in a patently superior model for the condensed
phase properties. Part of the problem is our inability to systematically devise good many
body potentials for molecules that are not spherical. The pair potential models opti-
mized for bulk properties like a given dielectric constant value or for diffusion do not
include enough flexibility to predict good values of the surface tension except as noted
above.

In general in classical MD the potentials used do not allow chemical bond breaking.
The electrons are not considered explicitly unless there is a dynamic charge in the La-
grangian or an explicit atomic or molecular electronic polarization potential term. There
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are a couple of interesting exceptions like the Stillinger—David potential for ionizable wa-
ter [29] and the improvements made by Halley and Rustad [30,31]. The classical mechanics
method has been applied to studying the statistical properties of numerous molecular sys-
tems. None of this work would be possible without the use of computers. Nowadays MD
and MC simulations are part of laboratory packages and should be viewed as another tool
to help the investigator gain understanding and insight and solve the problem at hand. For
each set of potentials there is a hypothetical materials world in which all the nuclei fol-
low the force law based on the input potential. How good the result is depends almost
solely on the accuracy of the assumed analytic potential to reproduce natural phenom-
ena.

1.2.2.2. Bond order potentials and “reactive” MD In the 1980s a new set of potentials
was devised. For convenience we will call the dynamics using this type of potential “bond
order MD”. The bond order potentials were originally devised by Tersoff to describe co-
valently bonded solids like silicon, germanium and diamond carbon [32]. Later a set of
potentials specialized to C and H containing materials was developed by Brenner, which
included the two-atom bond stretching, three-atom angle bending and four-atom chain tor-
sions [33]. Notable work on another set of potentials has been developed by the Oxford
Group of Pettifor [34]. These potentials are superior to Brenner and can account for sig-
nificant organic chemistry due to a more fundamental approach. Consequently it is able to
accommodate aspects due to unpaired electrons (radicals) and resonance stabilization of &
bonds.

The basic form of the bond order potential is:

Ebonds = % ZEi = ZZ [VR(rij) — Bjj VA(rij)]»

where the labels i and j run over all atoms in the system. The components Vg and V5
are repulsive and attractive Morse-like potentials multiplied by a cut-off function f;; (r;;).
These latter functions are chosen to be differentiable and to restrict the potential nearest
neighbor atom pairs. This combination of two Morse functions mimics what happens as
the bond is stretched to the homolytic breaking point. The bond orderfunction B;; is a
nonlinear function of atomic positions. It carries the dependence on well-understood mole-
cular properties like such as: the angles between chemical bonds and the torsional angles
along chains of bonds.

Notable recent developments include extending the potentials other atoms (rare gas
atoms, fluorine, nitrogen, oxygen, silicon) and adding terms to the potential that extend
its range to account for non bonded interactions like van der Waals interactions. The po-
tentials are analytic functions and so the bond order MD describes an imaginary world
of hydrocarbon chemistry that through careful parameterization to the physical proper-
ties of real molecules reproduces most if not all vibration and bonding characteristics
(closed shell all electrons paired, but not radicals or unbonded lone pairs) molecules
with sp3, sp2 and sp1 bonding. An extended set of bond order potentials for the atoms
C, H, N, O, S and P would open up the possibility of doing MD simulations includ-
ing reactions in organic and biochemical materials without the need to explicitly include
any of the electrons involved. All the reactions would have to occur on the ground elec-
tronic state surface. Because the bond order potentials contain no explicit reference to
the electronic degrees of freedom the computational cost of performing bond order MD



ATOMIC SCALE MODELING OF THE SOLID-LIQUID INTERFACE 7

is much smaller than the cost of explicitly including the electrons involved in the chem-
istry.

1.2.2.3. Car—Parrinello MD Most of the difficulties experienced in performing MD sim-
ulations are due to the use of empirical potentials (especially pair potentials) that only
poorly represent the complex many body forces acting amongst atoms. In the condensed
phase these forces are intrinsically many bodied because they are dependent on the local
environment around each atom. The use of empirical potentials is completely avoided in
the third quite possibly the most important molecular dynamics method yet devised. In
1985 a method was proposed by Car and Parrinello that combined DFT and MD [35]. This
method introduced a new paradigm. In the Car—Parrinello MD scheme the effective poten-
tials determining the forces acting on individual atomic nuclei are found simultaneously
using DFT calculations for the electron density and classical mechanics for the atomic nu-
clei. Space does not permit any but a very brief description. There is a good account by
in the article by Remler and Madden [35] and Ohno et al. [3]. The hang up prior to 1985
was the Born—Oppenheimer (BO) viewpoint [16]. The BO scheme was developed for finite
molecules with widely separated electronic potential energy surfaces. In the BO method the
electronic state wave function is first calculated with the atomic nuclei in fixed positions. So
the electronic wave function depends parametrically on nuclear coordinates. The potential
energy surface on which the nuclei move is calculated from a sparse linear combination of
electronic state functions. For a material with a highly degenerate set of electronic ground
states like liquid or solid metals and semiconductors the BO approach cannot work be-
cause the electronic spatial structure changes as the atomic nuclei move. The brilliance of
the CP method was the simple methodology (electron functions as dynamical parameters),
by passing the issues provoked by the BO separation.

The Car—Parrinello MD method has been developed extensively and the code has be-
come widely available. Applications to all types of materials and their combinations have
been reported. For electrochemistry these include all the important problems: bulk water,
ionic solutions, water on oxide surfaces, and water between metal electrodes [37—41]. The
main draw back is the limitation to small system size and short simulation times. The use
of the massively expensive hardware referred to earlier alleviates this problem for some
groups. Another strategy is to extend the time scale by placing some constraints on the
nuclear or electronic motion in order to reduce the computational burden.

Recently our group in Singapore developed the notion of chemistry in a box MD, a
modification of the Car—Parrinello MD scheme useful in systems where all the electrons
involved in the chemistry are localized. All the molecules of the surroundings not involved
in the chemistry are treated by classical MD using empirical potentials [42,43]. Though
this is a departure from the spirit of the Car—Parrinello MD it does have a pragmatic twist
in that simulation times of several tens of picoseconds are reachable on a single processor
workstation.
1.2.2.4. Improvements in MD methods Some of the problems besetting MD methods
have been mentioned in passing. Larger system size can be achieved by parallel computer
systems. In longer time scales can be achieved in some dynamical systems. For example
Voter [44,45] has described two schemes that applicable to diffusion of atoms on surfaces
that give an order of magnitude extension in time range. In summary the issues are elec-
trostatics, time scales, balanced sets of potentials, and the development of time dependent
methods for incorporating localized excited electronic states.
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1.3. MECHANISMS AT THE SOLID-LIQUID INTERFACE

1.3.1. Introduction

In this section we conduct a limited survey of some of the basic or fundamental prob-
lems in solid-liquid interfaces with a focus on electrochemistry and comments on how the-
ory, modeling and simulation can lead to improved insight and understanding. We start by
asking the question: “What is fundamental?” The fundamental structures or mechanisms in
any area of science are here defined to be those that impact large conceptual areas. On this
basis a prioritized list of basic problems for an area like electrochemistry would read as fol-
lows: water > water and ions > electrons > protons > ions at interfaces > catalysis >
etc. This is a prioritized list. Since a lot of interfaces support electrochemistry this list
should have a broad relevance. Of course this list is not necessarily one of what is currently
most exciting. We often work in areas where progress can be measured and excitement or
interest from peer groups is substantial. Water is a case in point. Understanding the prop-
erties and dynamics of water is an important endeavor but it currently lacks the attention
and excitement found in other fields like for example nanotubes. However we just do not
know enough about water or ionic solutions. In calculations the engineers get around this
problem by using “steam tables”, numerical tabulation of aqueous electrolyte properties.
The models used in statistical mechanics calculations are designed for specific scenarios.
The hydrogen bond in water and biological systems is poorly understood. The bond is weak
and there have been very few experiments able to probe electron distribution and direction-
ality [46]. In the prioritized list, electrons come after water and solutions. Electron transfer
processes pervade much of electrochemistry and the description by Marcus theory [47,48]
is very widely applied to interpreting experiments. Detailed time dependent understanding
requires a quantum theory. For protons there is debate over whether it is ever sufficient to
treat their dynamics by classical mechanics provided the potential surface is determined by
a quantum electronic calculation.

Processes involving ionic adsorption or dissolution are in the fundamental class be-
cause metal dissolution—deposition and oxide formation are basic to major technologies
and understanding them better would perhaps resolve some of the complex issues in plat-
ing and planarization in computer chip manufacturing. Catalysis is a basic issue to cost
efficient chemical production, chemical product range and fuel cell development.

Having made broad comments on the basic or fundamental phenomenological areas of
electrochemistry we turn now to a slightly more detailed look at areas in terms of physical,
chemical and device related aspects. There are many problems that do not specifically
involve electron or proton transfer. These physical problems are ones where considerable
understanding already exists as a result of clever experimentation, or analytic model theory
or fairly simple computation and simulation. The best known of these are the venerated
Debye-Hiickel theory of electrolyte solutions [49] and the older Gouy—Chapman theory of
electric double layers [50].

1.3.2. Debye—Hiickel theory of ion solvation and electric charge screening

Theory and computer simulation have revealed details of the inner structure of the first
solvation shell. In particular distortion of the solvent molecule geometry and polarization,
especially for high valence, in simple closed shell ions like AI3* and transition metal ions
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involved in outer or inner sphere electron transfer reaction as in the Fe?t—Fe3t redox
reaction [51]. The Car—Parrinello MD method has been applied to several highly charged
cations and details of water geometric distortions examined [37-40]. Also exchange of
molecules in solvation shells is an important experimentally measurable quantity using
modern NMR. The continuation from this inner zone aspect of hydration into the longer
ranged effects that give rise to shielding of the electric field by the dielectric constant of
the solvent is poorly understood. In some geometrically well-defined systems like a pair
of charged impurities in a crystal this problem has been solved formally by Mahan and
Mazo [52]. Over many years the analytical work of Henderson and coworkers [4-8] on
solutions is of great important in providing a foundation from which to build more intricate
models with properties mentioned above.

1.3.3. Theory of electric double layers and the structure of the inner layer

The Gouy—Chapman theory of electric double layer screening of charged electrodes
preceded Debye’s historically later work on spherical ions. There are seminal experimen-
tal and theoretical papers that provide a wealth of detail (see for example Grahame [53]
and Bockris [54]). The main difficulty is the extreme complexity of including metal, ions
and water molecules in the same calculation. There are no good empirical potentials that
measure up the range of forces involved and no statistical theories or methodologies that
can handle the large range of time scales. Another area of difficulty is in whether to use
constant surface charge in calculations or a constant electrode potential. Simulations that
address this issue are described in a later section. Most theoretical calculations use sur-
faces with constant charge. However this is not what experimentalists do in the laboratory.
They almost always work at a chosen value of the external potential. Constant potential
implies fluctuating electronic charge on the metal. This problem can be solved and com-
puted in classical statistical mechanics. However in a quantum mechanical treatment it
means that the number of metal electrons is not a constant of the motion. This problem
has not been rigorously solved for applications useful to electrochemical simulations. Cur-
rently the most sophisticated treatment is in the study of electron currents flowing through
nano-wires. There the formulation is in terms of scattering theory methods.

Structure of the inner part of the double layer (Stern layer). There have been very beau-
tiful experimental studies of adsorption of ions and neutrals on metal and semi-conductor
electrode surfaces. The application of in situ STM and AFM has revolutionized the experi-
mental fields and created whole new subfields. The challenges for the theorist in the face of
all this new and very exciting experimental work is immense even some what over whelm-
ing: 1) metal and semiconductor substrates, their adions and reconstruction, ii) charged
and neutral adsorbates, electro-adsorption valence, iii) contact inner layer adsorbed solvent
structure, and iv) contact adsorbed hydrated ions.

Classical MD has studied some of these problems. For example an intact double
layer consisting of Stern layer and outer layer has been simulated. The system was suf-
ficiently large that the bulk electrolyte region was clearly identifiable [55-57]. Simulations
at medium salt concentration (0.1 M) where the entire double layer extends 10 nm or more
are challenging because of system size.
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1.3.4. Deposition and dissolution of noble metals

The deposition and dissolution of metal on substrates is a subject with a very long
history. It is a basic process of a host of electro-chemical phenomena that lie at the heart
of many current and emerging technologies. For example it is an important step in mi-
croelectronics materials processing, electroplating, electro-crystallization, battery action,
corrosion, and the electrochemical restructuring of surfaces using scanning probes [58,59].
This is an area of immense scientific and technological importance. From corrosion pro-
tection plating of chrome, to cosmetic plating ofjewelry to the low cost electroless plating
of micro-electronics circuitry, a better understanding of the basic chemical mechanisms
involved in metal deposition and dissolution is an immensely important subject. The con-
tinuing work of Kolb [58,59] on the underpotential deposition and metal deposition from
probes exemplifies some of the fine experimental work in progress. The recent book by
Budevski ef al. [60] has summarizes the traditional viewpoint quite well. Movement of
adions from kink sites onto terraces and then into solution is a computational grand chal-
lenge by almost any measure. The solvent stabilizes the cation, but it does not decompose
as with alkali and alkaline earth metals for example. However the composition of the sup-
porting electrolyte influences the reaction path as shown in the beautiful experiments by
Magusson and Behm in which STM experiments of copper metal dissolution in halide and
sulphate media were followed [61].

The dissolution appears to involve the following steps:

e Metals dissolve in presence of halide in the aqueous sub-phase.

o When the electrode is under potentio-static control electrode the surface charge fluc-
tuates as ions and water molecules move to and from the electrode.

Metal atoms that leave the surface are ad-atoms.

Ad-atoms leave the surface when they are positively charged.

Ad-atoms leave the surface when a solvent cage exists ready to accept them.

Accordingly we can think of the process of metal dissolution or deposition as involving
three steps: diffusion and aggregation processes on the metal surface; act of metal atom
transitioning on or off the surface; dynamical processes occurring in the aqueous electrolyte
phase close to metal surface.

The long time interest is in the chemistry of technologically useful metals like: Cu, Ag,
Au, Pt, Ni... etc. Especially we are interested in conditions where the potentio-statically
controlled deposition of Cu on single crystal Cu metal, or ordered monolayers and bilayers
of Cu or Ag deposited at under potentially deposited condition on Au metal [58,59].

The following effects play a role in the metal dissolution/deposition process: i) dif-
fusion of atoms from kink to step edge to terrace site, ii) terrace to bridge to top site,
iii) electric charge fluctuation on the surface including that induced by anions approaching
close to or even contact adsorbing on the surface, iv) solvent fluctuation at the adatom site,
and v) chemical complexation of metal ions by halide or pseudo-halide ions [61].

The primary source of adatoms are terrace edge kink sites [60]. First the atom moves
to an edge site, then leaves the edge for the terrace as a diffusing adatom. Finally it “hops”
into solution. Little has been discussed about how the electric charge varies as the metal
atoms move about on the surface or as they leave (or arrive) the surface from the solution
phase. Dissolution occurs faster at larger positive potentials due to lowering of the Fermi
level. It is known that over potentials exist so that for metals like Cu on Au the first and
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second monolayers deposit at different potentials to the bulk. It is known that dissolution
of transition metals requires the presence halide ions. This effect could be due to anion-
induced surface or to the formation of specific chemical complexes [61].

1.3.5. Battery

In the last few years there has been considerable activity in the use of quantum calcu-
lations of the electronic structure of Li ion battery materials and other rocking chair battery
systems. Using modern DFT codes that predict the band structure of metals it has been
able to predict the theoretical voltage of battery electrode materials. This gives rise to the
possibility of performing survey calculations of new electrode materials in order to speed
the search for higher voltage materials [62,65]. There has also been exploratory work on
mechanisms of phase transitions as either Li ions are depleted of stored. Previously there
has been interest in how and where Li ions are stored in graphite. Clearly then in the area
of Li ion battery theory, modeling and simulation has a lot to offer. The theoretical battery
potential can be calculated from the computed solid state quantum electronic ground state
energy difference with another intercalation system. This could be Li/graphite. In princi-
ple theory provides an alternative to laboratory screening of new materials free of sample
size, shape and purity issues. The intercalation of metal and other species into graphite
has been studied using quantum chemistry cluster models. Issues concerning the electronic
structure and possible phase transitions in the cathode materials like LiyCoQy, provide
unprecedented insights and reinforce the conceptual foundation for materials development.

The motion of Li ions in and out of both electrodes presumably affects the kinetics
and ability of the battery system to deliver power. Currently ideas about these processes
are somewhat primitive and certainly are not at the same level of sophistication found in
electric double layer studies. The existence of a thick heterogeneous layer of products that
accumulate on the graphite and Li,CoO4 grains during battery assemble and filling or dur-
ing the first few cycles of operation are also important. There have been several intriguing
calculations of the dynamics and structure of Li ions in polymer electrolyte systems [66].

1.3.6. Mineral surfaces and pre-biotic chemistry

There are a multitude of scenarios for how life may have got started about four giga
years ago (Gya). These scenarios have involved ocean, atmosphere, ocean and atmosphere,
multiple origins in time, a start in two-dimensions on or inside various mineral materials,
and even seeding from an extraterrestrial sources. The hypotheses involving the oceans
have been the strongest favorites. Now there are several new serious contenders that postu-
late that life got ajumpstart on mineral surfaces. Several groups: Wichtershiuser [67-69],
Corliss [70], Russell, Cairns-Smith and Hall [71-73], have elaborated on how life started
on mineral surfaces. The hypothesis that is best developed in terms internal connectivity
from surface adsorbates all the way to metabolizing systems is described in the series of
papers published by Wichtershiduser [67-69]. As is to be expected when new and auda-
cious ideas are proposed, there has been plenty of criticism from the supporters of the
ocean-soup theories. The interest here from the perspective of this review, is that 4 Gya the
mineral surface had a pivotal role as reactant reservoir, general substrate, enthalpy source,
catalyst and product repository. It did not matter if some processes were poorly catalysed,
because at the time this was the only show in town.
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The hypothesis of Wichtershéduser is as follows. Early life was chemautotrophic not
heterotrophic. Organic molecules were built by a series of reactions. The beginning could
be a reaction involving CO», H3S and FeS to simple organics on surfaces with the mineral
iron pyrite FeS; being one of reaction products. Enthalpic drivers like pyrite formation lead
to more complex organics that organised into surface metabolic systems drawing feed stock
from a environment streaming past the surface localized metabolizer. From here it could
be a ‘short’ step through a set of anabolic pathways to a cycle with all the attributes of
a reverse Krebs cycle. This new system would synthesis complex biochemical molecules
like membrane molecules and coenzymes that would work with the catalytic centres on
the mineral. Eventually catalysis on surfaces would be superseded by catalysis on proteins
surfaces. Fine tuning the peptide bond would necessitate the development of precursors to
RNA. A more complete description can be found in the papers by Wiachtershiuser [67-69].
There are however numerous significant problems and challenges. The proposed enthalpy
source has to be qualified and alternative delineated, reaction partners identified and re-
action determined. Finally there has to be experimental verification. Some of the current
problems are for example: whether suitable ionic surfaces are stable on pyrite FeSa, the
possibly marginally low value of the mineral formation enthalpy in relation to the free en-
ergies of formation of simple organics [74-77]. In addition conditions on the early Earthly
were extreme, knowledge of the effect on the reactions at the solid—fluid interface of high
flow rate, high temperature and high pressure on all the proposed processes has to be un-
derstood. We refer the reader to more comments and discussion in a later section. In closing
we point out that this is a fabulous multi-disciplinary solid—liquid interface area for new
experimental and theoretical work.

1.4. TOPICS IN SOLID-LIQUID INTERFACE MODELING

In this section we discuss the results of a variety of methods of exploring interfaces. The
example all have a strong electrochemical flavor. They involve semi-empirical quantum
chemistry cluster calculations, classical MD, modified Car—Parrinello MD and ‘simple’
stick and ball modeling. All the examples considered are taken from most published and
little unpublished work of the author and his collaborators.

1.4.1. Metal dissolution

The semi-empirical quantum chemistry cluster method INDO described in a previous
section has been used to study how an atom on a metal surface converts into an ion in a
solvent cage close to the surface. In these calculations the metal is represented as a finite
cluster with a cage of fixed solvent molecules above the (001) surface. An atom is moved
from the surface into the cage and the total electronic potential energy of the system is
calculated with the atom position as a parameter.

The following represents an approximate summary of what is relevant to the subject as
well as comments on what should be studied theoretically.

1. Metal surfaces are covered with a weakly chemisorbed water layer that may be
H-bonded in an ice like structure involving a second layer of water. Geometric com-
patibility of these layers with a low index surface which also has the role of template
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as in epitaxial grown systems is likely to be the key effect. Surface planes like (111)
may be better than (001) surfaces in this regard provided the surface cell lattice
parameters are in the right size range. Therefore it is important to understand not
only the surface bonding of one molecule but also that of small water clusters. The
first calculation is well posed because all quantum chemistry calculations show that
the top site has the strongest binding. These calculations also indicate that water is
tilted so that the angle between the surface normal and molecular plane is about 70
degrees. In practice we need to determine the well depth and geometry for at least
one top site adsorbed water molecule. In principle it is also important to examine
whole monolayers of adsorbed water because there is a possibility of a collective
interaction involving partial charge transfer between water layer and metal surface
that could change the surface electronic density of states.

2. The binding curve for removal of one atom either from a surface plane site or from
an adatom site is important for determining the relative stability of these two very
different types of site.

3. The binding curve for removal of one atom in the presence of a water cage is im-
portant in order to determine the effect of solvent in stabilizing the charged ion over
the neutral atom. The size, shape and number of water molecules in the cluster com-
prising the cage have importance. Some possible water cages of different shape and
size are: tetrahedron, four square planar pyramid, and square bi-pyramid. Typically
one water molecule can provide up to 0.5 eV of stabilization to an ion over the
corresponding neutral atom.

4. Important additional stabilization is provided by a halide ion located in the vicinity
of the departing ion. This can be studied in terms of the binding curve for removal
of one atom as an ion in a water cage and a polarizing ion pair with anion above the
separated atom is important to determine the effect of halide in localizing positive
surface around the separating atom and assist its transition to a cation.

In a separate study large clusters with 100 atoms or more were examined in order
to build a more consistent model of dissolution/deposition. The largest clusters with 101
atoms had features corresponding to the following sites: kink, step edge, hollow, bridge
and top site. For simplicity the metal atoms were modeled using the pseudo-potential for
Li, which is a soft metal with small work function. This is a great convenience in order
to perform fast calculations on large clusters. The interest was not in quantitative accuracy
or in the chemical reactivity between this metal and water. The focus was on qualitative
features of a model that define or control the path followed by ions arriving or departing
the surface. The cluster consisted of a given number of body centered unit cells. All the
atoms in the cluster except one were kept fixed at lattice positions corresponding to the
3D crystal. To trace out the PE surface for dissolution, calculations were performed in
which a metal atom (ion) was moved along a cluster symmetry axis perpendicular to a low
index plane like (100). Fitting them to the results of ab initio calculations and available
experimental data optimized INDO parameters for Li, O, and H. Explicit information can
be found in several research publications [78-80].
1.4.1.1. Atom from the surface (100) plane: tetrahedral solvent cage ~We performed com-
parative calculations for the binding energy of Li atom to 35 atom Li cluster located in the
middle of the Li (100) surface. In order to estimate Li atom binding energies numerically
we first pulled out middle Li atom from (100) surface in [100] direction. INDO calcula-
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FIGURE 1.2. The electronic potential energy curves calculated using the INDO method for a cluster Mas of
thirty five metal atoms. In each case a metal atom from the central top surface plane is moved along the z axis
normal. Curve 1 is for cluster in vacuum when an atom is removed. Curve 2 is for the case of a tetrahedral cage
of four water molecules located above the surface plane. The difference from curve 1 is due to water molecule
stabilization. Curve 3 is the potential energy curve when a chloride ion CI7 is located on the z axis above the
central atom site at a distance of 15 au and a NaT ion is located below the cluster on the corresponding negative
Z axis at -5 au.

tions reveal Li atom binding energy for this case to be approximately 2.13 eV. According
the calculations, the binding energy for corner Li atom pulled out in [111] direction from
the same 35 Li atom cluster into vacuum is approximately 1.17 eV. These results are con-
sistent with according our results Li surface atom are more strongly bound to the cluster in
[100] direction as compared to the Li 35 atom cluster corner atom in[111]direction.
Figure 1.2 shows the PE curves for M35 cluster. For each case the central M atom is
removed along z. Curve 1 is for cluster in vacuum where an atom is removed. Curve 2 is
for case where a tetrahedral water cage is located above the lattice atom site, and the shift is
due to water stabilization. Curve 3 is the PE curve when a chloride ion CI™ is located on the
z-axis above the central atom site at a distance of 0.7 nm (15.4 au). Simultaneously a Na*
ion is located below the cluster on the negative portion of the z-axis. Next a cage of four
water molecules at the corners of a tetrahedron was placed face down (three waters parallel
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FIGURE 1.3. The electronic potential energy curves calculated using the INDO method for a cluster Mgz of
sixty three metal atoms. In this case the surface atom starts at an adatom 4H site on the cluster (001) surface. The
solvent cage consists of five water molecules located at the apices of a square pyramid. The three curves are for
the same three cases described in Figure 1.2.

to (001)) and one apical water on the axis furthest away from the surface. The PE curve
was calculated for the same range of distance forms the surface plane. This is a good test of
how water molecules can stabilize a departing species as an ion instead of an atom. Finally
a chloride ion is placed above the surface and a sodium ion placed behind the cluster, both
ions on the symmetry axis. The chloride ion simulates the presence of halide ion near the
surface and the sodium ion insures charge neutrality in the entire system.

Figure 1.3 shows three PE curves and the arrangement of atoms metal cluster, water
cage and sodium and chloride ions on the four-fold axis on either side of the water metal-
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cluster. In reality the sodium ion is at zy,+ at about —0.7 nm (actually —15.40 au) outside
the frame of the figure. It was moved closer for convenience of making a smaller graphics
picture. The chloride ion was located at about z¢- = 0.7 nm (actually 15.40 au) above the
(100) surface of Li cluster. INDO results reveal binding energy of Li atom to the 63-atom
cluster in the vacuum equal to 2.13 eV. The 1.3 eV high-energy barrier hinders Li cluster
dissolution in water, while our calculations predict the possibility to dissolve Li cluster in
water in the presence of electrolyte Na™ and Cl~ ions. In addition we also calculated the
transfer and distribution of charge on Li and water molecules of the cage. These results
showed how polarization charge flowed within the solvated ion as it moves away from the
surface. There was some indication of charge transfer to the water molecules of the cage.

1.4.2. Metal clusters in aqueous solution

In the condensed phase interatomic forces are intrinsically many bodied because they
depend on the environment around each atom. The use of empirical potentials is avoided
completely in a brilliantly straightforward approach that that combines density functional
theory (DFT) with MD in the Car—Parrinello approach [35]. The effective potentials deter-
mining the forces acting on individual atomic nuclei are found simultaneously using DFT
for the electron density and classical mechanics for the atomic nuclei. Applications to all
types of materials and their combinations have been reported. However there is a consid-
erable cost in computer time in this methodology. Typically only a few picoseconds to a
few tens of picoseconds of MD simulation time can be followed. Fortunately a lot of es-
sential science can begin and end in this time frame. In electrochemistry applications these
include: bulk water, ionic solutions, water on oxide surfaces, and water between metal
electrodes. Because the electronic part of the simulation is very compute time intensive
the calculations have been performed only on systems with small numbers of electrons for
short times of the order of a pico-second.

Our strategy to extend the time scale in Car—Parrinello MD places some constraints on
the nuclear or electronic motion to reduce the computational time. We call this chemistry in
a box MD, a modification of the Car—Parrinello MD scheme useful when all the electrons
involved in the chemistry are localized, and when there are molecules in the surroundings
not involved in the chemistry that can be treated using empirical potentials [42,43]. This
is a departure from the spirit of CP MD, but it does have the practical consequence that
simulation times of tens of pico seconds are accessible on a single processor workstation.

In this paper a cube shaped cluster of thirty-five one-electron atoms was surrounded
by aqueous electrolyte (NaCl) in the SPC/E model [81]. For computational simplicity the
atoms were taken to be Li atoms (sp-bonded metal). The dynamics of one cluster surface
ion was considered with all other cluster ions at fixed sites. Non-local norm conserving
Bachelet-Hamann—Schluter (BHS) pseudo-potential approximations were used [82]. The
water molecules and ions comprising the electrolyte that surrounds the metal, are treated as
objects obeying the laws of classical mechanics. As it was demonstrated on this model the
developed simulation approach enables to extent simulation times to large time scale keep-
ing fairly good accuracy in representation of metal electronic structure. With this approach
it is already possible to collect reliable thermodynamic data, and study such relatively large
time scale events as formation of hydration shell, etc. Not all issues of dissolution and de-
position can be addressed by the present scheme.
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FIGURE 14. Snap shot configuration of a modified Car-Parrinello molecular dynamics simulation of a small
metal cluster surrounded by aqueous electrolyte. The small wire frame box depicts the electronic box containing
a 35 atom metal cluster. The large wire frame defines the molecular dynamics box containing aqueous electrolyte
surrounding the cluster. In the simulation the electronic structure of the cluster is computed as the dynamics
simulation of the entire system evolves.

Figure 1.4 shows the dynamical system. There are two “boxes”. All the electrons of
the metal cluster are confined to a cubical box of edge length Le (“electronic box”). The
electronic wave functions set zero on the box and outside of this box by expanding its into
plane wave basis which satisfies zero boundary conditions on the box walls. Introducing
of zero boundary conditions is reasonable because the charge density goes to zero outside
the cluster sharply. There is no periodic boundary condition imposed on the system. In
general in our calculation scheme to achieve good accuracy a size of a box can be chosen
to only ensure that walls fall in the region where valence charge density is close to zero.
The entire system was enclosed in a larger cubical box with edge length Lyp with repul-
sive walls (MD box). We followed Car—Parinello scheme in LD and BHS pseudo-potential
approximations to simulate dynamics of electronic structure of cluster. To extend the MD
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simulation to larger time scales the Car—Parinello dynamics for valence electronic func-
tions was performed in the basis of lowest energy Kohn—Sham orbitals with some specific
predetermined number in the set. These Kohn—Sham orbitals were calculated for a refer-
ence geometry chosen to be the one of an ideal cluster in vacuum in the special plane wave
basis.

The equations of motion of the system were integrated in multi-scale MD fashion. The
equations for motion of the electrolyte were integrated with a time step around 1.5 fs, while
the equation for charge density and metal ion motion integrated with a time step 0.5 fs. The
constant temperature 298 K was maintained using an Anderson thermostat [83,84].

We were able to calculate the potential of mean force (PMF) curve for the metal, which
governs the dissolution event. The other part of our simulation was concerned with the
structure of solvation of the metal ion during the “dissolution” event. The development of
the solvation shell structure was studied in this part of simulation. The formation of solva-
tion shell naturally correlates with shape of the PMF curve. The solvation shell forms as a
result of the interaction of the water with both ionic core of the cluster and the charge den-
sity of the cluster. These calculations required the collection of statistical data for periods
of several tens ps. This was the clear advantage of our technique.

Figure 1.4 shows a metal cluster immersed in a 2 M salt solution. The snap shot of the
cluster and molecules illustrates two features of the method. A small frame box around the
cluster confines the DFT electronic calculation and the larger frame box the confines the
MD calculation.

Figure 1.5 shows on the plot of the radial distribution function g(r) of water around
the ion and the solvation number function n(r) with a plateau at n(r) equal to four. The
radial distribution function g(r) and the hydration number n(r), the integral of g(r), were
calculated for the ion fixed at d = 0.0, 4.0, and 8.0 au. These separations correspond re-
spectively to the cases of the ion in the equilibrium position in the cluster, in the transition
state to physically absorbed state, and almost in the bulk solute. These radial distribution
functions have a large error bar because of a limited time of data collection, the geometry
of the system, and the presence of freely moving solute ions. However, the first peak of
the radial distribution function we were mainly interested usually formed in first 5 ps of
simulation time. When ion was in the equilibrium position in the cluster first hydration
shell was formed from one molecule. This water molecule spent most of the time on top
of the ion. The first change in the slope of free energy curve occurred at 2.0 au and this
corresponds to the Lennard—Jones interaction between the Li™ ion and the water molecule
on top. The transition to a fully hydrated ion occurs when there are four water molecules in
the first hydration shell. The average coordination number for Li* ion in bulk SPC/E water
is 4.1 [85]. Our preliminary simulations showed that the first hydration shell becomes ac-
tually completed (running integration number changed from three to four molecules) in the
vicinity of the transition state. The first solvation shell progressively added water molecule
from one at d = 0.0 au to 4-5 at d = 8 au. The metal ion then appeared fully hydrated
because the second hydration shell had a well-defined second peak at 7.5 au in the radial
distribution function. When the Li* ion was in the bulk solvent region (d = 8 au) the first
solvation shell comprised of five, occasionally of four molecules. In Figure 1.5 (bottom
panel at 8.0 au) showed a second peak in the radial distribution function also consistent
with bulk solution environment.

The proposed approach to simulate a changing in the electronic structure of metals has
some promise. It could be easily extended to the periodic systems like infinite metal slabs in
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FIGURE 1.5. Evolution of the hydration shell of the metal ion with distance d from surface. Radial distribution
function g(r) and corresponding running integration number n(r) for Li* ion separated by a distance d from the
cluster surface plane.

contact with an electrolyte. We see another possible area of applications of developed nu-
merical technique that goes beyond metal—electrolyte interface. It could be applied to study
dissociation of single molecules like alkali halides in the water solute when a changing in
the electronic structure of system before and after formation of ionic pair is not crucial and
seems to be well approximated by proposed above formalism. In addition we also have
performed the MD simulation for adatom placed on the surface of cluster of cubic shape
formed from 91 atoms. The adatom is more weakly bound than the surface atom and since
it protrudes into the electrolyte has a higher degree of solvation.

1.4.3. Molecular dynamics simulations of electric double layers

For systems where the independent units (atoms or molecules) only interact weakly it
is possible to represent the potential as a sum of atomic pair potentials, for example the
Lennard—Jones 12-6 potential. When the form of the potential energy function is known,
the problem reduces to solving the set of Newton equations. There is one equation for each
degree of freedom, so in a typical simulation with thousands N of atoms there will be 3N
equations of motion to solve. This huge set of coupled equations is solved by numerical
integration using very small time steps, typically 0.5 to 2 fs (1 fs = 10~'3 seconds). The
force acting on any atom is found by differentiating the potential energy function with
respect to the coordinate of the atom.
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1.4.3.1. Aqueous electrolyte film between metal plates: constant field vs. constant charge
There has been a lot of interest in studying the structure and dynamics of the electric
double layers in their thermodynamically stable regime. Pioneers in the MD simulation
field have been Heinzinger and Spohr [86-91], Guidelli [92], Halley [93], Sprik [94,95],
Berowitz [96] and Benjamin [97]. Glosli and Philpott [S5-57] have studied electrochemical
systems at constant N, V, T and either constant electric potential or constant surface charge
(you cannot have both) in order to model electric double layers of 1:1 electrolytes between
charged metal plates. These simulations were carried out with velocity scaling to keep the
temperature constant. The integration time step was 2 fs. All electric fields were calculated
without cut-offs by the fast multipole method of Greengard and Rokhlin [3,18,19]. These
simulations show that many of the experimentally known features of the double layer can
be modeled qualitatively. For example: compact layer, diffuse layer, surface-oriented water
layers and in large enough systems at high concentration, an identifiable bulk zone. The
electric field and potential across the slab deviate considerably from Gouy—Chapman pre-
dictions due to finite size of atoms, water layering and electrostatic quadrupole effects. In
these calculations we used the SPC/E water model, the simulation cell was cubic with co-
ordinate origin at the center of the cell, and the z axis perpendicular to the metal plates.
Snapshot configurations were stored every few ps (1 ps = 10712 seconds) for a total du-
ration of about one ns (1 ns = 10~° seconds). This data was used to calculate atom and
charge density profiles across the film along the z axis. The electric charge density in the
system p(z) was found by binning the configurations in bins typically L/400 nm wide.
The so-called 9-3 potential was used to represent the Pauli repulsion and attractive dis-
persive interaction of molecules and ions with the walls. The interaction of conduction
electrons was modeled by a separate image potential for every charge in the system. Since
the metal walls were close together there are image multiple reflection terms in the elec-
trostatic potential, which were included by an extension of the Greengard finite multipole
algorithm to systems between perfect conductors. Figure 1.6 shows a typical snap shot
of a simulation where the metal walls have atomic corrugation. It shows water molecules
and ions between two (001) metal surfaces. The snap shot configuration is shown without
perspective. Note how water forms distinct layers near the metal. The inclusion of atomic
corrugation is not discussed in this paper. In this note we focus on the variation in electric
potential across the system. The potential used in this calculation was developed by Zhu
and Philpott [98].

To calculate the electric field across the system the electric charge density p(z) was
integrated once. The electric potential was found by integrating a second time (x — 1).
Figure 1.7 shows potential profiles across the liquid film. In these calculations we were
interested primarily in the electric field and potential. Therefore the surface was modeled
as flat and featureless unlike Figure 1.6. The 9-3 atom-surface wall parameters describ-
ing interaction with non-conduction electrons were chosen to be the same as that used by
Lee etal. [99], A =17.447 x 107% ki nm® mol~! and B =76.144 x 1073 kJ nm* mol ™!
for the oxygen atom. The A and B parameters for hydrogen were set to 0. The poten-
tial corresponding to these parameters describes a graphite-like surface. The edge length
L = 2.495 nm, with metal surfaces at +1.247 nm. We use the SPC/E water model: a frac-
tional charge located at each atomic position, gy = 0.4238 ¢, /HOH = 109.5°, OH bond
length 0.1 nm, and a Lennard-Jones sphere (centered on oxygen) withradiuso = 0.317 nm
and well depth € = 0.650 kJ mol~!. In the absence of water each plate was given a charge
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FIGURE 1.6. Configuration of a classical mechanics molecular dynamics simulation of water molecules, Li*
and I~ ions between corrugated Pt (001) charged metal surfaces. The Lit and I~ are adsorbed on oppositely
charged surfaces. The picture of the configuration is shown without perspective.

of 1.0 e per plate, corresponding to a charge density of 0.0257 Cm~2. In Figure 1.7
the electric potential is shown for 3 M NaCl solution (top) and pure water (bottom).
The oscillations in potential near the surfaces were due to layering of water molecules
similar to that visible at the electrode edges in Figure 1.6. Layering has been detected
in grazing incidence X-ray measurements of silver electrodes in contact with NaF solu-
tion [100].

In the case of zero charge (top step) the drop of potential from edge to film center is
due primarily to the static quadrupole moment of the water molecule. Wilson et al. [101,
102] have pointed out, the quadrupole moment makes a large contribution. For ionic solu-
tions the charge on the walls is completely shielded by ions so that a electric double layer
formed. In this case the staircase in the top of Figure 1.7 has flat steps. In contrast in wa-
ter without ions there is a residual field across the water film, and consequently the stairs
are slanted towards positive z in the lower part of the figure. The slope gives the electric
field. Extrapolating the central linear part of the potential curve to the wall edges gives the
surface excess potential. It is possible to estimate this quantity from experimental electric
double layer differential capacitance measurements.

When both surfaces are metals, the simulation is performed under the condition of a
constant electric potential difference between the plates. The charge on the metal surfaces
is not constrained, but fluctuates about an equilibrium value determined by the ensem-
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FIGURE 1.7. Three dimensional plot of the electric potential profiles across an electrolyte film between charged
flat parallel conducting plates for different vacuum electric fields or vacuum surface electric charge density. Top
picture 500 model SPC/E water molecules with 3 M NaCl. Bottom picture is water without any ions. Image charge
planes at z=-1.25nm and z=1.25 nm. The quantity on the axis pointing toward the observer is the vacuum
electric field which is linearly proportional to the surface charge density present on the metal electrodes in the
absence of electrolyte.

ble average of the screening charge in the water layer. The charge and its fluctuation are
most easily understood in terms of the electrostatic images of the water molecules near
the metal. If the walls were two dielectrics the charge would be fixed and the electric
potential difference across the system would fluctuate. As stated previously calculation
of the molecular dynamics forces is performed without truncation of long range electro-
static interactions, and the complete microscopic charge distributions are used to obtain
the time independent ensemble average electric field and potential profiles of the sys-
tems.
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1.4.4. Models for mineral surfaces and pre-biotic chemistry

Microbial life on planet Earth started in aqueous electrolytes about 4.2 to 3.8 billion
years ago, possibly at high temperature and pressure deep inside hydrothermal vents at
spreading centers on the sea floor. Cairns-Smith, Hall and Russell [72] commented: “The
gap between reactions on mineral surfaces and chemical processes occurring in the simplest
living organisms is enormous.” In the last twenty years there have been several proposals
that the origins of terrestrial life were reactions on mineral surfaces and that the conditions
were similar to that found in or associated with hydrothermal seabed vents. Conditions
deep inside these vents can be extreme with temperatures up to 400°C in the fracture zone
near the magma chamber and pressures up to 2 kbar.

Over ten years ago Wichterhduser [67-69] in a detailed hypothesis called the iron—
sulphur world, proposed that the origin of life on Earth began on the surface of iron pyrites
FeS,. In this section we focus on FeS» minerals and consider stick and ball models of the
surface in order to look for possible catalytic sites on the bulk terminated (001) surface.
This is part of a larger program in which ab initio quantum electronic structure and geom-
etry calculations and molecular dynamics simulations are being used to explore structure-
property-function relationships in extreme environments. In our approach they constitute a
corner stone of a strategy for postulating pre-biotic era reaction partners and mechanisms
and calculating rates of reaction in mineral systems with adsorbed organic molecules.
1.4.4.1. Mineral surface crystallography To this end we have constructed a family of
stick and ball models to display increasingly more complicated features of the structure
of low index crystal faces. Only sites on the (001) surface of bulk terminated iron pyrite
FeS; crystal will be considered in any detail in what follows. We have constructed extended
models of all the low index crystal faces. These models include flat perfect surfaces, simple
terraced surfaces, and terraces with the simplest imaginable kink sites. The purpose of this
effort is to look at a range of hypothetical sites where atomic, ionic and molecular adsorp-
tion might be preferred and reactions catalyzed. Recently Rosso, Becker and Hochella [77]
reported STM images of UHV fractured (001) pyrite surfaces and noted evidence of step
edges and kink sites. Simple models convey the possible range of adsorption and catalytic
sites and pathways available on these mineral surfaces.
1.4.4.2. Models of (001) surfaces Pyrite cell constant is 0.54281 nm. Perfect bulk termi-
nated crystals have an electrically neutral (001) face. Figure 1.8 shows a schematic of the
(001) surface. An important feature of the (001) surface is the array of dangling bonds from
each surface Fe?* and S%— groups. Half the S atoms on the (001) surface have the same
bonds as in the bulk of the crystal and the other half protrude with a dangling bond directed
outwards. In the surface each Fe atom is connected to five S%" groups, four of which lie in
the surface. Surface electronic state neutrality requires electron donation from Fe dangling
bonds to S dangling bonds so that the Fe bonds become an empty conduction band and the
S bonds become a filled surface valence electronic band. What is important on the surface
is the possibility that the Fe sites can act cooperatively in a catalytic event. One Fe might be
part of the same surface or part of a growth or defect feature. Here we comment only on the
(001) terrace. There are two types of five atom rings. On one ring there is one dangling S
atom bond and on the other there are two S dangling bonds. The opportunities for divergent
catalysis (in a variety electrolytes) compared say to the active sites of the Fe-S containing
proteins are obvious.
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FIGURE 1.8. Diagram of the (001) surface of pyrite FeSy showing the two types of five atom ring structures on
the surface. Brown Fe and yellow S atoms. One ring has two raised sulphurs each with a dangling bonds and the
other only one raise sulphur with a dangling bond.

Figure 1.9 shows a larger fragment of the (001) surface with a “symbolic” represen-
tation of HoO (H2S) coordinated through O (or S) to the Fe atom. Bonds to surface and
subsurface atoms not belonging to the fragment are again all shown symbolically as “H”
atoms in order to display the directionality of the covalent bonding network of the bulk
FeS, crystal. Note that a dangling bond on a next neighbor S points towards the Fe dan-
gling bond. These next neighbor site pairs form a crenellation network across the (001)
surface. Locally because of this surface corrugation, adsorption of small neutral or ionic
ligands like H2O, H2S, OH™ or SH™ could be favored by H bonding to the second neigh-
bor S atom as shown in the figure.

Figure 1.10 shows two types of single atom step edges and kink sites of the FeS» crystal
in cross section parallel to the (010) plane. Only atoms composing the kink site are shown
as balls. The rest of the crystal is shown as stick bonds. The corrugation of terrace surfaces
is clearly evident. Each step edge atom has two dangling bonds. At the top step edge the
tilt of the dangling bonds is “down” whereas at the second terrace edge the tilt is “up”.
Catalysis would be higher because of the higher density of dangling bond along the edge.
These sites would be attractive to bidentated ligands like bicarbonate HCO5 and ionized
carboxylic acids.
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FIGURE 19. A fragment of the (001) surface with a symbolic representation of a triatomic water-like adsorbate
(e.g., HpO or Hy8) coordinated through O (or S) to the Fe atom. Bonds to surface and subsurface atoms not
belonging to the fragment are shown symbolically as H atoms in order to display the directionality of the covalent
bonding network of within the bulk FeS, crystal. Note that a dangling bond on a next neighbor S points towards
the Fe dangling bond. These next neighbor pairs of sites form a crenellation network across the (001) surface.

ﬁu“uﬁuﬁu

FIGURE 1.10. Two types of atomic step edge of the pyrite FeSy crystal displayed in cross section parallel to the
(010) plane. The corrugation of the terrace surface separating the steps is clearly evident. At each step edge the
Fe atoms have two dangling bonds. At the top step edge the tilt of the dangling bonds is “down” whereas at the
second terrace edge the tilt is “up”. The step sites would be attractive to charged bidentated ligands such as the
bicarbonate ion HCO3 . Also shown in contrasting colors are two kink sites one on each of the steps. Only atoms
comprising the steps, e kink sites and adatoms are shown. The rest of the crystal is drawn with stick bonds. Red
atoms are S atoms belonging to Sy pairs. The Fe atom sites are shown in blue. Kink site on left side is composed
of three S pairs and the blue atom shows where an iron atom could adsorb and bond through three dangling
bonds to the surface. Kink site on right side is composed of three Fe atoms each with a dangling bond pointing
towards the first red atom.
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One kink site attracts Fe and is composed of three S; pairs and the atom shows where an
iron atom could adsorb and bond through three dangling bonds to the surface. The second
kink site on right side is composed of three Fe atoms each with a dangling bond pointing
towards the first atom. This site would also attract tridentated ligands like phosphate and
this could well be one site where inorganic PO;”[ is sequester. The identification of catalytic
sites on pyrite in terms of the number of accessible dangling bonds, groups of sites and their
latent chirality’s are important steps in understanding the accessible chemical pathways of
the surface. Clearly even simple considerations such as the ones described here indicate the
power of a mineral surface to catalyze a broad range of chemical processes. On the early
Earth it would have been sufficient that a process could occur. There was no competition
or fitness criterion to satisfy in the beginning other than time scales related to tectonic plate
activity. The emergence of dissipative structures as in other branches of science can be
deemed inevitable. However their ability to combine into more complex cooperating arrays
does not seem at all obvious. This is one of the great challenges confronting the field.
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Characterization of solid—liquid
interfaces using X-ray diffraction

Elias Vlieg*
NSRIM Dept. of Solid State Chemistry, University of Nijmegen, Toernooiveld 1,
6525 ED Nijmegen, The Netherlands

Abstract: X-ray diffraction has found in recent years an increasing use as a tool to study the atomic-
scale structure of solid—liquid interfaces. By using an appropriate scattering geometry,
suitable positions in reciprocal space and the current generation of synchrotron radiation
sources, information on the few monolayers that make up both sides of a solid-liquid in-
terface can be obtained. The major applications have so far been in the areas of crystal
growth and electrochemistry. From these studies it becomes clear that the structure at both
the solid and the liquid side of the interface can deviate strongly from that in the bulk. Such
structural knowledge is important for a full understanding of the processes occurring at
solid-liquid interfaces.

2.1. INTRODUCTION

In all the areas where one encounters solid-liquid interfaces, e.g. crystal growth, lu-
brication and electrochemistry, a proper understanding of the physical and chemical phe-
nomena requires structural knowledge of the interface at an atomic scale. For a long time
suitable experimental techniques were not available and the main ideas were derived from
theoretical models [1]. Such studies made it for example clear that the first few liquid lay-
ers have special properties. Since about ten years, a number of techniques have become
available that draw also an experimental picture of the solid-liquid interface. One of these
is scanning-probe microscopy (SPM), a technique that has revolutionized the study of al-
most all interfaces. SPM is particularly useful to observe the morphology of the solid part,
but less suitable for deriving its atomic-scale structure or for observing the structure in
the liquid [2]. A second technique is transmission-electron microscopy (TEM). Though
this technique requires an elaborate sample preparation and is therefore not suitable for
many types of systems, very beautiful observations of the solid-liquid interface have been
made [3]. This chapter deals with a third technique, X-ray diffraction. X-ray diffraction is
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of course much older than the other techniques (the first experiment dates from 1912), but
its use to study surfaces and interfaces started only about twenty years ago with the advent
of powerful synchrotron radiation sources. The crystallographic capabilities of X-rays are
fully known and developed in bulk crystallography and have more recently been employed
for the study of surfaces as well [4]. The penetrating power of X-rays make them suitable
as a probe for in situ investigations of buried interfaces. Using X-ray diffraction, an in-
terface structure can in principle be determined with sub-Angstrém resolution, but this is
always done by averaging over a large sample area. It is therefore advantageous to combine
diffraction with an imaging technique, such as SPM.

A solid-liquid interface has of course two sides, and both are expected to show a struc-
ture that deviates from that in the corresponding bulk phase. While the solid side has re-
ceived more attention than the liquid side, X-ray diffraction is increasingly utilized to reveal
the liquid structure as well. The most important types of solid-liquid interfaces that have
been studied using X-ray diffraction are:

1. Crystal growth. When crystals are grown from a solution or melt, the actual growth
takes place at a solid-liquid interface. The structure at this interface is one of the
properties that determines the morphology of the crystal, and this morphology is
known to depend e.g. on the solvent used [5,6].

2. Electrochemistry. In electrochemistry, chemical reactions take place at the interface
between an electrode and an electrolyte. X-rays allow the nature of the so-called
electrical double layer to be probed, as well as the structural changes at the interface
as a function of the potential [7].

3. 2D melting transitions. Whereas melting is a discontinuous transition in the bulk,
the melting of 2-dimensional layers is typically a continuous process [8]. X-ray dif-
fraction can observe the changes in long-range order occurring during such melting
transitions.

4. Surface melting. This is related to 2D melting, but more specifically deals with the
onset of the melting of a crystal at the surface [9]. Though a number of X-ray dif-
fraction experiments have been performed, few details of the solid-liquid interface
have been revealed.

Solid-liquid interfaces are also important in lubrication [10]. The fact that in this case
the liquid is confined between two solid interfaces poses difficult boundary conditions on
the experimental geometry. No atomic-scale X-ray diffraction experiments have therefore
been performed; the only report to date concerns a colloidal fluid [11]. We may expect
more results in the future, but in this chapter this subject will not be discussed any further.

The remainder of this chapter starts with a description of the method, after which we
will discuss the various topics in which X-ray diffraction has been employed.

2.2. METHOD

2.2.1. Surface sensitivity

The technique of surface X-ray diffraction (SXRD) has established itself as a valuable
tool for surface crystallography [4]. The main reason why X-rays, given their dominant role
in bulk crystallography, were not used in surface crystallography before the 1980’s, was the
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FIGURE 2.1. The penetration depth of X-rays for various materials as a function of the X-ray energy.

lack of sufficiently intense X-ray sources. The diffracted intensity from a surface is about
a million times less than that of a typical bulk crystal. Only when powerful synchrotron
radiation sources became available, X-ray diffraction from a surface became feasible.

The main characteristic of X-rays is their low scattering cross section with matter. This
has three main consequences: (1) a straightforward interpretation of the diffracted intensity,
because single scattering theory applies, (2) a low yield, hence the need for synchrotron
radiation sources and (3) a large penetration depth. These properties make X-ray diffraction
an ideal tool to study solid-liquid interfaces. Figure 2.1 shows the penetration depth for a
number of compounds as a function of the X-ray energy. Earlier synchrotron radiation
sources provided X-rays typically in the energy range around 10 keV. In that case the
penetration depth is only several millimeters in solvents like water and ethanol. However,
the latest generation of synchrotron radiation sources, such as the ESRF in Grenoble shown
in Figure 2.2, provides large fluxes of X-ray at energies easily up to 30 keV, leading to
penetration depths of tens of millimeters in these solvents, and thus facilitating the design
of experimental environments. But even at such high energies, the penetration depth in
heavier elements remains very small, see e.g. Ga that has a penetration depth of 0.1 mm
at 30 keV. As will be discussed later, the design of sample environments should therefore
typically be such that only a limited amount of material is penetrated. As a note of caution,
the figure also shows that the penetration depth of a saturated NaCl solution is much less
than that of pure water.

While the large penetration depth of X-rays is a necessity for in situ studies of solid—
liquid interfaces, we need to discuss how this is compatible with surface sensitivity. How
can the signal from the few layers that make up the interface be distinguished from that
from the thousands of illuminated layers in the bulk? The main trick here is to look at the
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FIGURE 2.2. An aerial photograph of the European Synchrotron Radiation Facility (ESRF) in Grenoble, France.
A synchrotron source consists of a ring-shaped vacuum pipe in which high-energy electrons are circulating.
Radiation is produced at each location where the electron path is curved. The ESRF is one of the three hard X-ray
synchrotron radiation sources of the third generation that are currently in operation. The other two are located in
the USA (APS, in Argonne) and in Japan (SPring-8, in Nishi Harima). (Source: ESRF).

appropriate places in reciprocal space. The situation is illustrated in Figure 2.3. Consider a
crystal with lattice vectors @1, a2 and a3. The reciprocal lattice vectors b; are defined by

a,--bj=2n8,-j- (1)

The momentum transfer vector @, which is the difference between the wavevectors of the
incident and scattered X-rays, is denoted by the diffraction indices (hkl) in reciprocal space:

Q = hb, + kb + 1b3. (2)

The component of Q along the in-plane direction is called @y, along the out-of-plane
direction @ . Typically, the (reciprocal) lattice vectors are chosen such that the diffraction
index [ denotes the direction perpendicular to the surface. For such a choice, the unit cell
will often differ from the conventional bulk unit cell. A bulk crystal has only intensity at
sharp spots in reciprocal space, denoted by infeger values of the diffraction indices (hkl).
At these spots, the bulk contribution completely dominates the diffracted signal. Such bulk
Bragg peaks should thus be avoided if one wants to obtain surface-sensitive information.
There are two types of locations in reciprocal space where the surface structure can be
observed. First of all a surface may be reconstructed, i.e., the unit cell may be a multiple of
the bulk unit cell. This larger unit cell in real space gives a smaller unit cell in reciprocal
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FIGURE 2.3. Schematic showing the position of surface sensitive information in reciprocal space. The bulk
crystal yields only intensity at points (hk/) in reciprocal space. The surface is assumed to be (2 x 1) reconstructed,
which gives rise to half-order diffraction rods in reciprocal space (dashed lines). The bulk peaks are connected by
tails of weak intensity (crystal truncation rods) that are directed perpendicular to the surface. At positions not too
close to a bulk peak, the intensity in such a tail is sensitive to the surface structure.

space. Expressed in units of the bulk unit cell, this leads to fractional-order reflections, with
non-integer values for & and/or k. Since the surface is non-periodic in the perpendicular
direction, one obtains rods of diffracted intensity. The bulk crystal does not contribute to
such fractional-order rods, irrespective of the penetration depth, because its scattering is
cancelled due to the symmetry of the crystal.

For surfaces in vacuum, reconstruction is a common phenomenon. For solid-liquid in-
terfaces this appears to be more rare, likely owing to the fact that the interaction of the
surface with the liquid gives alternative ways to reduce the surface free energy. If a surface
is not reconstructed, one can still measure surface-sensitive reflections by using a second
type of rods. For a crystal that terminates in a flat surface, it turns out that the bulk re-
flections are connected by tails of diffuse intensity in the direction perpendicular to the
surface. These are called crystal-truncation rods (CTR’s) [12,13]. On a crystal truncation
rod the intensity varies continuously as a function of / and reaches a (high) maximum for
integer values of / at the bulk Bragg peaks. Maximum surface sensitivity is obtained ex-
actly midway between these bulk peaks. Each rod is labeled by the diffraction indices (hk).
The (00) rod is a special one, because in that case there is no in-plane momentum transfer
(Q) = 0) and therefore it is not sensitive to the in-plane structure of the interface. This rod
is also known as the specular rod. Measuring X-ray reflectivity (without the other rods) is
a field of its own, especially for non-crystalline samples [14].

2.2.2. Experimental geometry

An experimental set-up consists of a sample environment chamber that is coupled to
a so-called diffractometer [4]. This is a big manipulator that allows accurate angular posi-
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FIGURE 2.4. Rocking scan of the (1,0,0.6) reflection of KDP(101) measured in solution at the Troika beamline
at the ESRF. The signal of ~1000 counts/sec is about 4% of the background of ~27000 counts/sec. For weaker
reflections, the signal-to-background ratio can even drop below 1%. From ref. [17].

tioning and scanning of both the sample and the X-ray detector. In this way, any desired
spot in reciprocal space can be observed. In a typical experiment, one measures the inte-
grated intensity of a slice out of a diffraction rod by rotating the crystal and collecting the
scattered photons with a fixed detector. This is called a rocking scan, and an example is
shown in Figure 2.4. The integrated intensity in such a scan will depend on experimental
parameters like counting time, step size and slit settings. Using standard procedures [15]
this integrated intensity can be converted into the normalized amplitude of the so-called
structure factor Fjp for this location in reciprocal space. A structure determination using
X-ray diffraction revolves around these structure factors. Other scan types are possible, and
these will also yield the structure factor, but using a different normalization procedure [15].

One can use two different experimental geometries for in situ studies of a solid-liquid
interface, see Figure 2.5 [16,17]. In a reflection geometry, the X-ray beam penetrates a thin
liquid film from the top. In a transmission geometry, the X-ray beam travels through an
entire column of liquid, that thus has to be fairly small in order not to attenuate the beam
completely. This geometry is therefore mainly suitable for liquids like water and ethanol,
but has the great advantage that also investigations during growth are possible. In the much
thinner film in the reflection geometry, mass transport is severely hindered and only very
limited growth is possible.

The signal from the surface is weak and it is therefore important to minimize the back-
ground scattering. When studying a solid-liquid interface, both the solid and the liquid are
sources of background scattering. In order to minimize the background from the bulk crys-
tal, diffraction experiments are typically performed at a small incoming or outgoing angle,
because then the penetration depth is reduced. At very small angles, total reflection occurs
and the penetration depth is reduced to the 100 A range. The critical angle at which this
occurs depends on the material and the X-ray energy, but is typical in the 0.1-0.2° range.
Exactly at the critical angle the beam intensity at the surface is enhanced by a factor four.
A disadvantage of such low angles is that the alignment becomes very critical, because a
small variation of the incoming angle under total reflection conditions can lead to relatively
large variations in the measured signal. Therefore, when the alignment is not very precise
(as may easily be the case for a crystal in a liquid) it is better to use e.g. five times the



CHARACTERIZATION OF SOLID-LIQUID INTERFACES USING SXRD 37

(a) s Detector Foil
\ Crystal

KDP solution i __4 X-ray peald
2 ' Variable crystal
2 heigth

s

H,0 out—E

H;0 in

—

~—Manual heigth

Diffractometer adjustment
mount
( b ) e Detector
% _—Crystal

FIGURE 2.5. Two possible scattering geometries for in situ studies of a solid-liquid interface. This is illus-
trated for the case of KDP crystals in a saturated solution that are kept at a specific temperature by a water
bath, (a) Reflection geometry, in which a thin layer of liquid is generated by pressing a foil against the crystal.
(b) Transmission geometry, which is suitable for experiments during growth. From ref. [17].

critical angle of incidence. The surface sensitivity, after all, is predominantly obtained by
the selection of the appropriate diffraction spots (“Fourier filtering”).

In order to reduce the background from the liquid, it is important to limit the amount
of penetrated and/or illuminated liquid. Compared to surfaces in vacuum, the signal-to-
background ratio can easily be a factor 100 worse owing to the diffuse background signal
from the liquid. A typical example is shown in Figure 2.4, where the surface signal of
a high-quality, but fairly weakly scattering, KDP crystal is only about 4% of that of the
background.

2.2.3. Structure factors

The structure factors that one measures in a surface diffraction experiment are the sum
over all bulk and surface contributions from the crystal (Figure 2.6). The structure factor of
a single bulk unit cell with j atoms is defined as [18]:

unit cell
Fl;lkl — Z fje—MjeZth(hx,-+kyj+lz,‘), 3)
J
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FIGURE 2.7. The variation of the structure factor amplitude as a function of the diffraction index / along a
crystal-truncation rod for a simple cubic crystal. For integer values of / one finds diffraction spots from the bulk
crystal with very high intensity. In between these spots, the structure factor is surface sensitive. The grey curve is
a calculation for a crystal with the surface atoms at the same positions as in the bulk, the black curve corresponds
to a 10% inward relaxation of the topmost layer.

with f; the atomic scattering factor of atom j, M; the Debye-Waller factor that accounts
for thermal vibrations and (x, y, z); the position of atom j in the unit cell in fractional
coordinates (i.e., expressed as fractions of the lattice vectors). In order to calculate the
contribution of the bulk crystal to a diffraction rod, we need to sum over all bulk unit cells
with the appropriate phase factors, starting at the surface and extending into the crystal:

0 u

bulk _ 2rilj oj pu _ hk!

Fpa ™ = Z e Ve Fhkl_———l_e_zm'[e_a’ “4)
j=—c0

where o is a (small) factor that describes the attenuation of the X-ray beam when it pen-
etrates the bulk crystal. Equation (4) describes the structure factor of a crystal truncation
rod [13]. Figure 2.7 shows such a rod for the case of a simple cubic lattice. The intensity
is very large for integer values of the diffraction index [ (i.e., at the bulk reflections) and
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reaches a minimum value for intermediate / values. At this minimum, the structure factor
amplitude is equivalent (for a cubic crystal) to half a layer of the bulk crystal. This is easily
seen by substituting / = 0.5 in eq. (4).

The surface contribution to the structure factor is given by an expression completely
analogous to eq. (3), where now the summation is over all the atoms in the surface unit cell.
In this surface unit cell all atoms are put that are not at bulk positions. The total structure
factor is the interference sum of the bulk and the surface contributions:

Fyg = FRo 4 FEut, Q)

For a fractional-orderrod, F™% =0 and only the surface contributes to the intensity. Such
a rod contains of course no bulk Bragg peaks and typically has a much smaller intensity
variation than a crystal truncation rod. The total structure factor is sensitive to surface
relaxation, reconstruction and roughness [19]. Figure 2.7 shows an example of the changes
in a crystal-truncation rod when a crystal surface is relaxed. The difference with a non-
relaxed surface is only visible away from the bulk spots, showing the surface sensitive part
of the rod.

When the crystal is immersed in a solution, also molecules from the liquid may con-
tribute to the X-ray intensity in a rod from the substrate. The liquid is modulated by the
periodic potential of the crystal surface and its density thus acquires Fourier components
corresponding to the substrate. This leads to an extra term in eq. (5). In practice, the contri-
butions of the liquid can simply be added to the surface unit cell. The surface unit cell thus
contains all atoms that are not part of the bulk crystal.

Normally, the modulated liquid at the interface will not contribute equally strong to
all crystal truncation rods. The interaction of a liquid with a crystal is illustrated in Fig-
ure 2.8. For clarity, in this case the fractional-order rods are ignored in reciprocal space. If
the liquid layer is thick and has everywhere a bulk structure, there is no contribution to the
diffraction rods of the substrate (Figure 2.8a). In reciprocal space, one would only observe
extra intensity in a sphere around the origin, corresponding to the pair-correlation function
of the liquid. This sphere can be observed using a so-called radial scan, which starts at a
momentum transfer smaller than the location of the sphere and then moves radially out-
wards. If the liquid consists of a perfectly flat monolayer, without any in-plane ordering,
this single layer would have a strong contribution to the (0,0) crystal truncation rod (i.e.,
the specular reflectivity), but none to the other rods (Figure 2.8b). One might still observe
the (very weak) peak origination from the pair correlation function, but this would now
have a cylindrical shape around the origin owing to the 2-dimensional nature of the layer.
Again a radial scan is needed to detect this cylinder. Figure 2.8c illustrates the extreme case
of a liquid monolayer that is perfectly ordered with respect to the underlying crystal. In that
case it can of course not really be called a liquid. It would contribute strongly to all crystal
truncation rods. What one expects for a real liquid, is a situation in between the extreme
cases of perfect and no lateral ordering, thus only partial in-plane order (Figure 2.8d). In
that case the liquid would contribute strongly to the specular rod, and would have rapidly
decreasing contributions to rods with a higher in-plane momentum transfer. One expects
the liquid side of a thick solid—liquid interface to consist of a few of such monolayers with
partial order.

The lesson from this discussion is that for a full characterization of the solid-liquid
interface, one needs to measure several rods. A layer that looks perfectly ordered from
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FIGURE 2.8. A schematic showing the location in reciprocal space of the contribution of a ‘liquid’ layer on top
of a crystal, (a) No interaction between liquid and crystal; (b) single liquid monolayer without in-plane order;
(c) fully ordered monolayer and (d) partially ordered monolayer.

the specular rod, may in fact be found to be laterally disordered from a rod with in-plane
momentum transfer. As is always true in diffraction, the larger the measured Q-range, the
higher the resolution of the structure determination.

Unfortunately, a measurement does not yield the complete structure factor, but only its
amplitude. This is the famous phase problem in crystallography [18]. Instead of a simple
Fourier transform, model calculations and fitting are therefore required to determine the
structure [20]. Luckily, also model-independent information can be obtained, because the
single scattering character of X-rays makes Fourier methods like the Patterson function
and the electron-density difference map applicable [4]. Moreover, the model calculations
are simple and fast, so quite complicated systems can be handled in principle.

The integrated intensity of areflection is the quantity necessary to determine a structure
factor and thus to obtain crystallographic information. The profile of a reflection contains
a second important piece of information, because it depends on the long-range order of the
surface. Disordered surfaces give broad diffraction profiles, while well-ordered surfaces
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give narrow ones [19,21]. Measuring reflection profiles thus yields information about the
surface morphology and can for example be used to measure the surface domain size as a
function of the temperature.

2.3. RESULTS

2.3.1. Crystal growth

The growth of a crystal occurs at the interface with its growth environment: a vapor, a
melt, a solution or even a solid. Many factors determine the actual growth process and the
final growth shape (habit) of a crystal, e.g. supersaturation, impurities, solvent and temper-
ature. One of the dominant factors in the habit of a crystal is the crystallographic structure:
whether a crystal is plate-like, cubic or needle-like is mostly caused by the specific topol-
ogy and bond strengths of its building blocks. The Hartman—Perdok theory [22], which
predicts the crystal growth morphology by calculating which facets are the most stable,
assumes that the atomic positions at the surface are the same as in the bulk of the crystal.
X-ray diffraction is a good technique to determine the extent to which growing crystal sur-
faces deviate from a simple bulk termination. It is further of interest to study the role that
solvents [23] and impurities have on the morphology of crystals. All these items require a
structure determination of the solid-liquid interface [6].

The earliest attempts to study the interface structure of a growing crystal date from
the early 1990’s [24]. While these experiments used the penetrating power of X-rays to
study ADP crystals in an aqueous growth environment, the geometry was not suited for
the measurement of surface-sensitive reflections. Some years later, such reflections were
observed from the (1014) face of calcite by Chiarello and Sturchio [25]. They measured a
full specular reflectivity curve, but could only conclude that the surface structure was not
measurably different from that of the bulk. Only five years ago, the experimental data be-
came of sufficient quality to obtain atomic-scale information about the interface structure.
In 1997, Gidalevitz et al. determined the surface termination of S-alanine and «-glycine
crystals [26]. For both crystals, two different surface terminations were in principle possi-
ble. Figure 2.9 shows the data obtained on the (0k4) rod of B-alanine. For each of the two
possible surface terminations, it is straightforward to calculated the expected rod profile.
These are drawn in the same figure as a solid and dashed curve. The data immediately show
which of the two terminations occurs in reality. The agreement between theory and data is
not perfect, indicating that the system deviates from a simple, bulk-terminated crystal with-
out relaxation. The data set of Gidalevitz et al. was, however, not accurate/large enough to
determine such deviations.

Measuring surface relaxations is relevant, as for example the structure determinations
of the {101} faces of KDP (potassium dihydrogen phosphate, KoH2POy4) [27] and ADP
(ammonium dihydrogen phosphate, NH4H2PO4) [28] have shown. The two crystals are
isomorphous and their surfaces are compared in Figure 2.10. In both cases, the surface has
two possible terminations: Kt or PO, for KDP and NHI or PO, for ADP. From full X-ray
diffraction data sets it was shown that in both cases the surface terminates in a positive
layer, i.e. K* and NHI for KDP and ADP, respectively. This positive termination explains
why the presence of positive impurities like Fe3* and Cr3*, has little effect on the growth
speed of the {101} face. The {100} face, on the other hand, has both positive and negative
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FIGURE 2.9. The (0k4) crystal truncation rod of B-alanine as measured by Gidalevitz et al. [26]. The points
represent data measured under various circumstances. The two curves are calculations for the two possible sur-
face terminations of this crystal. Note that Gidalevitz et al. do not follow the convention that / represents the
out-of-plane direction. From ref. [26].
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FIGURE 2.10. The surface structures of the {101} faces of KDP (left) and ADP (right), including the mea-
sured relaxations in the two top layers. Both surfaces terminate with a positive layer, but the relaxations differ
significantly. The ‘stars’ in the ADP surface indicate the positions where a hydrogen bond is broken due to the
termination of the crystal.

A

ion groups at its surface, and therefore positive impurities can block the growth there [29].
This leads to a change in growth morphology from more compact to more elongated for
increasing concentration of impurities.

While the surface terminations are similar, the measured relaxations for KDP and ADP
are very different. For KDP the outermost layers have a small outward relaxation, but for
ADP the top NH;lF layer is relaxed inward and the PO, is relaxed outward by a large
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amount. The spacing between these two layers is therefore found to be contracted by ap-
proximately 50%! The hydrogen bonding of the ammonium in ADP may cause the dif-
ference between KDP and ADP. This particular hydrogen bonding is absent in the case of
KDP. In the bulk, the four hydrogen atoms of the ammonium group form hydrogen bonds
to the oxygen ions of four neighboring phosphate groups (Figure 2.10). At the ammonium-
terminated surface, however, one of those hydrogen bonds is broken, leading to a broken
bond in the top layer (ammonium) and a broken bond in the third layer (phosphate). Stars
in Figure 2.10 indicate these bonds. The large inward relaxation of the top layer reduces
the distance between the associated nitrogen and oxygen atoms from 3.17 A to 2.97 A.
This is very close to the value of 2.91 A for the N-H-O hydrogen bond in bulk ADP.
The driving force for the large inward relaxation of the surface ammonium groups may
therefore well be the formation of an extra hydrogen bond with the lower-lying phos-
phate groups, as a compensation for the bonds that are broken due to the crystal termi-
nation [28].

In the field of geochemistry, knowing the structure of mineral-fluid interfaces is im-
portant for understanding many environmental processes. Fenter, Sturchio and co-workers
have investigated the structure of various adsorbates on calcite [30]. The in situ structure
of feldspars has also been investigated, mainly using X-ray reflectivity. The consecutive
studies demonstrate once more that the amount of information that one can derive, depends
on the resolution, i.e. the amount of reciprocal space measured [31].

The total number of papers on the surface structure of crystals in solution is still very
limited. On the other hand, there is a huge amount of literature on the interaction of water
with various surfaces from the perspective of adsorption. In that case the amount of water
is typically limited to (sub)monolayers. For a comprehensive review, see ref. [32]. X-ray
diffraction appears not to have been used in this area.

2.3.2. Electrochemistry

Understanding the structure and dynamics of electrochemical interfaces is a long-term
goal in the field of electrochemistry. Various techniques are used to study such interfaces
at an atomic scale, including STM [33] and techniques that require vacuum [34]. It is clear
that at such interfaces, X-ray diffraction has a lot to offer [7,35]. Compared to the systems
discussed in the previous section, the electrochemical interfaces tend to be somewhat easier
from an X-ray diffraction point of view, because the substrates are typically strongly scat-
tering metals, while the liquid is mainly water. Signal-to-background ratios are therefore
reasonable, provided a proper geometry is chosen [36].

The first experiment of this type was done in 1987 by Samant et al. on the structure of
Pb monolayers on Ag(111) and Au(111) electrodes [37]. This was in fact the first X-ray
diffraction experiment of a solid-liquid interface with proper surface sensitivity. Several
other electrodeposited monolayers (e.g. Tl, I, Br) have since then been investigated [38].
Here we will discuss a few ‘clean’ surfaces, because they are the simplest electrochemical
solid-liquid interfaces. Compared to surfaces in vacuum, the electrochemical potential is
an additional and convenient thermodynamic parameter, which may thus be used to con-
trol the surface properties [39]. Several metals are known to reconstruct in vacuum, but the
driving forces for this are usually quite small and could easily be modified by the poten-
tial.
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FIGURE 2.11. Cross-sectional view of the (a) (1 x 2) and (b) (1 x 3) missing-row reconstructions of the Au(110)
surface. In the (1 x 2) phase every other row is missing, in the (1 x 3) phase two out of three rows are missing.
From ref. [41].

Examples are the (110) surfaces of Au and Pt that have been studied using X-ray dif-
fraction both in vacuum and in electrochemical environments. These surfaces are found to
reconstruct in vacuum, forming a so-called missing-row structure with a (1 x 2) period-
icity in which every other close-packed row is missing [40]. This is thus quite a drastic
reconstruction, but it nevertheless leads to a lower free energy state of this surface. In an
electrochemical environment, the free energy balance may vary as a function of the poten-
tial, and that is indeed observed for Au( 110) in salt and acid solutions [41]. For decreasing
potentials in an HCIQ4 solution, the (1 x 2) reconstruction was found to continuously
evolve into a (1 x 3) reconstruction, see Figure 2.11. In the (1 x 3) phase, two out of three
rows are missing. If separate domains of the (I x 2) and (1 x 3) phase were present, one
would measure peaks at the corresponding fractional order positions (with the diffraction
indices at values that are multiples of 1/2 and 1/3). Instead a single peak is found, at inter-
mediate positions. This shows that the surface consists of irregular sequences of one and
two missing rows. In salt solutions the potential can be made even more negative and then
a pure (1 x 3) phase is found. At high potentials, on the other hand, no reconstruction is
observed, so indeed the surface structure is strongly influenced by the potential. From a fit
to the rod profiles, the top layer is found to contract [41], in agreement with the structure
in vacuum [40].

In vacuum, the (110) surface of Pt is very similar to that of Au, but a different behavior
is found as a function of the electrochemical potential [42]. On this surface the (1 x 2)
reconstruction is found to be stable over a wide potential range. There are, nevertheless,
significant structural changes as compared to the surface in vacuum, see Figure 2.12. In
vacuum, the top layer is contracted [40], but in the electrolyte an expansion if found in-
stead [42].

The effect of the potential is similar to the effect of the deposition of alkali met-
als in vacuum. For example, Ag(110), which is isoelectronic with Au(110) and Pt(110),
does not reconstruct in vacuum. After the adsorption of ~0.1 monolayers of K, also this
surface forms a (1 x 2) missing row reconstruction [43]. It therefore appears that in all
cases a similar mechanism is operating and that the surface charge plays an important
role. It seems likely that the Ag(110) surface can be made to reconstruct to a missing-
row structure at an appropriate electrochemical potential, but this has not be reported
yet.
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FIGURE 2.12. The measured (squares) X-ray intensity along the (a) (00) rod and (b) the (01) rod of Pt(110) at
an electrode potential of 0.1 V. The solid curves are the best fit with a model containing an expansion in the top
layer, the dashed curves use the relaxations as determined for the surface in vacuum. From ref. [42].

2.3.3. Liquid structure

In the previous sections we focussed our attention on the solid side of the solid-liquid
interface. Now we will consider the liquid side as well. There are even less available tech-
niques to study the liquid structure at the interface than the solid side, because the liquid
is of course easily disturbed. There are some alternatives to X-ray diffraction, in particular
transmission-electron microcopy [3,44] and even using AFM some features can be seen [2],
but the most generally applicable probe appears to be X-rays.

Ordering of the liquid in the direction perpendicular to the surface (‘layering’) is ex-
pected to be the strongest, and it is therefore not surprising that the first experiments
have probed this direction in particular [45-48]. One of the earliest results is from 1990,
when Ocko observed the temperature dependent layering of cyanobiphenyl compounds at
alkylsilane-coated silicon surfaces [45]. Such liquid crystals also show smectic layering in
the bulk phase, but here the layering was already observed at temperatures such that the
bulk material is in the isotropic phase. In 1994, Toney et al. [47] observed the voltage-
dependent ordering of water molecules at a Ag(111) surface in an electrochemical envi-
ronment. Figure 2.13 shows the oxygen distribution at the interface as derived from the
specular rod. The distance to the crystal surface changes as a function of the voltage. For
both the positive and the negative potential the water was found to have a higher density
than that in bulk water. Somewhat surprisingly, despite this high density, no lateral order
was found in the layers as derived from non-specular rods. The water therefore appears to
be really liquid and not icelike in the lateral direction. Particular clear cases of layering
were found by Huisman et al. for undercooled Ga in contact with a diamond surface [48]
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FIGURE 2.13. The oxygen distribution at the interface of water with Ag(111) at a voltage of (a) —0.23 V and
(b) +0.52 V with respect to the potential of zero charge. Oxygen is equivalent to water in this case, because the
hydrogen atoms are largely invisible for X-rays. The distribution is normalised to that in bulk water. Near the
Ag(111) surface, the water density is enhanced by about a factor two for case (b). From ref. [47].

and by Yu et al. for molecular liquids in contact with a silicon surface [49]. In the latter
case, the silicon substrates were treated such that they were essentially a hard wall, while
the liquids, e.g. tetrakis(2-ethylhexoxy)silane, were nearly spherical. In that case one there-
fore closely mimics a model system of spheres that interact with a hard wall and in which
consequently no lateral order is expected. Layering was found to extend over 3-6 layers.

More recently, the lateral ordering component in a liquid has also been investigated.
It has been found that along this direction the water in contact with a crystal may in fact
be fully ordered, i.e., that the first water layer behaves very much like ice. As an example,
Cheng et al. [50] concluded from high-resolution specular X-ray reflectivity data that water
layering occurs at the interface with mica(001). Without non-specular data, no conclusions
about the lateral ordering can be drawn based on the X-ray data alone, but the results agree
with other experiments [51] and calculations [52]. Layers not in direct contact with the
crystal are thought to be more liquidlike.

A particularly nice and comprehensive study was done by Chu and Lister ef al. [53,
54] on the RuO;(110)-water interface under electrochemical conditions. From extensive
data sets containing specular and non-specular rods, they could derive the changes at the
interface as a function of the voltage, see Figure 2.14. All the visible water appeared to be
well ordered, at anodic potentials the structure was in fact similar to ice X.

The number of published results is still very limited and it’s therefore too early to
draw general conclusions. It is somewhat surprising that in the careful experiments on
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(a)

FIGURE 2.14. The structure of the RuO; (1 10)-water interface for three different potentials. The bottom layer is
the topmost RuOy layer, the other layers are the ordered water or oxygen layers. From ref. [54].

Ru0,(110) no partly-ordered water was found, while in other cases the order was found to
decay in a few layers away from the interface [47,48,50]. Also the role of the electrochem-
ical potential is not clear in this respect.

Very recent experiments on the KDP{110}-water interface [55] found both icelike and
disordered water layers. The crystal side of the interface was already discussed and was
shown in Figure 2.10. This structure was derived from non-specular data that is far less
sensitive to the liquid structure than the specular rod. This fact is clearly demonstrated in
Figure 2.15, where specular reflectivity data is shown (circles) together with a calculation
(dash-dotted curve) based on the model of Figure 2.10. The large discrepancy is entirely
due to the structure in the liquid. If this is included, a proper fit is obtained (solid curve) in
which the structure of the crystal side of the interface still agrees with the earlier result.

By using a geometry with a very thin water layer, Reedijk er al. [55] have been able to
measure a full set of rods with sufficient accuracy such that the ordering in the liquid was
revealed in the non-specular rods. Figure 2.16 shows the amount of liquid order probed for



48 E. VLIEG

102

, factor

1

stru

101

diffraction index 1

FIGURE 2.15. The structure factor amplitude of the specular rod for KDP{101} in aqueous solution. Circles are
the experimental data points, the dashed and solid curves are model calculations in which the layering effects in
the growth solution are ignored and included, respectively.

9
=8
k7]
o7
=]
56
o5
o
g
3
§3
gz
21 HEtHaie """ """"""" ]
oMLY L : i
10 20 30 40 50

z-coordinate (A)

FIGURE 2.16. The electron density distribution across the interface of KDP{101} with water. The density is
normalised to that of water and is shown for three different parallel momentum transfers: (00)-rod (dashed line),
(10)-rod (dotted line) and (20)-rod (solid line). The (00)-rod shows all the water, the other two rods only the water
that has (partial) in-plane order.

a number of parallel momentum transfers. The (00)-profileis the ‘true’ density distribution,
and reveals two well-ordered water layers together with a film of about 25 A thickness that
has the bulk structure. In the (10) and (20) Fourier components, the bulk water is not visible,
and only the two icelike layers and small amounts of the next layers are seen. This result
follows the behavior expected for such an interface in which the liquid rapidly becomes
bulklike.

2.3.4. Liquid monolayers

As a simple model for a 3D solid-liquid interface, it can be advantageous to study
the structure of liquid monolayers on a crystal surface. In such systems, there is no need
to penetrate a macroscopically thick film, there are no concentration gradients and there
is no background signal from the film. Typically, such experiments are performed in the
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FIGURE 2.17. Radial scans for liquid Pb on Ge(l11) revealing that the diffuse scattering from the quasi-liquid
Pb has a cylindrical shape as expected for a 2D layer. The vertical dashed lines indicate where a diffuse peak is
expected in case the liquid is 3D, i.e., when the diffuse scattering has a spherical shape. From ref. [62].

controlled environment of an ultra-high vacuum system. The simplicity of such a system
often allows a more detailed structure determination than in the case of a macroscopically
thick liquid. In particular it becomes possible to observe the scattering originating from the
pair correlation function in the liquid. In addition to being a model for a 3D solid-liquid
interface, the behavior and phase transitions of such 2D systems are also of fundamental
interest [8].

In this case various techniques other than X-ray scattering can be used, since the pen-
etration depth is no longer an issue. Examples are reflection high-energy electron diffrac-
tion (RHEED) [56], low-energy electron diffraction (LEED) [57] and STM [58]. We will
limit ourselves here to X-ray diffraction. Note that the physics of such monolayers is sim-
ilar to that of intercalation compounds, that have also been studied using X-ray diffrac-
tion [59].

Monolayers on a crystal are a popular subject in surface science, but actual melting has
received far less attention. Pb and Sn are often used overlayers for this latter type of study,
because they combine a convenient melting point with a low vapor pressure. The first X-ray
investigation of this type was done by Marra et al. [60] in 1982, just one year after the very
first surface X-ray diffraction experiment [61].

The system that has received most attention is Pb on Ge(111). This is an almost ideal
model system, because Pb and Ge don’t intermix (at the relevant temperatures), Pb scatters
X-rays strongly and Ge provides a highly ordered substrate. Following the observation of
liquid Pb using RHEED [56], Grey ef al. performed careful X-ray diffraction experiments
on this system [62]. Radial scans revealed the presence of the diffuse ring of scattering
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FIGURE 2.18. The fraction of Sn atoms on Ge(l111) in the solid state (squares) and liquid state (circles) at
different temperatures. Above the melting transition (indicated by an arrow), the system still continues to increase
its liquid-like character. From ref. [66].

originating from the pair correlation function of the 2D-liquid. By performing such scans
for different perpendicular momentum transfers, Grey et al. showed that the scattering in-
deed has the expected cylindrical from, see Figure 2.17. This is a realization of the situation
sketched earlier in Figure 2.8b. In addition the liquid was found to be anisotropic, owing to
the interaction with the substrate. This was the first observation of the diffuse ring from a
monolayer film.

Despite the clear presence of a liquid ring, the structure of the molten Pb on the Ge(111)
surface became controversial, because STM experiments indicated a well-ordered struc-
ture above the phase transition [58]. It appears that both observations reveal part of the
properties of the system. From molecular dynamics simulations [63] and new X-ray dif-
fraction experiments [64] a picture emerges in which the ‘liquid’ overlayer has both solid
and liquid properties (a solid-liquid layer). We will illustrate this by discussing the similar
system of Sn on Ge(111) [65,66]. At a coverage of 1.5 monolayer, the Sn layer melts at a
temperature of 170°C. Below the melting point the Sn is well ordered, above the melting
point the properties of the layer gradually change from more solidlike to more liquidlike.
As a function of temperature, the system thus evolves from the situation sketched in Fig-
ure 2.8c to that in Figure 2.8d. At low temperatures the fully ordered Sn contributes to all
diffraction rods. For increasing temperatures the non-specular rods contain a decreasing
contribution from the Sn. Only the specular rod continues to reveal the total amount of
Sn present. By measuring full data sets, Reedijk ef al. were able to quantify the amount
of liquidlike and solidlike Sn, see Figure 2.18. An important observation is that the liquid
fraction continues to increase, even above the phase transition. The Sn layer consists thus
of rapidly diffusing atoms that reside preferentially on sites imposed by the Ge(111) lat-
tice. At this high coverage these sites are found to be not the high symmetry sites because
of geometrical reasons. Figure 2.19 illustrates the relative occupancy of the various sites
at 300°C; some sites are clearly more occupied than others. The figure does not show the
25% liquid fraction that could in principle be represented by a uniform gray background
in the figure. At any moment there are thus liquidlike and solidlike atoms, but they are
not separate species, but instead exchange their character as a function of time. The liquid
fraction can be considered as the time that the atoms cannot be associated with a particular
site. The atoms in this fraction cause the liquid ring that has also been observed on this
system [66].
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Sn

FIGURE 2.19. Schematic top view of the time-averaged structure of Sn on Ge(l111) at 300°C. The grayscale of
the Sn atoms approximately indicates the occupancy. Not all positions can be occupied at the same time, e.g., only
one of the three positions near the T site can be occupied. Averaged over time, however, all equivalent positions
will have the same occupancy. The indicated Sn atoms account for 75% of the occupancy, the remaining 25% is
not associated with any particular lattice site and can be considered as the liquid fraction.

At very high temperatures one can view the system as a liquid that is modulated by the
potential of the substrate [59,67]. The strength of this modulation depends on the depth of
the well and the ‘lattice’ match with the substrate. A liquid ring will only be observed if
the modulation is weak. In the context of surface melting, the presence of such a ring was
reported on the surface of Pb(110) near its melting point [68], but later it was shown that
the scattering was due to thermal diffuse scattering from the bulk crystal [69]. The fact that
in this case no liquid ring has been observed, could well be caused by the perfect match
between liquid and solid.

We need, finally, to mention the recent work of Reichert et al. [70] on the structure
of thick layers of liquid lead in contact with the (100) surface of silicon. The aim of
that work was less the structure at the interface itself, because the interactions between
solid and liquid were found to be less important than those between the liquid lead atoms.
The main purpose of the solid was to induce an orientation to liquid lead clusters such
that the predicted, local five-fold symmetry could be observed. When the solid-liquid in-
teractions are weak, it is thus possible that the solid does (almost) not influence the lig-
uid.

2.4. CONCLUSIONS

Even though the study of solid-liquid interfaces using X-ray diffraction is fairly recent,
several important results have been obtained. It is clear that the surface of a crystal in
solution may have a structure that strongly deviates from that in the bulk. When describing
processes such as crystal growth and electrochemical reactions, such deviations need to
be taken into account. It has further been shown that the liquid layers in contact with the
solid show extra ordering, typically over a total of three to five layers. The amount of
this ordering varies from system to system: ice-like layers are found at a number of ionic
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systems, while in other cases no lateral ordering is present and only layering occurs. In
general one should assign both solid and liquid properties to such layers, so in fact one can
say that such solid-liquid layers are part of the solid-liquid interface.

The coming years will undoubtedly see more results, including the role played by dif-
ferent solvents and by the match between crystal and liquid. X-ray diffraction will remain
an important tool in order to obtain a better understanding of the solid-liquid interface.
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Interactions at solid—fluid interfaces

Aleksandr Noy*
Chemistry and Materials Science, Lawrence Livermore National Laboratory, L-234, 7000 East Ave,
Livermore, CA 94550, USA

3.1. INTRODUCTION

Solid—fluid interfaces occupy a special place in condensed matter science since most of
the important events in chemistry, physics and biology happen at a these interfaces. Exam-
ples of such processes span many orders of magnitude on the length scale and extend from
capillarity and lubrication on a macroscopic scale to self-assembly and colloidal interac-
tions on the mesoscopic scale to molecular recognition and membrane interactions at the
nanoscale. These events may seem very complex and diverse, yet their outcomes are largely
determined by the interactions among molecular assemblies that comprise the surfaces and
surrounding liquid phase.

Detailed knowledge of the range and magnitude of these interactions is required for
developing a fundamental understanding of these processes and for gaining precise con-
trol over their outcome. Potential technological and scientific benefits are enormous. Much
of the current progress in nanotechnology hinges upon the bottom-up approach that har-
nesses the power of self-assembly methods that utilize precisely tailored intermolecular
interactions to form a particular structure [1]. Understanding the interactions that govern
self-assembly can help us to realize many of nanotechnology promises. Solid—fluid inter-
faces are also central for conventional technology. For example, 2% of the gross domestic
product of the UK is lost to unwanted friction and wear in the devices [2]. “Smart” lubri-
cants that are precisely tailored to the task can drastically reduce such losses. The benefits
to the life sciences are equally impressive. Knowledge of the interactions forces acting be-
tween distinct functional groups in proteins and membrane structures will be instrumental
to molecular biology and rational drug design. Progress in proteomics is currently limited
by the rate of obtaining protein crystals suitable or X-ray diffraction. Understanding and
controlling the interactions between the solution phase particle and crystal surface will en-
able an enormous increase in the efficiency of protein crystallization efforts. This list can
continue.
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At present, our progress in understanding interactions at the interfaces is closely linked
to the development of the physical techniques for measuring such interactions. Typical
chemical bond strength ranges from 10 pN for a very weak van der Waals bond to 2—10 nN
for a strong covalent bond. This interaction strength also varies significantly depending
on the surrounding medium. Therefore, an ideal technique for measuring interactions at
the interfaces must be capable of measuring forces in this range with sub-nanometer dis-
tance resolution in a variety of environments and solvent media. Recent two decades saw
an emergence of several such techniques that gave researchers the capability to measure
interaction strength on the relevant length scale and often on a single molecule level. For
the first time, it became possible to probe the fundamental forces that determine nanoscale
interactions. We will survey some of these forces while paying particular attention to the
techniques that are used to probe them.

3.2.  OVERVIEW OF THE INTERACTIONS AT SOLID-FLUID INTERFACES

We can divide intermolecular interactions in condensed phases loosely into three
groups (in decreasing order of generality): van der Waals interactions; chemical interac-
tions; Coulomb (electrostatic) interactions (inevitably complicated by the presence of the
double layers); and “collective” interactions that comprise solvation, structural and hy-
drophobic forces. We will begin by describing each of these interactions.

3.2.1.  Van der Waals forces

The most ubiquitous forces in molecular systems originate in the interactions that in-
volve electrostatic interactions between dipoles or induced dipoles. These interactions that
involve polarization of molecules comprise van der Waals interactions. Often, we can fur-
ther subdivide these interactions into three categories, according to the nature of interacting
species.

When two permanent dipoles interact with each other the resulting force tries to re-
orient the dipoles to maximize the interaction. This orientation force is counteracted by the
thermal motion that tries to randomize molecular motion. If the energy of the dipole—dipole
interaction is smaller than the thermal energies the molecules continue to rotate freely.
Therefore the dipole—dipole interaction energy gets averaged over all the orientations of
molecules. Such orientation-averaged interaction comprises Keesom forces or orientation
force. The energy of the orientation interaction between two dipoles with dipole moments
w1 and pp separated by the distance r in the medium with permeability ¢ is given by:

uing [

Worient(r) = _WICB—T 6

()

Israelachvili noted that most of molecular systems would exhibit Keesom type inter-
action (i.e. the orientation interaction is weaker than thermal motion) [3]. However, in a
few special cases, such as O-H, N-H and F-H bonds the dipole moments are large enough
to counteract the thermal motion and lead to the permanent alignment of polar molecules
in condensed state. This special case of orientation force plays a rather important role in
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biological systems which leads most researchers to separate them into a special class of
hydrogen bonding interaction.

Another component of van der Waals interactions arises when a permanent dipole in-
teracts with a non-polar molecule. If the polar molecule has non-zero polarizability, then
the field of the permanent dipole will induce a dipole moment. The interactions of a perma-
nent dipole with the induced dipole are the Debye forces or induction forces. The energy of
the induction interaction between a dipole 1 and a molecule with the polarizability «; is
given by

2
: _ pjam 1
Wnnd(’)—“m'r—é- (2

The most general component of the van der Waals forces—dispersion force—arises
from a quantum mechanical effect of the induced dipole interaction. Rigorous treatment
of the dispersion force origin is beyond the scope of this work. Suffice to say that intu-
itively dispersion forces originate in the interaction of the transient dipoles that arise as
electrons orbit around the nuclei. While the overall (average) dipole moment can be zero,
these transient dipoles are not small (even for a hydrogen atom the transient dipole moment
is about 2.4 Debye!); therefore the resulting force is not insignificant. In fact, dispersion
forces most often make a dominating contribution to the overall van der Waals interaction.
A classic model developed by London gives the energy of a dispersion interaction of two
dissimilar atoms as:

3apiaozhviva 1
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where v; and v, are orbiting frequencies of electrons. Therefore, an overall van der Waals
force can be given as a sum of all three components of the interaction:
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Total van der Waals force is given by the derivative of the eq. (4) with respect to distance r:
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In general, van der Waals interactions are non-additive (i.e. the total interaction is not equal
to the sum of pair-wise interactions), but most of the models assume interaction additivity
as an approximation. The overall interaction potential decays as r®, therefore the result-
ing forces are short-ranged in comparison with other non-covalent interactions (covalent
bonding interactions are intrinsically quantum mechanical in nature and are even more
short-ranged). A quick estimate shows that for two atoms sitting at a distance of 10 A from
one another in vaccum the attractive van der Waals force will be on the order of 0.02 pN
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(we assumed zero dipole moment, orbital frequency of 3.03 x 10'> Hz and polarizabil-
ity 1.36 x 10720 Fm?2). However, if the distance between the atoms is only 5 A, then the
van der Waals attraction becomes as big as 2.6 pN. When the distance between atoms ap-
proaches 2 A then van der Waals attraction force given by the London formula reaches
an enormous 1.5 nN. Of course, in dielectric medium screening weakens the interactions
forces, yet this example does illustrate that van der Waals forces become formidably strong
at close distances.

McLachlan [4] developed a generalized theory of van der Waals forces that corrected
some of the notable shortcomings of the London model, namely its inability to treat inter-
actions of molecules in solvents. McLachlan’s model treatment is more realistic because it
considers the whole absorption spectrum of a molecule instead of only a single frequency
featured in London’s model. The sum of a static dipolar contribution and a nonzero fre-
quency dispersion contribution gives the total interaction energy between two small mole-
cules 1 and 2 ofradii a; and a2 in the media 3:

o 33 [ £1(0) —&3(0) < £2(0) — &3(0) )
W= [3/”’“'“2 (81(0)+283(0)) £2(0) + 263(0)

N 3ha?a; '/OO ( g|(.iv) —83(1'.1)) ) . ( ez(Iiv) —e3(ilu) )du ' _l_ 6)

T 0 g1(iv) +2&3(iv) e2(iv) + 2e3(iv) ré
where £(0) is the static dielectric permittivity of medium and (i v) is the dielectric per-
mittivity of a medium at imaginary frequency i v. Ultimately, in case where all media have

one strong absorption peak frequency v, we can approximate the total van der Waals free
energy as:

Wir) = —[3kBT< £1(0) — £3(0) )( £2(0) — £3(0) )

&1(0) + 2&3(0) / \ £2(0) + 2&3(0)
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Equation (7) shows several important characteristic of the van der Waals interaction.
It predicts a large decrease in the dispersion forces in solvent medium with respect to
the interaction strength in vacuum. Also, eq. (7) predicts that symmetric interactions (i.e.
interactions between identical molecules) are always attractive. Yet, eq. (7) also shows that
van der Waals forces can be repulsive, as they are when the refractive index of the medium
n3 lies between the refractive indices of the interacting species 7| and np.Incidentally,
this model shows the physical rationale behind the well-known empirical principle of “like
likes like” and the phenomena of separation of immiscible liquids, such as water and oil.

In all cases that we discussed van der Waals forces follow a simple inverse power
law. This property allows analytical solutions for a few simple practical cases, such as a
molecule—surface interactions or a dielectric spherical particle interacting with the surface.
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For all these cases we assume that van der Waals interactions are additive. To get the to-
tal interaction energy we simply sum up the interactions between the molecule and each
molecule comprising the surface. In case of the molecule interacting at a distance D with
the surface of density p, we arrive to a simple expression for the interaction energy:

nCp

)

Here we assume that the van der Waals interaction energy between our molecule and a
molecule of the surface is proportional to inverse sixth power of the distance and C is the
proportionality coefficient. For the case of large sphere or radius R interacting with the
surface at a distance D the interaction energy is given by:

2

c

W(D)=-2"P®2 wren D <« R, )
6D
Cp2(4nR3p1 /3

W(D)=—-1 ”2(6"03 P hen D> R. (10)

Note that eqs (10) and (8) predict the same functional dependence for the interaction energy,
which is not surprising since we can effectively treat a sphere at a large distance as a point
object.

Finally, a common way to present these equations is to introduce a Hamaker constant,
A = 72Cpy p2. Then the interaction energy between the sphere and the surface at close
distances will simply be:

W(D) = A (a1
~ 6D
and the interaction energy of two spheres of radii Ry and R willbe:
WD) = — = . R (12)
T 6D Ri+Ry

When the interacting bodies are significantly large than the interaction distance, van der
Waals interactions decay significantly slower than the inverse sixth power law would indi-
cate. Finally we have to mention one more useful expression that connects the interacting
force measured between two interacting macroscopic surfaces with the interaction energy
per unit area between the two surfaces:

RiR;

F(D)=27‘t(——
Ri+ Ry

)~W0(D). (13)

This expression is known as Deryaguin approximation and it is often use in the interpre-
tation of the interaction force measurements because it relates interaction force between
two curved bodies to the standard interaction energy per unit area between the two sur-
faces. Often the last value is easy to obtain from contact angle measurements or another
macroscopic measurement.
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3.2.2.  Electrostatic and double-layer interactions

The interactions of two charged molecules in absence of other movable charges obey
a simple Coulomb law. A much more complicated situation arises when other movable
charges are present. These charges also move in the electric field created by the interact-
ing charges and effectively “screen” the interaction. This situation typically applies to the
interactions of ionizable surfaces in aqueous solutions. Ions dissociated from the surfaces
along with the ions already present in the solution interact with the surface charges and
give rise to complex electric potential distributions. The potential distribution ultimately
determines the interaction strength between the two surfaces, yet the presence of counte-
rions in the gap between two charged surfaces makes the physical picture slightly more
complicated than just simple electrostatic repulsion. The repulsive force between two sur-
faces of the same charge originates in the osmotic pressure of the counterion cloud rather
than in the electrostatic repulsion between surfaces [3]. In fact, electric fields from the
two identically charged surfaces cancel each other in the gap. However, the counterions
between the two surfaces repel each other and try to maximize their configuration en-
tropy. Bringing the surfaces together decreases configuration entropy and thus gives rise
to the opposing force which we register as “electrostatic repulsion”. One of the impor-
tant consequences of this mechanism is that only the electrostatic repulsion of counteri-
ons and their entropy determines interactions of charged surfaces in electrolytes. There-
fore, most of the quantitative models must focus on the counterions distribution in the
gap. . )
Typically, the potential distribution W (x) can be described by the Poisson-Boltzmann
equation:

d*w e ey
— =———) Zipxie'8T, (14)
x e

where z; and py; are counter-ion charge and local density, respectively. We can solve the
Poisson-Boltzmann equation using several boundary conditions. We will discuss these
cases in more details when we consider the interpretation of chemical force microscopy
measurements. At this point we will simply list a few key results. For the case when a sur-
face potential Wg of the interacting surfaces is constant, the interaction force between two
charged spherical bodies separated by the distance R in a solution that has only one type
of counterions is:

F(D) = —64m RkgT Apooy 2e ™ P/, (15)
In this equation peo denotes the density of counterions far away from the charged surface,
and
zeWp
= tanh , 16
4 <4kBT> (16
1
A= —— (17)
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FIGURE 3.1. Energy profile of a generic interaction of charged surfaces in solution showing two main compo-
nents of DLVO potential.

Equation (15) shows that in the electrolyte solutions interaction force between the
charged surfaces decays exponentially. The characteristic length of such decay, given by
the eq. (17) is often called Debye length. This parameter plays a central role in the elec-
trostatic interaction description because it defines the screening of the electric field in the
electrolyte solution that is caused by the presence of an ionic cloud. Finally, to give a realis-
tic picture of interaction between two charged surfaces in an electrolyte solution, we must
also take into account van der Waals attraction, which is always present, and which be-
comes significant at shorter distances. The interplay between repulsive double layer force
and attractive van der Waals force leads to a fairly complex potential represented on the
Figure 3.1. DLVO theory gives quantitative description of these interactions [5,6]. In this
model the interaction potential between two spherical particles is given by

AR
6D’

i~

W(D) = 64kpT Rpooy*A2 - e~ (18)

Incidentally, DLVO equations show that if the electrostatic repulsion is strong enough then
they lead to the creation of a secondary “outer” minimum on the potential energy profile. If
the barrier between the local energy minimum at longer distances and a global minimum at
contact (D = 0) is sufficiently high, it will prevent the particle from adhering to the surface.
This is central argument that explains kinetic stability in colloid systems. DLVO treatment
of the electrostatic interactions becomes increasingly important in nanoscale systems as the
size shrinks down and van der Waals interactions become even more prominent.

3.2.3. Collective forces

Finally we will touch on the last major type of interactions that originates from collec-
tive behavior of molecules at the interfaces. It is difficult to pinpoint the mechanism of such
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interactions to a single physical process. Rather, these interactions originate when other in-
teractions induce some order in the collection of molecules near the interface. Due to their
complexity, these collective forces are the least understood of all the other types of inter-
molecular interactions and often require numerical modeling. Nevertheless, the qualitative
picture of some of these interactions can be quite simple. For example, structural forces
arise when strongly-bound solvent layers form at the surface. When we press such surface
against another surface, the system strongly favors the situation when the gap contains a
whole number of solvent layers. This effect gives rise to an oscillatory force as the gap size
becomes comparable to the solvent molecule size and each consecutive molecular layer is
squeezed out of the gap.

A conceptually similar effect can give rise to a completely different interaction. If sol-
vent molecules order at an interface, the configuration entropy of the system decreases.
Therefore, such situation will favor the interactions of two such surfaces, since their bind-
ing releases solvent molecules into the bulk solution and raises the entropy. This mecha-
nism can generate a surprisingly strong attractive force between two surfaces. A famous
example of such entropic force is hydrophobic effect, which refers to the strong association
of hydrophobic surfaces in aqueous solutions. In this case, the water molecules associate at
the interface. Researchers typically attribute the orientation mechanism to strong hydrogen
bonding (orientation interaction) between water molecules [3,7], however recent studies
disputed this interpretation [8]. Entropic (hydrophobic) forces have several important dis-
tinctions. First, they arise only when ensembles of molecules is present, therefore they are
absent in the interactions between individual molecules. Second, they become more promi-
nent as the contact area between interacting surfaces increases. Third, entropic nature of
the force leads to a curious temperature dependence of the interaction strength: entropic
forces increase as the temperature increases.

3.3. EXPERIMENTAL MEASUREMENTS OF THE INTERACTIONS AT
SOLID-LIQUID INTERFACES

There are almost no instances of a real interaction that consists of exclusively one
type, on the contrary most interactions at the solid—fluid interfaces mix contributions from
several types of forces. For example, a colloidal particle interacting with the surface may
simultaneously experience van der Waals forces, electrostatic double layer interactions, and
often significant solvation forces. Separating these contributions and accessing each one
individually is a formidable experimental and theoretical challenge. Several experimental
approaches have evolved to address this challenge.

Most of the classical techniques for experimental physical chemistry focus on deter-
mining energy characteristics of intermolecular processes using ensemble measurements
of large numbers of molecular species. On the contrary, techniques for measuring interac-
tions often try to limit the number of the interacting species. These techniques generally
strive to measure two main characteristics of the interaction: interaction strength and the
contact area. Ideally, these two quantities should be measured independently. The majority
of experimental approaches rely on one of the three strategies:

(a) We can try to manipulate the molecules of interest by attaching large “handles”
such as polystyrene beads to them.
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FIGURE 3.2. A cartoon illustrating the origin of the entropic force. Tightly bound solvent layers that form at the
interacting surfaces are expelled out of the gap as the surfaces come into contact.

(b) We can try to measure forces originating form multiple identical interaction events.
The success of this approach requires very uniform interacting surfaces in the con-
tact zone.

(c) We can try to measure intermolecular interactions by using sharp probes that bear
specific functional groups.

Figure 3.3 presents several techniques for interaction measurements that realize these
approaches. Optical trapping techniques present the best example of the first approach.
They turned out to be extremely useful for studying and manipulating long chain biopoly-
mers, i.e. DNA. However optical trapping does require attaching the interacting species to
micron-sized beads and the requirement of having long tethers does limit their usefulness
for surface interaction studies.

Surface forces apparatus (SFA) technique realizes the second approach. SFA uses cross
cylinders of atomic smooth mica surfaces to create a uniform macroscopic interface. Dif-
ferent monolayers physisorbed on the mica surface provide access to different chemical
interactions. One of the main advantages of the SFA is its ability to measure the contact
area independently using an optical interference setup. However the macroscopic size of
the contact area leads to significant averaging and severely limits SFA usability for site-
specific measurements.

The third approach, represented by atomic force microscopy (AFM) [9], is equally suit-
able to measuring single molecule level interactions and interactions between molecular as-
semblies. An atomic force microscope uses a sharp (typically microfabricated) probe [10]
mounted on a flexible cantilever. The probe tip contacts a sample mounted on a piezo scan-
ner, which can control the sample position to better than 1 A accuracy. AFM instruments
typically measure forces exerted on the probe by monitoring the deflection of the cantilever
via an optical lever system [11]. Modern cantilevers permit routine detection of forces in
the picoNewton (107!2 N) range and researches even reported measurement of attoNewton
(10~ '8y forces in vacuum with a specially-designed cantilever probes [12]. A wide variety
of cantilevers in different stiffness ranges is now available commercially, which gives ac-
cess to the techniques to scientists from a broad spectrum of disciplines. The list would be
incomplete without mentioning a specific variation of AFM—Colloidal Probe Microscopy,
in which researchers place microscopic size particles on the end of AFM cantilevers and
use the cantilever to study interactions of this particle with the surface [13]. As the name
suggests, this technique is especially suited for studying interactions in colloidal systems.
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FIGURE 3.3. Experimental techniques for measuring intermolecular interactions. (A) Surface Forces Apparatus.
(B) Optical Tweezers. (C) Atomic Force Microscopy.

Table 3.1 compares the main features of interaction force measurement techniques. In re-
cent years AFM emerged as a method of choice for measuring intermolecular interactions,
therefore we are going to pay particular attention to the results of AFM-based measure-
ments.

A typical interaction force measurement in an AFM experiment consists of force curve
cycle (Figure 3.5), in which the sample approaches the surface and then withdraws af-
ter making contact. As the cantilever restoring force overcomes the tip-sample interaction
force, the probe jumps away from the surface. The magnitude of such jump provides a mea-
sure of the interaction strength. Atomic force microscope design is fully compatible with
measurements in liquids, which gives researchers access to a wide range of the interactions
in chemical and biological systems. Typical AFM probes are made from silicon or silicon
nitride. As manufactured, their surface is poorly characterized and often is contaminated
by residues from manufacturing process. Therefore, it is critical to control and modify the
chemical functionality of the AFM probe, which researchers typically achieve by covering
the probe and sample surfaces with well-defined functional groups (Figure 3.4). Interaction
force measurements using such chemically-modified probes, Chemical Force Microscopy
(CFM), will be our main subject.

On of the most straightforward probe functionalization approaches involves coating
of the probe tips with a thin layer of gold and followed by a self-assembled alkanethiol
monolayer [14]. Crystalline monolayers of long-chain alkanethiols provide robust and uni-



TABLE 3.1.
Comparison of the main experimental methods for measuring intermolecular interactions.
Force Maximum Typical Contact area Distance Operating Typical Substrate Spatial Shear force
resolution applied contact measured resolution  environment  experimental requirements  mapping measurement
force area independently systems capability  possible?

Surface 10 nN =1 uN ~1 mm? YES 1A Ambient Atomically Requires NO YES
forces liquid smooth two flat
apparatus UHV surfaces, contacting

uniform surfaces

molecular

layers,

polymers
Optical/ I pN <InN N/A N/A 30 nm Liquid only Individual Requires a NO NO
magnetic long-chained way to attach
trapping polymer and a bead to the

biopolymer molecule of

molecules interest
Colloidal <10 pN“ =100 nN¢ >500nm®  NO 0.1 A Ambient Colloidal No specific NO YES
probe liquid beads substrate
microscopy UHV interacting requirements

with a surface
Atomic <l0pN9 =100 nN® 1-5 nm? NO 0.1 A Ambient Any No specific YES YES
force liquid substrates substrate
microscopy UHV that can be constraints

immaobilized
on surfaces

9 Depends on the cantilever stiffness.
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FIGURE 3.4. Chemical Force Microscopy.
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FIGURE 3.5. (A) Representative force curve obtained in an AFM experiment. As the probe tip approaches sample
surface and makes contact the cantilever deflects upwards. As the sample direction reverses adhesion forces hold
the cantilever bound to the surface until cantilever restoring force causes it to snap back. (B) A corresponding
force profile showing two jumps caused by cantilever mechanical instabilities.

form coatings. In addition, researchers can vary the terminal chemical functionality of those
monolayers without changing the structural characteristics of the coating. Thus, alkanethiol
modification of the AFM tips provides a flexible and versatile system for studying inter-
molecular interactions in condensed phases.

Lieber and co-workers used CFM to discriminate between basic types of chemical
interactions [14,15]. Histograms of adhesion force observed in repeated pull-off measure-
ments for the tips and samples terminating with basic functional groups such as COOH
and CHj3 in ethanol show that such surface chemical functionality indeed influences the
interactions strength (Figure 3.6). The trends observed in these experiments follow our
intuitive expectations—hydrogen bonding COOH groups interact stronger than the CHj
groups that can only interact through van der Waals interactions. Further studies extended
this approach to a large number of different functionalities and solvents [16—18]. Some of
these measurements are summarized in the Table 3.2. These results clearly show that the
simplistic model that is based solely on the predominant type of forces that exist between
the functional groups on the surfaces cannot adequately describe the trends that govern the
interaction strength. Instead a detailed analysis of the thermodynamics and kinetics of the
interactions is necessary.

3.3.1.  Thermodynamic models of interaction strength: contact mechanics approach

We can analyze the thermodynamics of the breaking of an adhesive junction using a
continuum approach based on a contact mechanics model developed by Johnson, Kendall
and Roberts (JKR model) [23]. This model treats the probe and the sample as two elastic
bodies that can interact with each other and the surrounding solvent. As we consider the
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FIGURE 3.6. Histograms of the interactions forces measured between different functional groups in ethanol.
From [15].

break-up of the adhesive junction between the probe and the sample under external force,
we need to balance the external load energy, elastic energy stored in the deformed bodies
and the adhesion energy. JKR model assumes that surface forces are acting only within the
contact area of the two bodies and that those bodies deform elastically under the applied
force. The model predicts that the pull-off force, Fyq, required to separate a tip of radius R
from a planar surface (Figure 3.7) will be given by

3
Fu = EﬂRWSMT, (19)
where
WsMT = ¥YsM + ¥YTM — VST (20)

is the thermodynamic work of adhesion for separating the sample and tip, Y sm and y M are
the surface free energies of the sample (S) and tip (T), in contact with the medium M (vac-
uum, vapor (V) or liquid (L)) and ygr is the interfacial free energy of the two contacting
solid surfaces.

If the sample and tip bear identical functional groups (e.g. CH3/CH3 interactions), then
yst = 0 and ys. = yTL, and eq. (20) simplifies to Wsmt = 2y, where y corresponds to
the free energy of the surface in equilibrium with vapor phase or solvent. Therefore, it is the
solid—vapor or solid-liquid surface free energy that determines the adhesive force between
tip and sample pairs modified with the same molecular groups!
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TABLE 3.2.
Adhesion forces between functional groups in liquid measured in CFM experiments. From [17].

Functional group pair Monolayer, Medium Adhesion Ref. Tip radius
(tip—surface) chain length (nN) (nm)
CH3—-CH> silane, Ca EtOH 0.4+03 [19] 50
CH3;—CH3 silane, Cg EtOH 0.7+0.6 [19] 50
CH3-CHs silane, C4 EtOH 24412 [19] 50
CH3;—CH3 silane, C g EtOH 35423 [19] 50
CH3—CH;3 thiol, C;g EtOH 1.0+£0.4 [15] 60
CH3-CH; thiol, Cy, EtOH 23+ 1.1 [16] 30
CF;-CF3 silane, Cp EtOH 154 [20] NR(20-40)
CH3-CF3: CF3-CH3 silane, Cyg. C1p EtOH repulsive [20] NR(20-40)
CH3-CH; silane, Cjg CF3(CF7)¢CF3 52 [20] NR(20-40)
CF;-CF3 silane, Cp CH3(CH3)sCH3 21 [20] NR(20-40)
CH3-CH; thiol, C5 CH3(CH»)|4CH;  0.07+005  [l6] 30
COOH-COOH thiol, Cy CH3(CH»)14CH;3 0.11 +£0.02 [16] 30
COOH-COOH thiol, Cyy CH3(CH2)4CH3 0.95+0.26 [21] NR(20-40)¢
COOH-CH3 thiol, Cy, Cyg EtOH 03£0.2 [15] 60
COOH-COOH thiol, Cy EtOH 23108 [15] 6l
COOH-COOH thiol, Cy EtOH 0.27 £0.04 [16] 30
COOH-COOH thiol, Cy PrOH 1.374+0.26 [21] NR(2040)"
CH,OH-CH,OH thiol, Cyy EtOH 0.18 £0.18 [16] 30
COOH-COOH thiol, Cyy H,O 2.80£0.20 [21] NR(20—40)¢
COOH-COOH thiol, Cy H,0, pH < 57 7002 [22] 60
COOH-COOH thiol, Cy H,0, DI 23411 [16] 30
COOH-CH>OH thiol, C11, Ciy H,0, pH < 5” 1.1+05 [22] 30
CH,OH-CH,0H thiol, Cy; H,0" 1.04+0.2 221 20
CH,OH-CH>0OH thiol, C H,0, DI 0.30+£0.05 [16] 30
CH1-CH; thiol, C5 H,0 60+5 [22] 60
CH3-CH3 thiol, Cy5 H,0 125+4.4 [16] 30

“Tips were coated with 50 nm of Au.
P fonic strength IS = 0.01 M.

FIGURE 3.7. Sphere-on-a-plane configuration in JKR model.

Liber and coworkers checked this approach by comparing the measured value of the
adhesion force between CHj-terminated surfaces and tips with the calculated value [13].
The calculated value of #,qg = 1.2 nN was based on the previously determined value of
y = 2.5 mJ/m? [24,25], and the experimentally determined probe tip radius; and provided
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a very good agreement with the experimental value of 1.0 + 0.4 nN. Thus, the continuum
approach of JKR model provides a reasonable interpretation of microscopic CFM measure-
ments. Further experiments using different solvents provided additional verification for this
approach [18].

In addition, JKR model analysis of the CFM measurements can yield important in-
formation about the surface free energies, which is especially important in cases where
conventional contact angle measurements fail. For example, contact angle measurements
cannot be used to probe high free energy surfaces, since most liquids wet them. Adhesion
measurements are free of this limitation, and, moreover, high surface energies lead to larger
(easily measured) forces. For example, for COOH-terminated SAMs, CFM data yields a
value of y =4.5 mJ/m? in ethanol [15].

Equations (19) and (20) highlight the central role that interfacial free energy plays in
determining the strength of the intermolecular interactions between surfaces. In addition
they show why the naive interpretation based on the type of the interaction does not always
work. The interfacial free energy term includes not only the surface—surface energy term,
but also two surface—solvent energy terms; therefore, the interaction strength depends on
the interplay of those terms. The surface—surface interactions term dominates the overall
interaction energy only if the solvent—surface interactions are very small, which is not al-
ways true. If the surface—solvent interactions are large, then the interaction between surface
chemical functionalities can be obscured by the solvent interactions with the surface [26].
Therefore, extremely strong dependence of the surface forces on the solvent composition
is not surprising [18]. Such dependence can even be advantageous for fine-tuning the inter-
actions between surfaces. Thus, all components of the system play important roles in de-
termining the strength of the interactions between surfaces in liquids. Skulason and Frisbie
recently developed quantitative criteria for choosing a proper solvent medium for observing
true intermolecular interactions in CFM experiments [26].

3.3.2. Interactions in aqueous solutions: measurement of double-layer forces

Water is by far the most important solvent due to its natural abundance and the role that
water plays in biological systems. A large number of surface functional groups ionize in
water giving rise to the electrostatic interactions. Ionization of the surface functional groups
is almost always accompanied by the presence of significant amount of counterions in solu-
tion; therefore pure (unshielded) electrostatic interactions are replaced by the double layer
interactions. Often, the dissociation constants of the surface groups in these systems differ
from those of monomer analogs in solution. Several factors contribute to these differences,
including: (i) a low dielectric permittivity of an adjacent hydrocarbon region; (ii) fewer
degrees of freedom for the immobilized species; (iii) an excess electrostatic free energy of
the supporting surface; and (iv) changes in the solution dielectric constant in the vicinity of
a charged surface [27]. These factors make direct measurements of the double layer forces
all the more useful.

The surface free energy depends on the ionization state of functional groups and reflects
their degree of ionization. In principle, researchers can monitor this change in free energy
on the macroscopic scale by measuring contact angle versus solution pH. At the pH value
equal to the pK of the surface group the contact angle goes through a large change [28].
Alternatively, Lieber and co-workers showed that chemically-modified AFM tips and sam-
ples can probe the changes in solid-liquid surface free energies with pH [22]. In that work
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FIGURE 3.8. (A) Force titration for tip and surface terminated with NH; groups. (B) Contact angle titration of
NH;-terminated surface. From [22].

researchers detected changes in surface charge induced by the dissociation of acidic/basic
groups by monitoring the adhesive force with an AFM probe sensitive to electrostatic inter-
actions. Variations in the sign and magnitude of the force indicated changes in the surface
charge; moreover, an abrupt transition in the force occurred at a pH ~ pK ofthe functional
group on the surface.

Specifically, Lieber and coworkers measured adhesion force values at different solution
pH values for tips and samples terminating with amine groups. Their experiments showed a
sharp drop to zero (indicating a repulsive interaction) below a pH of 4 (Figure 3.8A), which
was consistent with protonation of the amine groups on these two surfaces at lower pH val-
ues. Contact angles values measured using buffered solution droplets on this same surface
(Figure 3.8B) also showed a sharp transition (an increase in wetability) as the droplet pH is
reduced below pH of 4.5. Remarkably, local force microscopy measurements using a mod-
ified probe tip and macroscopic wetting studies provide very similar values for the pK of
the surface amine group for the amine-terminated SAMs, even if those values were 6-7 pK
units lower than typical bulk solution values. Vezenov et al. attributed large shifts in pK
values to then local hydrophobic environment [22]. Such difference underscores the value
of the AFM-based approach (“force titrations”) to determining local pK values in chemical
and biological systems.

Vezenov et al. also used force titrations to determine pK values for COOH-terminated
surfaces (Figure 3.9A) [22]. A prominent feature in this plot is the sharp transition from
positive adhesion forces at low pH to zero (indicating repulsion) at high pH. The ob-
served repulsion at pH > 6 originates in the electrostatic repulsion between negatively
charged carboxylate groups, while the adhesive interaction at low pH values is indica-
tive of hydrogen bonding between uncharged COOH groups. These data show that the
pK of the surface-confined carboxylic acid is 5.5 = 0.5, which is very similar to the pK,
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FIGURE 3.9. Force titrations on surfaces ternminated with different functional groups. (A) COOH/COOH pair;
(B) CH3/CH3 pair (right axis; OH/OH pair (left axis); (C) OH (tip)/ COOH (sample) pair. From [22].

for COOH functionality in aqueous solution. It is reasonable to expect that non-ionizing
functional groups would not interact through double-layer forces. Indeed, CFM titration
curves for tip/sample SAMs terminating in non-ionizing OH/OH and CH3/CH3 function-
alities showed an approximately constant, finite adhesive interaction throughout the whole
pH range (Figure 3.9B). Vezenov et al. also demonstrated the use of probes terminating
in hydrophilic non-ionizing groups (such as OH-groups) as pK probes for unknown sur-
face functionalities. They used an OH-terminated tip to determine the pK of the surface
terminated in COOH groups (Figure 3.9C). The pK value determined by this method was
indeed identical to the pK values determined by other techniques [22].

The JKR theory of contact mechanics can also provide quantitative interpretation for
interaction force measurements in aqueous medium. However, to interpret pH dependent
adhesion data in electrolyte solutions we also have to include long-range electrostatic inter-
actions between the tip and sample surface into the overall energy balance. When the free
energy of a double layer per unit area wpr, balances ¥ s, we do not expect to measure any
adhesion. Quantitatively, the pull-off force, Ppuit-ofr, is related to these two terms:

3 5
Ppuli-off = 37 RWgis + EPDLv (21

where Ppp, & 2w Rwpy is an additional load that we have to apply to a spherical tip
due to the presence of a double layer. Thus, repulsion between similarly-charged surfaces
(PpL > 0) decrease the magnitude of the pull-off force compared to that given by the clas-



74 A.NOY

lonic strength (M)

e 1.0x10"
S Ny

Force (nN)

20 30 40 50 60
Separation (nm)

FIGURE 3.10. Repulsive double layer interaction recorded between tip and surface terminated in COOH func-
tional groups at pH = 7.2 for different solution ionic strengths. From [22].

sic JKR model. Beyond a threshold value of the repulsive electrical double layer force
PpL = Ppull-oft, the deformation of a spherical tip becomes fully reversible and the pull-
off force vanishes. The corresponding surface potential

A

¥=/—wL (22)
£&Q

is independent of the tip radius for A <« R (A is the Debye length). This equation shows
that a change from adhesive to repulsive behavior does signal a change in the ionization
state of the interacting surfaces.

Researchers also verified the electrostatic origin of the pH-dependent repulsive forces
by changing the Debye screening length A; that is the solution ionic strength. Figure 3.10
shows that the repulsive interaction becomes progressively longer-ranged as the solution
ionic strength (IS) decreases. A detailed analysis of the electrostatic force entails taking into
account the surface charge—potential regulation imposed by the potential dependent binding
of ions at the interface [29-31]. Vezenov et al. developed a model [22] that uses linearized
charge—potential regulation condition [32]. Fits of this model to the experimental data in-
dicated that the measurements occur in the constant potential (vs. constant charge) regime
independent of ionic strength, i.e. the charge—potential regulation is a significant effect in
these systems. However, Shestakov et al. also obtained reasonable agreement between sim-
ulation and experiment when they modeled a similar measurement by solving non-linear
Poisson—-Boltzmann equation in constant charge case [33]. Their simulations reproduced
the experimental data reasonably well for a partially-ionized surface (Figure 3.11).

Finally, the modified JKR model provides an interesting estimate of the number of
species involved in double layer interactions. For a tip with a radius of R = 30 nm in
contact with the sample surface in solution of 0.01 M ionic strength, there are more than
200 ions and 1 x 10% water molecules involved in the interaction. In contrast, in organic
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FIGURE3.11. Comparison of the Poisson—-Boltzmann simulation with the CFM experimental results (solid line).
Each simulation (designated by a symbol) is a separate solution of the PB equation for a particular separation dis-
tance and imposed surface charge density. The situation when only half of the surface groupsionize (o /o =0.5)
provides the best agreement. From [33].

solvents we typically have to deal with only 15-25 molecular contacts. Thus, unlike the van
der Waals and hydrogen bonding interactions the electrostatic forces are always averaged
over relatively large areas.

3.3.3. Kinetic model of intermolecular interactions

So far, contact mechanics models formed the basis of our theoretical description. How-
ever, these thermodynamic approaches present only phenomenological picture of the in-
teraction. We describe the interaction using an overall energy parameter (W) that does
not fully represent the nature of the physical processes occurring in the system. The value
of W is certainly related to the interaction potential parameters, yet this relationship is not
straightforward. Moreover, contact mechanics models are continuum theories; therefore we
expect them to break down as the size of the contact area shrinks to molecular dimensions.
Therefore, it is unlikely that such models will give us the answer to the ultimate question:
what is the strength of a single bond? To answer this question and to make a more direct
connection between the measured interaction strength and the interaction potential para-
meters we need to consider the kinetics of the adhesive junction break-up under an external
load. Kinetic model of bond dissociation, developed by Evans and coworkers in 1997 pro-
vided a breakthrough in such analysis and uncovered several fascinating details about the
behavior of a single bond under external load [34].
3.3.3.1. Strength of a single bond Evan’s model is based on the Kramers’ theory of
thermally-assisted barrier crossing in liquids [35]. The model describes an irreversible es-
cape from a potential well (“bound state”) under an influence of external loading force.
In the absence of loading force thermal fluctuations magnitude and the interactions poten-
tial parameters define a finite lifetime of the adhesive bond. In other words, given enough
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FIGURE 3.12. A cartoon illustrating the effect of the external loading force on the interaction potential.

time any adhesive bond will eventually break under the influence of even an infinitesimal
loading force. When we apply the loading force, we tilt the potential, effectively reducing
the barrier height (Figure 3.12). As the result, the system driven by thermal fluctuations
has a higher probability to reach the top of the barrier and escape. An AFM experiment
brings an important modification to this intuitive picture—the loading force is no longer
constant; instead it changes constantly during the force curve cycle (typically, the loading
force increases linearly with time). Therefore, during the force measurement the potential
landscape that the system sees is constantly changing as the loading force tilts the bar-
rier more and more. Evans and colleagues showed that such external force leads to the
exponential amplification of the escape rate, which in tern defines the bond survival time
and bond strength. Qualitatively, at lower applied forces the barrier is still too high for the
thermally-activated transition to happen and at higher applied forces the transition has most
likely happened already. In other words, the unbinding of a chemical bond under external
load does happen in a fairly narrow range of the applied forces, which ultimately defines
the bond strength that we register in the experiment. Importantly, the kinetic nature of the
process leads to a fascinating result: the force required for unbinding (i.e. bond strength) is
not unique. Rather, the bond strength depends on the bond loading history!

Quantitative analysis verifies this intuitive picture. Evans and Ritchie [34] postulated
that the rate of escape from the bound state dP/dt under applied load f(¢) obeys first order
kinetics:

L —kott P(1) 23
d[ - off ) ( )

where P is the population of the bound state and the rate constant ko is inversely propor-
tional to the average bound state survival time. Since application of the external load force

f(#) lowers the energy barrier, the rate constant korp becomes a function of the external
force:

1 [_ Ep— f(t)xﬂ] 24)

kotf = —e
off ™ P kgT

Here Eq is the activation energy barrier, xg is the distance between the bound state
and the transition state, and tp is the characteristic diffusion time of motion in the system.
If the external load force changes with time, the problem becomes a first order kinetic
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process with time-dependent rate constant. AFM pull-off force measurements fall in this
category, since they feature constant rate loading f(f) = rst. According to the eq. (23),
the likelihood of detachment (i.e. probability density p(t) = dP/dt) is proportional to rate
constant multiplied by the population of the bound state. As the loading force increases,
the rate constant increases while the population of the bound state diminishes. Therefore,
the probability of detachment will go through a maximum at a certain value of the applied
force, which defines the bond strength, fpul-of [34,36]. Evans solved the eqs (23) and (24)
to find the position of the detachment probability maximum in the case of a single energy
barrier loaded at constant rate, r s, and obtained the following expression for the pull-off
force [36]:

kgT r
=5 (1), o
xg o

where ry is defined as:

kpT |
* opex (ﬂ)
D €Xp kT

Immediately, we can see from eq. (25) that the pull-off force increases logarithmically
as the loading rate ry increases. Thus, the strength of an individual bond can vary quite
significantly over a wide range of loading rates. Moreover, the slope of this dependence is
determined by the potential width, xg. If the system potential energy surface has several
barriers at different values of xg, then further increase in the loading rate will eventually
expose the inner barriers and the slope of the force versus log(ry) will switch to progres-
sively higher values determined by the widths of the inner barriers. Evans and coworkers
demonstrated this behavior in a Dynamic Force Spectroscopy experiment by measuring the
interaction between biotin ligands and avidin and streptavidin proteins over many decades
of loading rate [37]. Their data (Figure 3.13) clearly show the existence of several barriers
on the potential energy surface for these interactions and provide a powerful demonstration
of the Dynamic Force Spectroscopy potential for mapping such barriers.
3.3.3.2. Bond strength in multiple-bond systems Measurements utilizing a single bond
represent an ideal experimental system. Yet, in most cases single bond regimes are difficult
to achieve. In addition, a significant portion of biological interactions involve a number of
distinct bonds that do not necessarily break simultaneously. Recently, Evans and Williams
considered the kinetics of the bond rupture in such systems [38,39]. They identified several
general cases of loading in the multiple-bond systems: (1) serial loading when we apply the
force to a chain of bonds, (2) parallel loading when the loading force is shared by several
bonds. The detailed analysis is beyond the scope of this review, so we simply summarize the
main results of Evans and Williams for the idealized cases of N identical bonds in different
configurations. We can simplify the analysis by assuming that all the bonds are correlated,
i.e. by assuming that they share a reaction coordinate. Then the system can be analyzed as
a single “macro-bond” with the potential equal to the sum of the potentials of individual

(26)
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FIGURE 3.13. Dynamic force spectroscopy measurement of the strength of biotin—streptavidin (circles) and
biotin—avidin (triangles) bonds. Biotin-streptavidin data show activation barriers at 0.5 nm and 0.12 nm. Bi-
otin—avidin pair also shows an inner barrier at 0.12 nm; but the outer barrier shifts to 0.3 nm (dashed line).
In addition, at very low loading rates the biotin—avidin force spectrum spectrum exhibits a low-strength regime
(dashed line) that corresponds to a barrier at 3 nm. From [37].

components [39]. For the serial loading of N identical bonds Evans and Williams obtained
the following expressions for the unbinding force:

kpT re » (N-DE
oft =—In| —N —_—] ). 27
fpull off N)Cﬂ n(m eXP( keT )) 27

In case of parallel loading they obtained:
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Qualitatively, in case of parallel loading of N bonds the binding force is only slightly
smaller than N times single bond strength, but in the serial loading case, the binding force
is much smaller than that value. The parallel loading case is by far the most important for
analysis of real experimental systems, so we will consider it further. One of the most im-
portant features of this case is that the distance scale of the interactions is unchanged, i.e.
the width of the potential for the “macro-bond” is still equal to the width of the potential for
a single bond. Moreover, the scaling of the bond strength with the loading rate predicted
by the kinetic model for a single bond case is still valid. Therefore, we can use the dy-
namic force spectroscopy measurement to determine the width of the interaction potential
using CFM experiments that provide an almost ideal parallel loading case due to the con-
figuration constraints imposed by the rigid self-assembled monolayers. Zepeda et al. [40]
demonstrated such measurement for the interactions of COOH-terminated surfaces and for
interactions of mica surface with SizN4-terminated probe (Figure 3.14). In both cases they
observed the scaling predicted by the kinetic model and determined the distance scale para-
meters for both interactions. Interestingly, in case of mica-Si3Ny4 interactions they observed
two distinct energy barriers—the tight inner barrier at 1.3 A followed by the outer barrier
at ~11 A which pointed out to a rather large role solvation plays in structuring the energy
landscape of the interactions between those surfaces.
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FIGURE 3.14. Interaction forces measured as a function of loading rate for (A) Si3N4 tip and mica surface, and
(B) COOH-terminated tip and surface. From [40].

If we allow the intermolecular bonds to be uncorrelated, the analysis of the multiple-
bond interaction becomes rather complicated, yet, qualitatively most of the physical fea-
tures of the simple “macro-bond” model remain valid. One interesting case of the uncorre-
lated unbinding is the “zipper loading” in which N bonds are broken consecutively one af-
ter another (such as when unzipping a DNA double helix). Kinetic model analysis predicts
that for N bonds in the zipper binding force will scale as log(/N). This unusual prediction
should be an interesting subject for the experimental verification.
3.3.3.3. Temperature dependence of the intermolecular bond strength Lastly, we con-
sider the temperature dependence of the intermolecular bond strength. We can represent
eq. (25) in a much more revealing form, if we separate the energy barrier into enthalpic and
entropic components, Eg = AH — T'AS, and substitute eq. (26) into eq. (25),

S k T
AH A sT [kB :I 29)
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FIGURE 3.15. Interaction forces measured as a function of temperature for COOH-terminated surfaces in differ-
ent solvents (A) hexane (B) ethanol, and (C) 1:1 ethanol hexane mixture. From [41].

The first two terms in eq. (29) describe the enthalpic and the entropic contribution to
the bond strength and the third term describes the contribution of thermal motion to the
bond strength. In other words, the first two components describe the true energy-barrier
contribution and the (always negative) third component describes the “thermal weakening”
of a bond caused by the thermal fluctuations helping the system to get over the activation
barrier.

Equation (29) highlights another non-trivial physics of a single bond behavior under
external load. The third term in the eq. (29) (“thermal weakening”) always increases in
magnitude as the temperature increases, leading to the overall decrease in the observed
force, in full agreement with the intuitive picture of bond “loosening”. Yet, the entropic
term can lead to either increase or decrease in the overall interaction force depending on
the sign on the entropy change for the unbinding process. Therefore, for the cases when
the energy barrier has a large entropy component (i.e. such as in cases of entropic interac-
tions) we expect the bond strength to increase with the temperature! Noy and co-workers
observed this behavior when they measured the interaction strength between probe and
sample terminated in the carboxylic functional groups in polar solvents (Figure 3.15B) and
attributed this effect to the large negative entropy accompanying ordering of solvent mole-
cules at the interfaces [41]. When they switched to a non-polar solvent, the interaction force
showed the expected decrease with the increase in temperature (Figure 3.15A).

The relative magnitude of the entropic and the kinetic terms in the eq. (29) defines
two regimes of bond rupture: (a) thermally-dominated kinetics where the kinetic weaken-
ing leads to decrease in the observed bond strength with the increase in temperature and
(b) barrier-dominated kinetics where the entropic term overwhelms the kinetic term and
leads to an increase in interaction strength with increase in temperature. Further analysis
of the eq. (29) also indicates that the entropic regime of unbinding must exist only in the
limited range of temperatures. As the temperature increases further, kinetic term which in-
creases as T - In T will always overwhelm the entropic term which increases only linearly.



INTERACTIONS AT SOLID-FLUID INTERFACES 81

For the entropic forces caused by the ordering of the solvent molecules at the surface this
cross-over point simply corresponds to the situation when the thermal motion becomes so
strong that it overwhelms molecular ordering in the solvent layers.

3.4. OUTLOOK

Recent developments in experimental methods of measuring intermolecular interac-
tions are remarkable for several reasons. First, they allowed direct exploration of the role
that different functionalities, solvents and environmental variables play in shaping the
strength of intermolecular interactions. Chemical Force Microscopy approach in partic-
ular, turned out to be very effective in exploring some of these factors. Moreover, CFM
studies clearly debunked the naive notion that intermolecular interaction strength is deter-
mined only by the nature of the interacting groups. These studies showed that the inter-
action strength between two chemical species must always considered in context of the
environment surrounding these species. In addition CFM studies highlighted the critical
role solvent plays in shaping intermolecular interactions in condensed phases.

Furthermore, the emerging kinetic view of the intermolecular interactions introduced a
completely new paradigm for understanding these interactions. Kinetic model showed that
the measured interactions strength depends not only on the energy landscape of the system,
but also on the loading history prior to the bond break-up. This new paradigm refocused
our attention to the energy landscape as a fundamental characteristic of the interaction.
Moreover, the Dynamic Force Spectroscopy approach derived from kinetic model allowed
direct characterization of the potential energy barrier geometry. Further investigations of
the interactions in different systems, especially interactions between biomolecules, will
uncover many interesting characteristics of intermolecular potentials. These studies have
the potential to reveal for the first time a true picture of the energy landscapes in complex
chemical and biological systems.
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Optical consequences of chemistry at
growing crystal interfaces

Bart Kahr*, Miki Kurimoto, Werner Kaminsky, Sei-Hum Jang, Jason B. Benedict
Department of Chemistry, Box 351700, University of Washington, Seattle, WA 98195-1700, USA

4.1. INTRODUCTION

The chemical states and distributions of impurities in crystals contain information, in
principle, about the dynamic interactions of the impurities with the growing crystal inter-
faces through which they become entrapped. However, extracting this information is by
no means straightforward. To ascertain the state of a guest molecule in a crystal by X-ray
diffraction, the quantity of the guest must be greater than ~10 mole % as X-ray scatter-
ing increases with the square of the number of electrons. Contributions from impurities
are contained in the diffuse scattering between the Bragg reflections but this has been dif-
ficult to treat systematically and is often ignored [1]. Minor components in crystals that
may well determine chemical and physical properties are invisible in most crystal structure
determinations, restricting X-ray studies of mixed crystals to those rare examples of iso-
morphous host/guest pairs that are miscible in great proportion. For those mixed crystals
in which guests are less than ~1 mole %, optical measurements and imaging technolo-
gies may take the place of X-ray analysis. Optical microscopies and spectroscopies are
often comparatively quick, easy, and cheap while being very sensitive to small quantities
of guest molecules or ions. Here, we illustrate how optical methods can be used to extract
information about dynamic processes at growing crystal interfaces so long as the guests are
sufficiently complex that they can encode and report information about these encounters at
surfaces. A cartoon representing the logic of this course of study is shown in Figure 4.1.
Here, the optical signature of a large guest molecule changes upon adsorption at a kink site,
and overgrowth by the host crystal.

In order for this program to succeed we need to prepare optically labeled crystals—
mixed crystals—almost at will. However, it is widely assumed that mixed crystals only
grow when there is a homology of size and shape between the additive and host molecules

*E-mail address: kahr@chem.washington.edu
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or ions. Statements of the presumed restrictions of the principle of isomorphism [2] are not
hard to find.

Trying to predict solubility, we should compare, first of all, the shapes of the host and impurity
molecules... Similarity of the shapes of molecules is a necessary condition of solubility [3].

Unfortunately, it is frequently difficult to find a suitable host crystal into which the solute of in-
terest enters in an isomorphous fashion and which is transparent throughout the spectral region of
interest [4].

Solid solutions in organic systems are rare and only expected where the host and impurity are
similar in size and shape (isomorphous) [5].

The study of mixed crystals with anisomorphous guests has been lagged because of
broad trends in solid state chemistry in the past century, especially the ascension of X-ray
scattering experiments. Diffraction has reinforced the notion that crystals clean themselves
up as they grow, excluding those square pegs that will not fit in the round holes vacated by
host molecules. If there is not anything in the ORTEP diagram of a single crystal structure
other than the principle component it is easy to be lulled into thinking that it is the only
significant part of the composition.

The principle of isomorphism makes sense on thermodynamic grounds. However, crys-
tals grow from solution under conditions of supersaturation far from equilibrium. Under
such conditions, crystals are more flexible in their ability to orient and overgrow impurities
than was previously thought. With this in mind, we set out to generalize the process of
single crystal matrix isolation for a number of reasons, not least of which is to understand
crystal growth mechanisms and the role of interfaces therein.

Given a polar, chiral, optically responsive molecule mono-dispersed in an otherwise
single crystal, we would like to deduce as much as possible about the growth processes
from the optical properties of the included guest or its optical consequences on the host.
In principle, optical measurements should allow us to determine the spatial disposition of
impurities, their solvation and conformation states, as well as their orientation, symmetry,
polarity, and chirality. And, in cases where we can detect polarity and enantioselectivity
through nonlinear optical or chiroptical measurements we also will want to establish the
sense of the polar axis and absolute configuration. Shown in Scheme 4.1 is a generalized
optical probe represented as a chiral olefin with conjugated donor and acceptor that render
the molecule dipolar and light absorbing. This representation is further generalized as an
arrow appended to a chiral moiety indicated as R or S. Figure 4.2 then illustrates possi-

in solution adsorption incorporation

FIGURE 4.1. Cartoon of optical changes associated with the adsorption of an impurity at the kink site of a
growing crystal, and the subsequent overgrowth. It is emblematic of the general strategy of using optical probes
to study crystal growth mechanisms elaborated on herein.
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ble guest distributions that we will describe throughout. (However, not all of the guests
discussed herein are polar and/or chiral.)

D*
JC:C/ = =R/S
A

Scheme 4.1.

(o]

FIGURE 4.2. Schematic representation of two dimensional mixed crystals containing various distributions of
guest molecules. (a) Random homogeneous distribution, (b) random growth sector specific distribtution, (c) ori-
ented growth sector specific distributions, (d) oriented growth sector specific distribution with reduced symmetry,
(e, ) polar guest distributions in crystals with diad symmetry, (g) polar guest distribution in a polar crystal,
(h, i) oriented, polar, enantioselective distributions in a centric crystal, (j) enantioselective distribution in a polar
crystal.
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The optical methods employed here include measurements of the absorption and emis-
sion energies and anisotropies (linear dichroism and fluorescence anisotropy) [4], measure-
ments of luminescence lifetimes of both singlet and triplet excited states [6], reflected light
microscopy using the differential interference contrast method [7], and polarized light mi-
croscopy [8]. These are common techniques and we need not describe them here. Methods
for measuring chiroptical properties of crystals are still in development and these we will
discuss more fully in Sections 4.8 and 4.10. With the exception of measurements of second
harmonic generation and two-photon luminescence, we restrict ourselves to linear crystal
optics and single photon processes. There are numerous nonlinear, multi-photon spectro-
scopies currently in development that may well contribute to the characterization of some
of the materials described herein [9].

Materials containing preformed layers, channels, or pores that serve as hosts for dyes
will not be discussed here because, while of great interest, they do less to challenge our
intuition about mixed crystal structure and crystal growth as free or loosely solvated spaces
may naturally be filled. And, they have not been the subjects of the authors’ research. We
also exclude optical studies of species merely adsorbed to crystallographic surfaces. These
are legion and space does not permit discussion here.

4.2. SPATIAL DISPOSITION

Impurities in crystals are rarely distributed uniformly. The heterogeneous incorporation
of impurities among crystal growth sectors, volumes of a crystal that have grown in a
particular direction through a specific face, is termed intersectoral zoning (Figure 4.3a).
Intersectoral zoning is a general feature of impure crystals in which symmetry distinct

(a) (b)

C 0 a /

FIGURE 4.3. Intersectoral zoning (a) vs. intrasectoral zoning (b). The shaded regions represent the location of
an impurity. The lower figures represent cross sections indicated by the dotted slices above.
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facets express different affinities for additives. Figures 4.2a and 4.2b contrast crystals with
diad symmetry (point group 2) containing a generalized impurity as described above. In
both cases, the impurity is randomly oriented, but in 2a it is uniformly distributed while
in 2b it is adsorbed and overgrown by only two of the six growth sectors. The latter case
provides evidence of face-selective recognition. Intersectoral zoning of molecular guests is
dramatically revealed in transparent crystals marked by dyes [10-13].

Impurities may inhomogeneously deposit within a single growth sector depending on
the crystal’s surface topography. Surfaces of crystals grown in the lower supersaturation
regime often propagate through dislocations that produce growth spirals or hillocks [14,15].
Polygonization of hillocks partitions a face into vicinal regions, each having slightly dif-
ferent inclinations. Impurity partitioning among vicinal regions, intrasectoral zoning (Fig-
ure 4.3b), results from the selective interactions of additives with stepped hillock slopes.
Intrasectoral zoning therefore provides more detailed information about recognition mech-
anisms than does intersectoral zoning because the active growth surfaces at the time of
incorporation are more fully defined.

Figure 4.4 shows an especially rich example of intersectoral zoning in a crys-
tal of potassium hydrogen phthalate (commonly abbreviated as KAP for potassium
acid phthalate) grown from a millimolar solution of frans-4-[4-(dimethylamino)styryl]-1-
methylpyridinium iodide (1) (Scheme 4.2). The luminescence was multicolored suggesting
an illuminated quilt of sorts with at least 7 distinct regions in cross section. The differences
in photophysical properties were consequences of acid/base chemistry, photoisomeriza-
tions and dimerizations, as well as aggregation. We will not describe the full characteriza-
tion of these crystals in this review. Nonetheless, they best serve to illustrate the surprising
range of large, optical reporters, that can selectively and specifically substitute for host
crystal molecules or ions bearing no size, shape, nor compositional similarly to the guest
molecules or ions.

Intrasectoral zoning in KAP was manifest in mixed crystals with the red, luminescing
dye 1,1’,3,3,3',3’-hexamethyldicarbocyanine (2). Compound 2 recognized (010) surface,
but not uniformly. The pattern of luminescence was consistent with the recognition of the
hillock steps growing in the —c direction (Figure 4.5b) that were also evident by differ-
ential interference contrast microscopy (Figure 4.5a). While 2 did not change the shape
of the polygonal hillocks, the triarylmethyl dye acid violet 17 (3, C.I. #42650) resulted in
hillocks that were rounded on one side. Such hillock morphology changes have been ob-
served previously [16], and were attributed to the selective poisoning of specific kink sites
as illustrated in Figure 4.6.

Zaitseva and coworkers dyed the hillocks on the {101} faces of KH2POy4 thereby
demonstrating both inter- and intrasectoral zoning [17]. This observation required intro-
duction of sulfonated azo dyes during late growth thereby coloring only a thin surface
layer so that patterns of color were not confounded by moving dislocation cores. Gurney
et al. saw striking luminescent blue bands from ortho-aminobenzenesulfonate in K2SOy4
{021} sectors [18]. These stripes corresponded to the slowly advancing steps of the macro-
spirals, e-Lactose monohydrate crystals grown in the presence of green fluorescent protein
(GFP) luminesced exclusively from the (010) sector [19]. Differential interference con-
trast microscopy of a pure w-lactose monohydrate crystal revealed a single polygonized
hillock [20,21] that partitioned the (010) surface into four vicinal faces pair-wise related by
two-fold symmetry. A comparison of the interference contrast micrographs showed clearly
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(110)  (010)
(121)

FIGURE 4.4. Intersectoral zoning in potassium hydrogen phthalate crystal grown in the presence of
4-[4-(dimethylamino)styryl]-1-methylpyridium iodide (1). (a) The crystal as grown, and (b) schematic repre-
sentation of the habit, (c-k) are 100 pm slices of (a) from the bottom of the crystal (k) to the top (c). The slices
reveal an astonishing range of photophysical properties associated with the guests in five different growth sectors
and at different times during growth.

that GFP only recognized the lateral slopes with the greatest step advancement velocity.
These examples illustrate how colored or luminescent molecules can be used to quickly
image dislocations, even long after they have ceased to be active and have been overgrown.
Imaging dislocations within crystals is usually accomplished only by much more laborious
technique of X-ray topography [22].

4.3. SOLVATION AND CONFORMATION

The photophysical properties of chromophores inside of single crystals reflect interac-
tions on growing crystal surfaces. These encounters can be detected as solvatochromism or
more particularly in the protonation states of included guests that respond to surface charge
and acidity. For example, the same dyes included in K2SO4 and KH2PO4 [23,24] were typ-
ically red and blue shifted respectively, compared with saturated solutions of these salts.
The red shifts were comparatively slight and most likely a consequence of the fact that in
an ionic medium the ground states of the dyes were closer in character to charge-transfer
transition states [25]. The blue shifts undoubtedly arose because lone electron pairs that
form hydrogen bonds in KH2POy4 raised the transition energies by lowering the energies
of the ground states. For example, benzamide dyed in the { 10,2} sectors with Nile red (4)
showed an excitation polarization consistent with the pre-organized hydrogen bonding of 4
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to three benzamide molecules in a crystal chain. The energy of the luminescence was con-

sistent with H-bonding found in polar protic solvents where the -N(CH>CH3)2 group has
turned out of plane [26].
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FIGURE 4.5. Differential interference contrast micrographs of KAP (010) face grown in the presence of 2.5 uM
1,1’,3,3,3/,3'-hexamethylindodicarbocyanine iodide (2) (a) compared with (b), the luminescence micrograph. The
luminophores reveal individual hillocks in the disposition of luminescent chevrons associated with intrasectoral
zoning.

(a)

S

FIGURE 4.6. Differential interference contrast micrograph of potassium acid phthalate (KAP) (010) face grown
in the presence of 17.2 uM acid violet 17 (3) (a) and schematic illustration of the hillock morphology change on
selectively binding to a subset of kink sites (b).
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Nile red (4) and methyl red (5, C.I. #13020) showed different colors in phthalic acid
depending upon the faces through which they had adsorbed [27]. Benedict ef al. found that
a variety of acid/base indicators could be oriented in specific growth sectors or aromatic
acid crystals in various protonation states [28].

Phthalic acid oriented a great variety of cationic dyes, especially in its {021} growth
sectors [29]. Red shifts in the absorption spectra of the crystals indicated the possibility of
hydrogen phthalate/dye charge-transfer complexes [30]. Such associations were confirmed
in crystal structures of stoichiometric hydrogenphthalate/malachite green (6) co-crystals.
This co-crystal structure was used in the interpretation of the linear dichroism of the corre-
sponding mixed crystal.

Gurney et al. studied the excited state lifetimes of room temperature phosphorescent
ortho-aminosulfonated benzenes and naphthalenes from which they found evidence of
cation—m interactions [31] through the observation of heavy atom effects [32]. The triplet
lifetime of ortho-aminobenzenesulfonate was shorter in RbpSQO4 as compared with isomor-
phous K»SO4. Similarly, phosphorescence lifetimes of para-aminobenzoate were shorter
in barium acetate crystals as compared to sodium acetate trihydrate crystals. It had been
demonstrated by optical detection of magnetic resonance that intersystem crossing rates
for aromatic compounds are only affected by heavy atoms if they are interacting with the
faces of the w-systems [35].

Flexible molecules may respond to surfaces by changing their conformations. Distinct
facets of a single crystal may express different affinities for guests that can exist in more
than one conformation. Crystals of K2SO4 incorporating ortho-aminobenzenesulfonate
showed an astonishing range of photophysical responses in different growth sectors [32].
The luminescence energies and lifetimes were inversely correlated; the more energetic the
emission, the shorter the lifetime [34]. Such a correlation suggested that the differences
among the molecules in the sectors were a consequence of a progressive rotation of the
—NH; lone electron pair out of conjugation with the m system [35,36]. Similar obser-
vations were obtained for a variety of ortho-aminoarenesulfonates [37]. Other examples
of conformational selectivity have been published previously [38]. The observations and
measurements described herein speak to the nature of the first coordination sphere sur-
rounding the impurities that must reflect the dynamic processes at the growing crystal in-
terfaces.

4.4. ORIENTATION

In crystals, oriented guests are the rule rather than the exception. Orientation can be
evidenced by polarized light spectroscopy when the host is transparent in a region of the
electromagnetic spectrum where the guest is absorbing, or luminescing. Schematic Fig-
ure 4.2¢ represents an oriented, growth sector specific impurity distribution. Because the
guest, while oriented, can adopt more than one orientation, the diad symmetry of the host
crystal is not broken in any of the growth sectors.

A single guest orientation can preserve the crystallographic symmetry if the host and
guest have the same point symmetry. A simple example is that of 1,3,6,8-pyrenetetrasulfon-
ate in K280y crystals (7) (Figure 4.7) [39]. Here, both the crystal and the guest molecules
have mmm symmetry. The dichroism and fluorescence anisotropy were very high. This
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FIGURE 4.7. 1,3,6,8-Pyrenetetrasulfonate (7) superimposed within the KySQOj4 lattice such that sulfur atoms in
sulfonate groups were best fit to the sulfur atoms of the sulfates ions in the lattice related to one another by the a
and c lattice constants.

is because the molecules recognized the host lattice by substituting their coplanar sul-
fonate substituents for sulfate ion pairs that were parallel to the basis vectors and extinction
directions of the host. Symmetry requires that the dominant transition moment of 7 is
parallel with the long molecular axis. Given the recognition mechanism, the moment was
aligned with extinction directions in the birefringent crystal, thereby resulting in the large
anisotropies.

The sulfonate—sulfate substitution mechanism, while generalizable, can not always be
relied as other factors may play a decisive role [25]. In other dyed crystals, the orientation
of the dye was most likely determined by the lamellar structure of the crystal as opposed
to very particular non-covalent interactions [40].

We have measured the polarized absorption or excitation spectra of hundreds of dyed
crystals. When the anisotropy is high, orientations can be proposed that suggest sterecospe-
cific recognition mechanisms giving rise to these orientations at surfaces. This mass of data
needs to be approached cautiously. The appeal of simple, intuitive, specific non-covalent in-
teractions between host and guest can be overextended. When the anisotropy is very high it
is safe to assume narrow orientation distributions. However, when the anisotropy is low, one
can not distinguish by polarized light microscopy whether there is a distribution of orien-
tations or whether there is a narrow distribution with the relevant dipoles oriented between
extinction directions. Furthermore, it is often impossible to distinguish multiple symme-
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try related or electronically equivalent orientations from a single member of such a set.
Single molecule spectroscopy [41] will enable us to determine polarization distributions
of individual chromophores. In this way, we can resolve a number of the aforementioned
ambiguities.

4.5. SYMMETRY REDUCTION

Shown in Figure 4.2d is an example of two-dimensional crystal with m symmetry.
Here, reflections within the four symmetry-related growth sectors are obviated by the uni-
directional growth of any one sector.

We now know that solid solutions are routinely less symmetric than pure counter-
parts because guests will be unequally distributed among surface sites corresponding to
symmetry-related positions in the lattice when these sites have different presentations on
a growing crystal face [42-44]. The resultant crystal will be an assembly of growth sec-
tors. Researchers from the Weizmann Institute showed that, for example, cinnamamide
(8), which crystallizes in the centrosymmetric space group P2;/c, when grown with 2-
thienylacrylamide (9), formed mixed crystals (~7.5 mol% 9) with plate-like habits com-
posed of six principal growth sectors of reduced symmetries. (Thienyl and phenyl rings are
isomorphous.) The {011} sectors had triclinic symmetry, P1, by X-ray diffraction, whereas
the {100} sectors maintained their mirrors (Pc).

Symmetry reductions can be detected optically. In fact, the study of crystals whose
optical symmetries were not in accord with their morphological symmetries by virtue of
desymmetrization was a vigorous aspect of crystallographic research prior to the incep-
tion of X-ray diffraction [45]. These materials that seemingly violated the Neumann—Curie
principle [46], termed optically anomalous, were ubiquitous in the literature of the Nine-
teenth Century [45]. In most instances highly symmetric forms had lower symmetries as
evidenced by the appearance of linear birefringence where otherwise there would be none.

Examples of optically anomalous crystals whose properties could be explained in terms
of the selective adsorption of impurities to symmetry related sites include bromounde-
canoylperoxide containing a variety of other long-chain acyl peroxides [47], the disordered
dichlorodinitrobenzene [45,48] and BayPb;_(NO3), [49]. Other examples of optically
anomalous crystals not readily explained in this way include NaCl,Br;_, O3 [50]; here the
photoelastic consequences of strain affect the measured retardation.

Gaubert was the first to observe anomalous linear birefringence [47] in dyed crystals
during his investigations of sodium and ammonium halides [51]. Slavnova also detected
anomalous linear birefringence in dyed alkaline earth nitrates [52].

Symmetry reduction can be detected in measurements of linear dichroism as well
as linear birefringence. France and Davis observed anomalous linear dichroism in cubic
alum crystals containing various dyes [52]. Frondel observed anomalous linear dichroism
in the cubic alkali fluorides [53]. Cubic barium nitrate crystals grown in the presence of
methylene blue (10) typically exhibited strong linear dichroism as shown in Figure 4.8,
where the angles between dyes in adjacent sectors equal the angles between the corre-
sponding growth faces [55].



94 B. KAHR ET AL.

(a) (b)[ &%,

FIGURE 4.8. Linear dichroism image of Ba(NOj3); grown in the presence of methylene blue (10, C.I.
#52015) (a). The digital micrograph (b), made with a linear birefringence and linear dichroism imaging system,
shows the polarization of the absorption as a false-color map plotted on the image.

4.6. POLARITY

Figures 4.2d and 4.2e contrast crystals with oriented sublattices. In each case, the sym-
metry of the host is broken. In Figure 4.2d, each sector loses its mirror symmetry but the
reflection between sectors is preserved. In Figure 4.2e (as well as 4.2f) we see the loss of a
two-fold rotation resulting from a polar distribution of dipolar guest molecules.

Many physical properties of crystals depend on a polar axis, and thus there are many
ways to establish whether symmetry reduction results in a polar sublattice [56]. As no
crystal surface—or any surface for that matter—can be centrosymmetric, it is self-evident
that mixed crystal growth must often lead to polar sublattices. Nevertheless, the extent of
the selectivity will determine the magnitude of physical properties that are associated with
polarity.

With the knowledge that symmetry is often broken in the act of growing a mixed crys-
tal, Weissbuch et al. set out to design a crystal with second order non-linear optical proper-
ties by reducing the symmetry of a centrosymmetric host with carefully chosen impurities
having large molecular hyperpolarizabilities [57]. For example, N-y-( p-nitrophenyl)-«, y-
diaminobutyric acid (11), or other comparable amino acids bearing charge transfer chro-
mophores were included in growing crystals of (S)-glutamic acid, or glycine. Mixed crys-
tals containing <0.1% weight percent 11 showed easily measurable phase matched second
harmonic generation (SHG) signals. In some cases, the directional dependence of the SHG
signal specified the nature of the symmetry reduction accompanying mixed crystal growth.
We have observed that centrosymmetric crystals such as phthalic acid that were dyed with
organic compounds having large hyperpolarizabilities became SHG active [58].

The growth of polar clathrate crystals containing dipolar chromophores was system-
atically studied by Hulliger and coworkers [59]. They developed phase sensitive second
harmonic microscopy to investigate systems such as perhydrotriphenylenecontaining 1 -(4-
nitrophenyl)piperazine. In this method, contrast occurs because oppositely oriented macro-
scopic polar domains cause a reference 532 nm beam to interfere constructively, or destruc-



OPTICAL CONSEQUENCES OF CHEMISTRY AT CRYSTALLINE INTERFACES 95

tively, with the second harmonic signal generated from the fundamental at 1064 nm [60].
Whether this can be made to work with dilute mixed crystals remains to be determined, but
it appears to be a promising method for analyzing induced crystal polarity.

4.7. SENSE OF THE POLAR AXIS

It is one thing to establish that a guest sublattice is polar and it is another to determine
the sense of the polar axis. In our schematic Figure 4.2 this is tantamount to distinguishing
between the arrangements in 4.2e and 4.2f.

Previously, the sense of a polar sub-lattice was assumed by Weissbuch et al. given
the expectation of substitution of host and guest zwitterionic amino acid substituents
(see Section 4.6). They also reported the generation of SHG by including 10-30 wt%
of isomorphous impurities such as of p, p’-dinitrobenzylideneaniline (12) in p-(N-
dimethylamino)benzylidene-p’-nitroaniline (13) crystals. Here, the sense of the polar axis
could in principle be determined by careful X-ray scattering experiments of individual
growth sectors. The sense of the polar axis was nevertheless assumed given the reason-
able expectation that nitro—nitro host—guest interactions were repulsive, thereby biasing
the guest orientation [57]. In admixtures with 0.01 mole % of guest (Section 4.6), the de-
termination of the sense of the polar axis could not be determined by X-ray diffraction
even though such small quantities were sufficient to produce significant non-linear optical
activity.

One strategy for determining the sense of the polar axis in mixed crystals is to extrapo-
late features of stoichiometric co-crystals. For example, frans-4-[4-(dimethylamino)styryl]
pyridine (1) stained the {021} and {001} sectors of phthalic acid. It also formed cocrystals
with phthalic acid in a ratio of 2:3 (Figure 4.9). The pyridines were hydrogen bound to
carboxylate groups on the ends of the phthalic acid triad. The arrangement of the phthalic
acid molecules in the mixed crystals mirrored that in the crystal structure of pure phthalic
acid [61]. Thus, the intermolecular interactions that were manifest in the co-crystals might
well carry over to the mixed crystals. Confirmation of this proposition awaits the determi-
nation of a series of crystal structures and the measurement of the linear dichroism in a
comparable series of mixed crystals.

Malachite green (6) was previously co-crystallized with phthalic acid. In this way we
proposed a mixed crystal structure [29]. Figure 4.10 shows the optical properties of ph-
thalic acid crystals dyed with 6. Figure 4.10a is an optical micrograph in transmitted light.
The corresponding false color images result from a Fourier analysis of intensity data col-
lected as a function of a forced linear polarizer [62]. In this way, we have separated the
contributions to the intensity (4.10b) that result from absorption (expressed as % trans-
mittance) the linear dichroism (hyperbolic tangent of &, where &€ = (g, — &2)/(&| + &2)
and & and ¢; are the extinction coefficients in orthogonal directions, Figure 4.10c) and
dipole orientation (¢, Figure 4.10d). These new optical imaging techniques provide quick
and detailed insights into the orientational distributions of absorbing components of mixed
crystals.
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FIGURE 4.9. Co-crystal structure of 1 and phthalic acid in a ratio of 2:3. The triad of phthalic acid molecules
mimics the arrangement of phthalic acid molecules in crystals of pure phthalic acid.

FIGURE 4.10. Crystal of phthalic acid grown in the presence of malachite green (6). (a) Micrograph in trans-
mitted light and (b, c, d) digital images made with linear dichroism imaging system. (b) Transmittance in %;
(c) hyperbolic tangent of the linear dichroism; and (d) the angle of maximum absorbance measured from the
horizontal axis.
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4.8. ENANTIOSELECTIVITY

In Figures 4.2g and 4.2h our general racemic guest, <—R/S, is now separated as <~ R or
<3S in crystallographic faces that are related to one another only by a center of symmetry.
In other words, the guests recognize the faces enantioselectively.

Chiral discrimination of organic compounds by minerals has been a rich subject for
speculation since the early suggestions by Goldschmidt [63] and Bernal [64] that chiral
minerals or quartz may have been responsible for the origin of the asymmetry in biopoly-
mers [65]. The Weizmann group [66] and others [67] have subsequently worked out many
mechanisms of chiral discrimination by crystal surfaces. These studies used racemic mix-
tures of enantiomers with fixed configurations (e.g., amino acids) with homochiral crystal-
lites (e.g., quartz) [68] or resolved chiral compounds with fixed configurations with mirror
image crystal facets (Figure 4.11) [69].

Enantioselective adsorption was also detected optically. Blattner et al. reported that so-
lutions of hematein (14) stained the {100} growth sectors of KH,POj4 [70]. Recent reinves-
tigation of their work revealed that hematein stained every other prism face [71]. Hematein
(14) is chiral; adjacent prism faces of KHPO4 are mirror symmetric in the space group
142d. The adsorption therefore must have been enantioselective. Adenosine phosphates
also adsorbed selectively to the {100} and {010} growth sectors as evidenced by differ-
ences in the intensities of the luminescence of growth sectors that would otherwise have
been related by symmetry [72].

Enantioselective adsorption is evident in intrasectoral as well as intersectoral zoning.
Orme et al. presumed that racemic mixtures such as D- and L-aspartic acid interacted enan-
tioselectively with the mirror symmetric growth hillocks of calcite because the right or left
handed curving of the step fronts depended upon which enantiomer was added during crys-
tallization [73]. Unfortunately, the authors were unable to detect aspartic acid in or on the
crystals. Therefore, the enantioselectivity was deduced from the results of computational
modeling with empirical force fields.

When the configuration of chiral impurities is fixed, enantioselectivity can be judged
by removing individual growth sectors and liberating the molecules upon dissolution of
the crystal. Subtler, however, are those instances of enantioselectivity that result from the
adsorption of equilibrium racemic mixtures on enantiomorphous crystal surfaces.

FIGURE 4.11. Three different examples of chiral discrimination by crystals: (a) The resolution of a racemate with
fixed configurations by a chiral crystal. (b) The assignment of the absolute configuration of enantiomorphous faces
using a resolved chiral molecule. (c) The direct detection by optical rotation imaging of chiral conformations in
rapid equilibrium oriented in enantiomorphous crystal faces.
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We attempted to use chiroptical methods to reveal selectivity of this kind. We sought
a guest with a large intrinsic optical rotation that when enantioselectively adsorbed onto
mirror image vicinal facets of a hillock should give opposite signs of optical rotation on
other side of the hillock. These conditions were met by triarylmethyl dyes that adsorbed,
presumably enantioselectively, to the mirror image slopes of achiral hillocks on the {010}
faces of KAP. This is in essence the calcite/asapartic acid system recast with a host/guest
pair that can be investigated optically. However, such measurements press the limits of
current analytical methods. The measurement of chiroptical properties of anisotropic media
has been a centuries-old problem.

The difficulty with measuring optical rotation in crystals was first encountered by
Arago, who discovered optical rotation in 1811, when he passed linearly polarized
light along the high-symmetry c-axis of quartz [74]. However, the determination of the
anisotropy of optical rotation—the complete gyration tensor—by making off-axis mea-
surements was impossible for Arago, and a challenging area of research as late as 1988
[75]. This is because linear birefringence is often ~103~10* as large as circular birefrin-
gence (optical rotation) and the minor chiroptical perturbation to the polarization state of
light in anisotropic media is of the same order of magnitude as parasitic ellipticities from
imperfect samples and the polarimeter components.

In order to measure optical rotation along a general direction of a crystal one has to
understand how the combination of linear birefringence (An = n” — n’) and circular bire-
fringence (or optical rotation, Ar = ng — ny,) affects the polarization state of light. The key
insight is that the infensity of light passing through a polarizer, chiral anisotropic sample,
and analyzer, contains all of the necessary information, in principle, for extracting optical
rotation parameters [76]. However, the implementation of this idea prior to the invention of
electrophotometry and stable, high-intensity light sources was impossible.

In 1983, Uesu and Kobayashi used photon counting techniques, lasers, and computer-
ized modulation of polarizer and the analyzer orientations to determine optical rotation in
crystals for directions off of the optic axes. This so-called HAUP (high accuracy universal
polarimetry) method applies reliably only to small values of linear birefringence; the con-
tribution to the intensity from optical rotation varies as does sind /38, where § is the optical
retardation (=2m AnL/A, where An is the birefringence and L is the sample thickness)
[77]. In HAUP, chiroptical contributions to intensity measurements must be large enough
such that parasitic effects that result from the misalignment and the imperfect quality of op-
tical components and samples can be neglected [78]. Moreover, when the phase difference
between propagating modes is ~7/2 or a multiple thereof, it is not always possible to de-
rive the polarimetric properties by the HAUP method, as the governing equations become
indeterminate.

Nevertheless, we set out to try to measure optical rotation in KAP dyed with 3 by
using the HAUP method in an imaging mode whereby the sample, mounted on a transla-
tion stage, was scanned. HAUP was implemented with a polarimeter that was described
elsewhere [79]. The hillocks on the {010} faces of KAP are mirror symmetric in keep-
ing with the crystallographic point symmetry, mm2. 3 is an equilibrium racemic mixture
of propellers in solution at room temperature. In principle, mirror image propellers should
partition between the mirror image slopes of the hillocks. A HAUP map should show dextro
and levorotatory domains from the crystal in Figure 4.12 with one dominant hillock. Unfor-
tunately, we were unable to measure the optical rotation because the birefringence of KAP
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FIGURE 4.12. Intrasectoral zoning manifest in a crystal of potassium hydrogen phthalate grown in the presence
of the triarylmethane dye acid violet 17 (3). The photograph in transmitted light (left) shows a crystal measuring
3 cm in length. The blue dye only recognized the fast growing steps of hillocks propagating towards the bottom
of the page in the — ¢ direction. The crystal shown contains one dominant growth hillock centered at the upper
left. The chiral dye forms an equilibrium racemic mixture in solution at room temperature. The hillocks are mirror
symmetric. It therefore must mean that the dyes recognize the sides of the mirror image hillocks enantioselectively
on the steps growing to the right or left of the mirror plane.

along [010] was very large (0.26) [80]. Even for thin sections (100 tm) the retardation was
insurmountable. (A related attempt is described in Section 4.10.)

4.9. ABSOLUTE CONFIGURATION

Determination of absolute configuration is arguably the most difficult task of the stere-
ochemist or crystallographer. When and if we can use chiroptical methods to resolve the
enantioselective adsoption of equilibrium racemic mixtures on enantiomorphous crystal
facets we will then be faced with the challenge of assigning configuration from the sign
of the measured effect. This assignment is essential for understanding the recognition
processes at interfaces because the diastereomeric alternatives have different energies. In
principle, computations can be a valuable guide. However, it has been notoriously diffi-
cult to calculate optical rotation ever since Rosenfeld expressed the phenomenon as the
sum of electric (m) and magnetic dipole (1) couplings for all of the electronic transitions:
R =3 Im{Wo|m|We) (Welu|Wo) [81]. Progress in the quantum mechanical calculations
of optical rotation have been made recently [82,83]. (Classical, semi-empirical dipole—
dipole methods work well in inorganic materials but they have yet to be tested for organic
dyes [84].) It is likely that computations will be needed to guide the interpretation of chi-
roptical effects of impurities inside of crystalline hosts.
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4.10. ANOMALOUS AZIMUTHAL ROTATION

In order to subvert the large birefringence in KAP that prevented the measurement of
optical rotation, we set out to recast the problem with a weakly anisotropic host. As K2SO4
birefringence along [010] is small, 0.0038 [85] and crystals were polished to <100 gpm,
HAUP was, in principle, appropriate for the measurement of the optical rotation because
the retardation would be first order.

In 1934, Buckley described a crystal of K2SO4 dyed with brilliant Congo R (15, CI
#23570) in the {111} sectors, thereby forming a Maltese cross-like arrangement of col-
ored sectors (Figure 4.13) [86]. In K7SQy4, with mmm (D7) symmetry [87] any face with
a Miller index equal to 0 must be parallel to a mirror plane and achiral. Thus, the eight
{111} faces are chiral and pair-wise enantiomorphously related to one another by reflec-
tions through the three orthogonal mirror planes. 15 is a biaryl dye that is chiral in its ground
state although like 3, it exists as an equilibrium racemic mixture of rapidly interconverting
enantiomers in solution. Nevertheless, the chiral surfaces should adsorb the enantiomers
selectively. We set out to determine whether the extent of the enantioselection would lend
itself to measurement.

We were not able to stain KpSOy4 with 15, but did succeed with the related compounds
trypan blue (16) and Evans blue (17). Thin (010) plates were cut and polished. Maps of
K»804/16 comprising 100 x 100 30 mm? pixels were made of the optical rotation us-
ing the HAUP technique (Figure 4.14) [88]. Indeed, we measured signals associated with
the oriented dyes that were consistent with optical rotation, but surprisingly, they did not
transform like optical rotation. While, as required by symmetry, the signs of the effect were
opposite for oscillators adsorbed through mirror image crystallographic facets, thereby sug-
gesting enantioselective recognition, the signal changed sign with rotation of the sample

(021)

FIGURE 4.13. Idealized representation of K;SOj4 habit (red). Black lines delinerate the {111} growth sectors.
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FIGURE 4.14. Optical rotatory effect (gyration in deg) of K2SO4 (010) slice containing 16. Reference orientation
compared with the same slice rotated, exchanged side for side and rotated, and exchanged side for side. Light and
dark colors represent opposite signs of azimuthal rotation.

through 90° about the wave vector of the incident light. This was inconsistent with intrin-
sic optical rotation.

An alternative explanation relates the observed azimuthal rotation to the linear dichro-
ism of the dye molecules. In the dyed samples, the anisotropy of the absorption does not
coincide with that of refraction, however, even though the eigen ray directions are pre-
served the induced dipoles cause a perturbation of them. A polarized light wave along an
eigenmode of the host passes a dye molecule but gets anisotropically absorbed. On the
length scale of the dyes this leads to a rotation of polarization. Dyes 16 and 17 are ~2 nm
long, and at a concentration of about 1 part in 10,000. With such dilute solutions there is
no further interaction between the dyes. As a result we see anomalous azimuthal rotation
(AAR).

If the dipoles in a {111} growth sector are similarly inclined with respect to host mir-
ror symmetry, the resultant electromagnetic wave in the forward direction will undergo an
azimuthal rotation about the wave vector. We call this anomalous azimuthal rotation (previ-
ously thought falsely to be a consequence largely of Rayleigh scattering and called optical
rotatory scattering) [89].

AAR, unlike optical rotation, depends on the initial polarization direction. The effective
angle of the superposition of the initial and scattered waves carries different signs for or-
thogonal incident polarizations. Because AAR is proportional to the induced electric dipole
moment R it should be a much larger effect than intrinsic optical rotation which is given as
the product of the magnetic and electric dipoles according to Rosenfeld’s formulation.

As arule of thumb, the ratio of magnetic and electric dipoles can be equated with the
ratio of molecular size to the wavelength of light, which in this case is about 1073 [4].
Thus, the contribution to an optical rotation signal due to scattering exceeds the intrinsic
molecular contribution by about 1000 times. The observation of AAR does not require a
chiral dye and may be observed with rigid, achiral oscillators so long as they are inclined
in the same sense relative to the initial polarization. To the best of our knowledge, this
effect has not been described previously because our mixed crystals have features that
are unmatched elsewhere. The anisotropy of growth gives rise to oriented gases of strong
oscillators inclined with respect to mirror planes of the medium but always with the same
angular sign.
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4.11. CIRCULAR DICHROISM

Of the two spontaneous chiro-optical phenomena, circular dichroism is more impor-
tant in the structural analysis, but it has been the more difficult to measure in anisotropic
media [90-93]. The complex interaction of optical rotation, linear birefringence, and lin-
ear dichroism, and also systematic instrumental errors can be devastating [94]. Nordén and
coworkers showed that a major source of error in circular dichroism on oriented systems
was the coupling of the residual strain induced linear birefringence of the modulator, and/or
imperfect incident circularly polarized light, with the sample linear dichroism to give an
apparent circular dichroism spectrum [95,96]. Because linear dichroism is large compared
with CD, the slightest ellipticities can have disastrous consequences. Extraordinarily thor-
ough analyses of these and other artifacts that one can encounter in the measurement of
circular dichroism on oriented systems with imperfect optical components have been given
by Schellman, Jensen and coworkers [97], Shindo and coworkers [98], and Kuball and
coworkers, among others [99].

In 1982, Maestre and Katz built a micro-CD spectrometer [100] for measuring the
average circular dichroism spectra of individual cells, chromatin, and chromosomes but
were still stymied by instrumental artifacts [101]. They also conceived differential circular
polarization imaging in which maps of individual Mueller matrix elements, including CD,
would be produced independently [102]. They devised a method of image analysis and con-
structed a microscope for experimentally separating the various optical effects. However,
Maestre and coworkers ultimately concluded that defects in the optical train and imperfect
polarization modulation caused inseparable mixing of the circular dichroism with the much
larger linear anisotropies.

The circular dichroism and induced-circular dichroism of guests in crystals should be
very informative. A circular dichroism imaging microscope could be applied to the crystals
in Figures 4.12 and 4.13. We recently described such a device. Future work will be directed
toward circular dichroism imaging [103].

4.12. CONCLUSIONS

Optical probes are commonly used in biochemistry to study the specificity of non-
covalent interactions among biopolymers. On the other hand, optical reporters have not
been used to study the specificity on non-covalent interactions governing crystal growth
from solution. This is undoubtedly because of the widely presumed restrictions on the
preparation of mixed crystals laid out in the introduction. How far can this analogy be-
tween crystals and tissues carried? What information can be obtained about crystal growth
mechanisms from the optical consequences of mixed crystal growth?

The set of experiments described herein obviously constitutes a work in progress. We
aimed to make optical measurements to determine the spatial disposition of impurities,
their solvation and conformation states, as well as their orientation, symmetry, polarity, and
chirality. We also set out to establish the sense of polar impurity sublattices and the absolute
configuration of species adsorbed enantioselectively. In so doing, we needed to stretch the
optical analysis of mixed crystals by embracing the latest developments in polarized light
microscopy and polarimetry. Successes were described, but also the failures, particularly
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with respect to defining the sense of polar axes and absolute stererochemistry. However, in
failing we have revealed new phenomenon, such as AAR.

The study of the optical consequences of molecular interactions at growing crystal
interfaces is still in its infancy. There is every reason to believe that the subject will richly
develop as other researchers bring their expertise to bear on the generalization of single
crystal matrix isolation.
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From solid—fluid interfacial structure
to nucleation Kinetics: principles and
strategies for micro/nanostructure
engineering

Xiang Yang Liu*
Department of Physics, Faculty of Sci., National University of Singapore, 2 Science Drive 3,
Singapore 117542

5.1. INTRODUCTION

Crystallization, in particular nucleation, plays an essential role in the preparation of
essential materials [1-4], the structural characterization of natural and synthetic mole-
cules [5,6], and the development of future technologies [7,8]. Up to now, crystallization
has in many ways continued to be more like an art than a science [5], mainly because
there is not sufficient knowledge on its critical early stages, except for some local events
of crystallization/quasi-crystallization of large species, namely proteins [8] and colloidal
particles [9]. From the point of view of nano sciences and technologies, it is of critical
importance to develop a quantitative understanding of crystallization systems at their early
stages. The reason is that many nano materials are crystalline phases and the essential struc-
tures and utmost important properties of the systems are determined by nucleation and the
correlation between the nucleating nano phase and the substrate, etc.

From the technological point of view, the knowledge of nucleation and of the effect
of the substrate is also practically very important in identifying robust technologies in
electronic, photonic and life sciences and technologies. For instance, in the case of grow-
ing self-assembled quantum dots systems on certain substrates (such as IV (Ge/Si), 1I/VI
(CdSe/ZnSe) and III-V (InAs/GaAs)) [10], the nucleation of semiconductors on the sub-
strates plays a key role in controlling the size and the self-organized nano structure. In the
human body, a process called bone turnover or remodeling, continues throughout adult life,
which involves resorbing primary osteons, and replacing them by succeeding generations
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of osteons [11]. This process will affect the essential micro/nano structure of human bones.
As one of the key steps in the generation of osteons, biomineralization/remineralization oc-
curs at and around the substrates containing loose collagen fibers [12,13]. This involves the
initial heterogeneous nucleation of Ca minerals at the substrates (collagen fibers) and the
further mineralization achieved by crystal growth [12—14]. The nature of nucleation will
also determine the orientation of Ca minerals and the structural synergy between substrates
and biominerals, consequently the basic structure and the mechanical properties of bones.
If nucleation is more heterogeneous in nature, the coherence of biomimerals to biosub-
strates will be tough, and the essential bone structure is expected to be compact and strong.
Conversely, if nucleation is more homogeneous in nature, the effect of the substrates on
the nucleation of biominerals will be negligible since substrates play no role in this case.
Nucleation will then occur randomly in the bulk fluid phase. This may significantly reduce
the correlation between the substrates and biominerals, and give rise to a loose and porous
structure.

In many cases of crystallization, we are dealing with crystal networks rather than in-
dividual crystals (for instance chemicals or foods processing). Since crystal networks pos-
sess certain self-organized structures, many physical properties of such network systems
will be very much different from individual crystals, and determined to a large extent
by the network structures. For instance, as functional materials of an important class, the
supramolecular materials [15] having 3D fibrous network structures formed by intercon-
necting nano-sized fibers are found to be important in drug delivery, coatings, lithogra-
phy, catalyst supporters, or as scaffolds for tissue engineering [15-20]. Such materials are
also employed in the engineering of nanostructural materials and self-supporting porous
materials in the novel separation for macromolecules [15-21]. Macroscopic properties, in
particular the rheological properties of this type of materials, are determined solely by the
micro/nanostructure of fiber networks. Fibrous networks with permanent interconnection
will effectively entrap and immobilize liquid in the meshes, consequently possess both the
elastic properties of ideal solids and the viscosity properties of Newtonian liquids. This
leads to the formation of self-supporting supramolecular materials [16,18,21]. In contrast,
those consisting of non-permanent or transient interconnecting (or entangled) fibers or nee-
dles can only form weak and viscous paste at low concentrations [16].

It is believed [16, 18] that the formation of interconnecting fiber networks, which leads
to the formation of supramolecular materials, takes place via the self assembly of fibers.
Nevertheless, the latest progress (cf. Section 5.4) indicates that the 3D self-organized mi-
cro/nanostructure of supramolecular functional materials is controlled by the so-called
crystallographic mismatch branching. This is essentially a special case of heterogeneous
nucleation. This result indicates that even for areas such as the formation of supramolecu-
lar functional materials where conventionally crystallization was regarded unimportant, the
knowledge of nucleation also plays a very crucial role.

It is the purpose of this chapter to introduce the most recent developments in the ki-
netics of nucleation under the influence of substrates and additives. Based on the acquired
knowledge, the principles and strategies for the engineering of micro/nano structures of
various systems, in particular supramolecular functional materials, will be discussed.

The chapter will be arranged as follows: in Section 5.2, our attention will be first de-
voted to the thermodynamics and the kinetics of nucleation. Then, the effects of foreign
bodies and additives on nucleation will be treated in detail. In Section 5.3 we will focus
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on the interfacial processes of nucleation, in particular, some newly identified interfacial
effects for nano structure engineering, which include non-classical epitaxial interfacial ef-
fects. In Section 5.4, we will discuss the mechanisms of supersaturation and impurity driven
interfacial structure mismatch and the crystallographic structural mismatch branching. The
principles and the strategies of micro/nano engineering of functional materials will be in-
troduced based on these mechanisms. Finally, some general remarks and conclusions will
be given in Section 5.5.

5.2. NUCLEATION UNDER THE INFLUENCE OF SUBSTRATE

The formation of a new phase in the body of the ambient phase, such as gas or liquid, is
one of the most fundamental aspects of phase transitions, in particular, crystallization. The
potential barrier which a system must overcome in order to create a (crystalline) nucleus in
the ambient phase, and which determines the rate of nucleation, is defined by the interfacial
energy. If under a certain condition the probability of creating a nucleus is uniform through-
out the system, nucleation is defined as homogeneous nucleation. Otherwise, it is defined
as heterogeneous nucleation. Heterogeneous nucleation normally occurs on solid or liquid
surfaces, microclusters, dusts, macromolecules or other foreign bodies. Since these for-
eign bodies occur inevitably in most systems, nucleation has in most cases a heterogeneous
nature rather than a homogeneous nature [5]. During heterogeneous nucleation, the proper-
ties of these foreign bodies form an additional factor upon which the nucleation barrier and
nucleation rate depend. In this section, heterogeneous nucleation will be discussed from
both the macroscopic and microscopic points of view. Within this approach, homogeneous
nucleation can be treated as an upper limit of heterogeneous nucleation.

A general and simple picture of 3D nucleation can be described as follows. The con-
stituent atoms or molecules in the solution may, on collision, join into groups of two, three,
four, or more panicles, forming dimers, trimers, tetramers, etc. The kinetics of nucleation is
described by the nucleation rate J. The nucleation rate J is defined as the number of nuclei
created per unit volume—time, and it is determined by the nucleation barrier, the kink inte-
gration rate, the transport of growth units and other factors. Therefore, the central problem
in nucleation theory and experiment is to find 7 as a function of the parameters control-
ling the process. After the thermodynamic results of Gibbs [22], the paper by Volmer and
Weber [23] in 1926 was the very first work devoted to J and it was followed by the pio-
neering studies of Farkas [24], Kaischew, Stranski and others [25-27]. Up to now, many
theories have been published to describe the kinetics of nucleation [28-48]. We will look
at the latest progress in modern heterogeneous nucleation theories, in particular the impact
on nanostructure engineering and the architecture of functional materials.

5.2.1. Thermodynamic driving force

Nucleation is a process commonly shared during the beginning stages of first-order
phase transitions. The thermodynamic driving force for the nucleation of a new phase (e.g.,
acrystal) is Au, which is defined as the difference between the chemical potentials u?mbie“‘
and picrystal Of @ growth unit in the ambient mother and in the crystalline phase:

ambient
i

Ap=p — Herystal- (N
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(Subscript i denotes the solute in the ambient phase.) When Ap > 0, the system is said to
be supersaturated. This is the thermodynamic pre-condition for nucleation and growth of
the crystalline phase. Conversely, when Apu < 0, the system is undersaturated. Under such
a condition, crystals will dissolve. When Ay = 0, the ambientphaseisinequilibrium with
the crystalline phase. This implies that for temperature T and pressure P, one has

ambient

(:u*, )cq = HMerystal, (2)
where (uimbienty is the chemical potential of a solute molecule in a state of phase equilib-
rium (or coexistence) between the mother and the crystalline phases. It follows from eq. (2)
that fcrysial can be expressed as (uf.““b“’"‘)c(l for given T and P. Therefore A as given in

eq. (1) can be rewritten as

ambient __ ( ambienl)
i i eq’

For the condensation of vapor, the chemical potential of species i is given by [47,49]
i =p) + kT Inp;, (4)

where p; is the actual partial vapor pressure of species i, u? denotes the chemical potential
of the standard state (p; = 1) of species i, k is the Boltzmann constant, and 7 is the
absolute temperature. Based on eqs (2) and (4), the dimensionless thermodynamic driving
force is given by

Au
(pl.C(l is the partial pressure of vapor i in the equilibrium state). Based on the same principles,

the thermodynamic driving force for the deposition of thin films from vapor is given by [47,
49]

Ap
i In(R/Re) (6)
(R and Re(T) are, respectively, the actual rate of impingement of molecules to the sub-
strate, and at equilibrium, respectively).

For crystallization from solution, the chemical potential of species i is given by [47,49]

wi=pul+kTlnag ~pd + kT nC;, (7

where «;, and C; denote the activity and concentration of species i, respectively, and /t?
denotes the standard state (@; = 1) of the chemical potential of species i. This then gives
rise to the thermodynamic driving force

Aup a; C;
! 1
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(@i*4, C;i® are, respectively, the equilibrium activity and concentration of species 7).
Note that the thermodynamic driving force for crystallization is often expressed in
terms of the supersaturation. If we define the supersaturation for crystallization as

o =(a; —a;Y)/aj = (Ci — C{Y)/C{A. 9)
Equation (8) can then be rewritten as

Ap
7 =In(l + o). (10)

In the case of o < 1, eq. (10) can be approximated, after applying a Taylor series expansion,
by

Ap/kT =In(1 +0) Xo. (1)

The crystallization of some ionic crystals from solution often results from mixing
cationic and anionic components, such as

mA"t + nB™" = A, B, (12)

(n and m are, respectively, the cationic and anionic valence). In this case, eq. (8) should be
expressed as

Ap . (agn+)" (agm-)" (agn+)" (apm-)"
=In—% mi 8 n
kT (aAn+) (aBm-—) KSP

, (13)

where Kgp (= (a;(},+)'" (a;‘?,,_)”) is the precipitation constant. Based on egs (10) and (13),

the supersaturation can be expressed in this case by

o= (aAn+)’"(aBm—)" — Ksp

, (14)

the relation between the thermodynamic driving force and supersaturation is the same as
givenby eq. (11).

For crystallization from the melt at temperatures not far below the melting or equilib-
rium temperature, the thermodynamic driving force can be obtained by applying the van’t
Hoff equation and eq. (3) [47,49], as

_A_ﬁ_ Ahn AT (15)
kT~ kTT,
AT=(T.—T) (16)

(Ahy is the enthalpy of melting per molecule, T¢ is the equilibrium temperature, AT is the
supercooling).
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For electro-deposition, the thermodynamic driving force is given by [49]

Ap  zje

—ﬁ=ﬁ(¢e“¢§q) a7)
(z; is the ion valence, e is the electron charge, ¢ is the actual electrode potential, ¢§q is
the equilibrium potential of a bulk electrode of the deposit).

5.2.2.  Nucleation barrier and impact of the substrate

A characteristic feature of any nucleation process is that the substance having the prop-
erties of the new phase is fluctuating and localized in nano-scale small spatial regions.
These are occupied by atoms or molecules of various numbers which constitute the so-
called clusters. The clusters remaining in equilibrium with the surrounding ambient phase
are the critical nuclei. The smaller or larger clusters are subnuclei or supernuclei, respec-
tively. Only supernuclei can grow spontaneously to reach macroscopic sizes. For simplicity,
we call hereafter subnuclei “clusters”, and supernuclei “nuclei”.

The nucleation rate J is determined by the height of the free energy barrier, the so-
called nucleation barrier. The occurrence of a nucleation barrier is attributed to the follow-
ing two contradictory effects:

(1) since the crystalline phase is a stable phase, the occurrence of the new phase from
the ambient phase will result in a lowering of the (Gibbs) free energy of the system;

(2) due to the interfacial (or surface) free energy, an increase in the size of the crys-
talline new phase leads to an increase of the interface (or surface) area, and con-
sequently this enhances the interface (or surface) free energy. This will cause an
increase in the Gibbs free energy of the system.

The combination of these two effects results in the formation of the nucleation barrier.
In the following discussion, a general description for the nucleation barrier will be given.

The free energy change due to the formation of a cluster of n = 1, 2, 3... molecules
can be found from thermodynamic considerations, since it is defined as

AG = Gfin — Gipi (18)
for a system at constant pressure and temperature (Gin; and Ggy denotes the Gibbs free
energies of the system in the initial and final states before and after cluster formation,
respectively). If M is the number of solute molecules in the system, Giy; is simply given
by

Gini = M tmother. (19)
To find Gfn one usually employs the Gibbs method [22] of introducing a surface which

divides the system into a new phase (or a cluster) of n molecules, and an old phase of the
remaining M — n solute molecules. Then Gy is written as

Gfin = (M — n) itmother + Rtcrystal + P, (20)
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Embryo (¢)
Fluid (f)

Substrate (s)

FIGURE 5.1. Illustration of nucleation on a foreign particle. € is the virtual contact angle between nucleating
phase and substrate.

where @, is the total surface energy of the n-sized cluster (except for the nucleation of
bubbles when &, contains also pressure—volume terms). Substituting the above expres-
sions (19) and (20) for Gip; and Gy in eq. (18) and recalling eq. (1) yields

AG =—nAp+ O, @1

The function AG reaches its maximum AG* at r = r¢, or n = n* (r and r. are the radius
and the critical radius of the cluster, respectively). A cluster of n* molecules is a critical
nucleus, r¢ is the radius of curvature of that critical nucleus, and AG* is the nucleation
barrier. One of the major problems in nucleation theory is to find AG* which, physically,
is the energy barrier of nucleation.

The occurrence of a foreign body in the system normally reduces the interfacial (or
surface) free energy; therefore it will also lower the nucleation barrier. Let AGy, . be the
homogeneous nucleation barrier (the nucleation barrier in the absence of any influence from
a foreign body), and let AGy,,.. be the heterogeneous nucleation barrier (the nucleation
barrier in the presence of an influence from foreign body). In the following discussion, we
will focus on the nucleation barrier under the influence of a foreign body (or AGy,..)-
Let us define an interfacial correlation factor f describing the lowering of the nucleation

barrier due to the action of a foreign body:
f = AGieter/ AGhomo: (22)

It will be shown in the following discussion how AG;om0 and f can be derived [46,47].
As shown in Figure 5.1, we assume that nucleation occurs on a foreign body with a
radius of RS, In the following derivations, the ambient phase is represented by subscript f,
the crystalline phase by c¢ and the foreign body by s. If we denote the volume by V and the
surface area of the foreign body by S, then the free energy of forming a cluster of radius r

on a foreign particle of radius R® is given, according to eq. (21), by

AG=—-ApV/Q+ yeeSer + (st — Vsc)Ssc, (23)
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where y;; is the surface free energy between phases i and j and €2 is the volume per
structural unit. Assume that the concept of a contact angle € (i.e. Figure 5.1) can still be
applied in this case. We have then

m= Vst — Vsc)/ Vi cos8, (=1<m<). (24)

Referring again to Figure 5.1, we have,

See =2 (R°)*(1 —cosg),  Ser=2mr3(1 —cos W), (25)
and

V.= %nr3(2 —3cosW +cos® W) — %TT(RS)3(2 —3cos¢ + cos® ), (26)
with

cos¢=(R*—rcosh)/l=(R*—rm)/I, @27

cosW = —(r — R°cos8)/l = —(r — R°m)/I, (28)
and

12 29)

= [(RS)2 +r2— 2Rrm]
To evaluate the critical free energy AGp.,.,» We can substitute expression (26) into (23) and
require that

(AAG/3r) =0. (30)

Considering that a critical nucleus is a stable nucleus with a maximum curvature for a given
thermodynamic condition, it follows from thermodynamic principles [47,49-51] that such
a maximum curvature (or the minimum radius—the critical radius r.) is only determined
by ¥¢f and the driving force Apt. In other words, given a certain experimental condition, the
size of the critical nucleus is the same for homogeneous and heterogeneous nucleation. This
implies that we adopt r¢ for homogeneous nucleation and for heterogeneous nucleation
under the same condition [47,49-51] which gives rise to

re =2Qyc/Ap. 31)

This is also the thermodynamic principle behind the Gibbs—Thomson effect [51].

Note that in the case of epitaxial growth, a strain will develop due to the structural
mismatch at the crystal-substrate interface. That strain will affect both the bulk free energy
of the nuclei and the interfacial free energy y¢r. In this case, the occurrence of a substrate
exerts a direct impact on r¢. Nevertheless, in many cases, such as the nucleation of bio-
minerals on soft biological substrates, the strain effect is very low and may be ignored.
Therefore, the effect of the strain on r¢ at the interface is neglected in the above treatment.
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Now substituting expressions (24)—(31) into eq. (23) and writing
R =R/re =R Ap/Qye=RkT In(1 +0)/Qy.r, (32)

the free energy of formation of a critical nucleus is, according to eq. (22), given by

AG;eler = AG:()mof 33
with
16my362
AGF =TT
homo = 3T In(1 + 0] (34)
1 1/1—mR\? 1| R — ;N2
f(m,R’)=—+—<—ﬁ—> +-R? 2—3( m +<R m
2 2 w 2 w w
3 SR —m
+ -mR —1 (35)
2 w
and
w=[1+(R)? —2R'm]'*. (36)

Here R’ is actually the dimensionless radius of curvature of the substrate in reference to
the radius of the critical nucleus r¢.

Substituting appropriate values of R®, m, v and Ap into eqs (31)—(36), one can
calculate f(m, R’) and AG;ﬁeler for any nucleation process. Note that the factor f(m, R)
varies from 1 to 0. Obviously, this factor plays an important role in the determination of
the heterogeneous nucleation barrier AGy,,..- One can see from eq. (22) that the influence
of foreign particles on the nucleation barrier can be fully characterized by this factor.

Figure 5.2a shows f(m,R’) as a function of R’ for a given m. When R’ —
0, f(m, R") =1, implying that the foreign body “vanishes” completely as a nucleating
substrate. In practice, if foreign bodies are too small, e.g. clusters of several molecules,
nucleation on these substrates will not be stable. Then, the foreign bodies play no role in
lowering the nucleation barrier. If R’ > 1, the foreign body can be treated as a flat substrate
with respect to the critical nuclei. In this case, f(m, R") = f(m) is solely a function of m,
and the curvature of the foreign body has no effect on the nucleation kinetics. Equation (35)
is then reduced to

/ . 1 3
f(m,R):f(m):Z(2—3m+m‘). (37

In many cases, one needs to express AG* as a function of n*. Geometrically, in many
cases of heterogeneous nucleation [28,33],

f = V*/ Vht)mo = n*/”:()mo’ (38)
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FIGURE 5.2. (a) Dependence of the interfacial correlation function f(#, R’) on m and R’ < 10. (b) Dependence
of the interfacial correlation function f(m, R’) on m at R’ > 10.

where V* V*

homo

,n*and nf . are volumes and the numbers of heterogeneously and

homogeneously formed nuclei at the given supersaturation. It follows from eqs (22), (35)

and (38) that

32

*

* __ % . S % _ ~ 2.3
no= nhomo-f"* (m’ R, nhomo)’ Phomo = 3(AU)3 Q2 Yer

AGﬁeter(A/“L) =

2.3 » s
mg ycf-f (m’ R, nzomo)

(39)

(40)
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with

Ju (m’ R, n;omo)

_1+1( 1—mR® 2+1( RS )3
T2 2\ war (3}, S2/4m) 172 2\ (Bnf o 2/4m) 112
3 (RS/anomoQMn)‘/z — m) N (RS/(3n;:0mosz/4n)l/2 - m)z]

[2
Wp* Wy
s 2/R/(3n*  Q/am)l/? —
+§m( i R ) / (3NpomeS2/47) m _1) 1)
27"\ Gnt,Q/4m)172 Wr
and
wer = {1+ [R/(3nome/47) 2P — 2R m / (3nomo /47 ) 12} /2. (42)

Ny omo and 7¢ given in eqs (31) and (41) are often referred to as the Gibbs—Thomson equa-
tions for the size of the critical nucleus.

5.2.3. Kinetics of nucleation: the influence of the substrate

5.2.3.1. Nucleation kinetics Let us recapture the picture of heterogeneous nucleation on
a substrate. A variety of molecular processes take place on the substrate surface, due to
transient visiting molecules which adsorb, form short lived unions, break-up, desorb, etc.
An instantaneous census would show some distributions of subcritical nuclei (or clusters)
with 1, 2, 3,... molecules per cluster (cf. Figure 5.3). The change in the free energy asso-
ciated with the transition when n molecules adsorb to form an n-mer of size r is given by
eq. (21). Nucleation begins with the formation of a cluster of size r¢, with n* molecules. r,
is given by eq. (31).

The widely accepted kinetic model of nucleation (within the cluster approach) was
first used by Farkas [24] in 1927. It is based on the Szilard scheme of successive “chain
reactions” between monomer molecules and n-sized clusters:

Monomer = Dimer...= (n — 1)-mer = n-mer = (n + 1)-mer... 43)

A master equation for the concentration Z,(¢) of the n-sized clusters at time 7 is written in
the form of a continuity equation [33,38]

dZ,/dt = Ju_y — Jp, (44)

where J,, is the flux through point n on the size axis. Thus in this formulation J is the flux
through the nucleus size n*, i.e., J ~ Ju* (¢}, so that so that a time dependence is introduced
in the nucleation rate.

The basic problem in nucleation kinetics is to solve the master eqs (43) and (44) for the
unknown cluster size distribution Z,(t), since knowledge of Z,(¢) enables the determina-
tion of the nucleation rate. There exist three physically distinct states of the system which
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are of particular interest: (i) the equilibrium, (ii) the stationary (or steady) state, and (iii) the
nonstationary state. Since the physically realistic states are the stationary (or steady) state
and the nonstationary state, in the sequel we will focus on the steady state, and briefly
discuss the nonstationary state.

In the stationary state, dZ,/dt = 0. Because J, = constant = J,« = J, Z, ~ Z, is
the steady-state cluster size distribution. The stationary nucleation rate for homogeneous
nucleation is given by the Becker—Doering formula [26]

zK* AGY
J= —. =~ 7homo 45
o exp< T ) (45)
with
z:Z;,*/C,,* _Z;*+I/Cn*+l, (46)

where z is the so-called Zeldovich factor [29,34], K* = K+ is the frequency of monomer
attachment to the critical nucleus, vy, denotes the average volume of structural units in the
ambient phase, and C, is the equilibrium concentration of n-sized clusters given by [46,47]

Ch Z=Crexp(—AG,/kT). 47)
Based on the definition of J,, one has

o =knZ.,. (48)
At the steady state, J', that is the formation rate of critical nuclei per unit volume—time

around a foreign particle, is equal to the steady state growth of clusters on the surface of
the particle. The nucleation rate can then be expressed in terms of

Il

J' = Jy« = J,, = constant = critical sized nuclei formed/unit volume—time

Il

cov=knZ, | —knZ,_ ., = constant. (49)
Before further analyzing eq. (49), we introduce the following two boundary conditions:

1) Z..=0; (50)
@ lim(Z,/C) = 1. (51)

Taking into account the effect of the substrate on both the nucleation barrier and the trans-
port process, and the fact that the average nucleation rate in the fluid phase depends on the
density and size of the foreign particles present in the system, the nucleation rate is given
by [46,47]

l6nyc3fs22
3kT[kT In(1 + o))

J =4ra(R°)°NOf"(m, R f(m, R)]"* x B exp[— S f(m, R’)]

(52)



PRINCIPLES AND STRATEGIES FOR MICRO/NANOSTRUCTURE ENGINEERING 121

Homogeneous nucleation Hetergeneous nucleation

FIGURE 5.3. Schematic illustration of the shadow effect of the substrate in heterogonous nucleation. The pres-
ence of the substrate blocks the collision of growth units onto the surface of the nucleus.

with
2 Vet 12
B=(Cy) 4Dﬁkink9(k—T> , (53)
f”(m,R'): 141 _2R m)/w (54)
and
1
f"m,RY=f"(m)= 5(1 —m) atR' > 1, (55)

where B is the kinetic constant and N° denotes the number density of the substrates (or
“seeds”). The growth of nuclei is subject to the effective collision and incorporation of
growth units into the surfaces of the nuclei (cf. Figure 5.3). In the case of homogeneous nu-
cleation, the growth units can be incorporated into the nuclei from all directions. However,
in the case of heterogeneous nucleation, the presence of the substrate will block the colli-
sion path of the growth units to the surfaces of these nuclei from the side of the substrate
(cf. Figure 5.3). This is comparable to the “shadow” of the substrate cast on the surface of
the nuclei. f”(m, R’) in the pre-exponential factor, which is the ratio between the average
effective collision in the presence of substrates and that of homogeneous nucleation (i.e.,
in the absence of a substrate), describes this effect.

Both f(m, R") and f”(m, R’) are functions of m and R’. When R = O or m —» —1,
f(m, R, f"(m,R")=1. This is equivalent to the case of homogeneous nucleation. In
the case where m — 1 and R > 1, one has f(m, R"), f”(m, R’y =0. Normally, hetero-
geneous nucleation occurs in the range between 1 and — 1, or f(m, R") between 0 and 1,
depending on the nature of the substrate surface and the supersaturation.

Note that for homogeneous nucleation, one has f”(m,R’) = f(m,R’) = 1, and
4ma(R%)2N® — 1. In this case, eq. (52) is converted to

167 y3Q2
T¥et ] (56)

/=8B e"p[_ TKT In(1 + )2
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This implies that eq. (52) is applicable to both homogenous and heterogeneous nucle-
ation.

When the nucleation is nonstationary, dZ,/d¢ # 0 and flux J, is a function of both
n and . The nucleation rate is then time-dependent and this nonstationary nucleation rate
Jnonst () = Jux(¢). According to Kashchiev [52] this is expressed approximately as

Jnonst(?) = J l:l +2 Z(_ l)i CXP(kQI/T)jI. 57)

i=l

In this equation, J is the nucleation rate of the steady state given by eq. (52), whereas
Jnonst(?) at r = 0 and gradually increases to the stationary nucleation rate J. It turns
out [52] that Jponst(f) ~ J for t > 5t, where 7 is the nucleation time-lag given by

T =4/13 k. (58)

Physically, tis a measure of the time needed for the transformation of the initial cluster size
distribution into the steady-state one [53-55]. Since z = 0.1 [57], T is mainly determined
by kp,*, which is a function of diffusivity D. With typical values of D, the time lag T varies
from microseconds for nucleation in vapor and less viscous solutions to days for nucleation
in solids and glass-forming melts [56].

5.2.3.2. Induction time in nucleation ~One of the most common ways to describe the ki-
netics of nucleation is to measure the induction time s of nucleation at different supersat-
urations. What we normally acquire from experiments is the induction time ¢#; of crystal-
lization, which is defined as the mean time lapse before an observable amount of the new
phase is detected. As mentioned before, crystallization can be regarded as consisting of the
two key steps: nucleation and growth. Therefore, #; includes the time #y for the growth of
crystals to the observable size, and fyc). As mentioned in Section 5.2.3.1, a certain amount
of time is required to establish nucleation from time zero to the steady state. This is the
transient period fhonst Which is associated with the nucleation of the non-stationary state.
Denoting the induction time for the nucleation of the steady state by #5 one has then

5 =1Ig =+ thonst + 2s. (59)

Since the free energy barrier for 3D nucleation is much higher than for 2D nucleation
associated directly with crystal growth [47,51], the growth of crystals is much easier than
nucleation in most cases. If crystals with a sufficiently small size can be detected with
certain techniques, then we can have f5 < faucl(fnonst + £5).

Nowadays, the laser light scattering method [4,12] promises the detection of particles
from several nm to several ;em. This has already been very close to the critical size of nuclei
in many cases. Under such a situation, we can even assume fy — 0. Apart from this, fnonst,
according to the previous section, is determined to a large extent by the diffusivity. If the
ambient phase is not too viscous, as is the case in aqueous solutions, fgong is about a few
microseconds [56]. This implies that tponst <€ f5. Therefore, we can approximate eq. (59)
by

b = tuel S s, (60)
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In other words, this implies that under normal conditions, the nucleation rate J is time-
independent. By definition, one has

T =1/(tV), (61)

where V is the volume of the system. It follows from eq. (52) that

_ pf(m, R _ 1 ’ n11/2, 2 pt
Ints = T oI In{Vf"(m, R f (m, R)]"*Brink (C1)* B'} (62)
with
p = 16y3Q%/3(kT)>, (63)

where B’ = B L(R“)ZNOJ. For a given system, since p, C; and B’ are constant, the changes
in the slope and/or the intercept of the In(#) ~ I /[In(l 4 cr)]2 plot will then correspond
to the modifications in f(m, R}, f”(m, R") and Bkink. On the other hand, if the ambient
phase is very viscous, such as the glass phase, #ponst cannot be ignored. In this case, eqs (60)
and (62) cannot be applied directly.

Note that in applying eqs (53) and (62) to examine the kinetics of nucleation, the total
volume of the system should remain constant. In the case of nucleation in micro-sized
droplets or emulsions, the condition of constancy is difficult to achieve. In such a case, we
should consider In(¢;, V) ~ 1/[In(1 + o)]? rather than Inz ~ 1/{In(1 + )%, as given by
eq. (62) [48].
5.2.3.3.  Size effect and the surface roughness of the substrate  In the exponential term of
eq. (52), f(m, R') describes the reduction of the nucleation barrier from a genuine homoge-
neous nucleation AGy - “to the actual heterogeneous nucleation AGy,.., due to the pres-
ence of foreign bodies (cf. eq. (22)). Figure 5.2a shows that for a given m, f(m, R’) will
decrease with m when R’ > 0.1, and gradually approach a constant value when R’ > 10.
The regime where f(m, R’) is independent of R’ is referred to as the “size independent
regime”, and the regime where f(m, R’) varies with R’ is referred to as the “size depen-
dent regime”.

According to eq. (32), the relative radius R’ of a foreign body is determined by the
radius of curvature of the substrates and of the critical nuclei. Obviously, R’ will increase
with R®. On the other hand, for a given system, the average size or the curvature of the
substrate should be fixed. Therefore R’ should in that case depend on the critical radius of
the nuclei ro which is inversely proportional to Au/kT (=In(l + o)) (eq. (31)). It follows
that R’ is proportional to Au/kT.

At high supersaturations, r can be much smaller than R®. This gives rise to a large R’
(eq. (32)). In the case where nucleation occurs in the size independent regime, f(m, R’) is
independent of the supersaturation. It follows that the In(z) ~ 1 /[In(1 4 o)]? plot should
be linear according to eq. (62). Conversely, #¢ increases as the supersaturation decreases.
If supersaturation is sufficiently low so that R’ < 10 (in the size dependent regime) is ob-
tained, f(m, R’) will drastically increase with decreasing supersaturation (cf. Figure 5.2a.)
It follows from eq. (62) that a drastic increase on the slope of In(ts) ~ 1/{In(1 + )}? plot
will be obtained, and the plot will become non-linear.
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Rough Surface of Substrate

FIGURE 5.4. The roughness of the substrate surface determines the local curvature of the substrate.

At very low supersaturations or very small RS, we have R’ < 0.1. Within such a regime,
f(m, Ry reaches its maximum ( f (m, R’) = 1). This implies that from the point of view of
nucleation barrier, foreign bodies have no effect on the nucleation kinetics. Any nucleation
occurring in the neighborhood of foreign bodies having much smaller radii than the critical
nucleus radius rc would not be able to “feel” any influence on the part of the foreign bodies.

We notice that in most cases, the surface of the substrate is not atomically smooth (cf.

Figure 5.4). The curvature of the substrate is then determined by the local curvature of
the surface R* (cf. Figure 5.4). In other words, the curvature of the substrate is the local
curvature (or roughness) of the substrate surface.
5.2.34. Interfacial correlation between substrate and nucleating phase As shown by
Figure 5.2a, in the case of R’ > 1, the substrate can be regarded as being essentially flat,
and f(m, R’) is then solely dependent on m. This implies that f (s, R’) = f(m) is inde-
pendent of the supersaturation. According to eq. (62), the plot of In(#) ~ 1/[In(1 + a))?
should give rise to a straight line with the slope of pf(m). Obviously, for a given system
(p, B’ = const.), the slope of the straight line will change according to f(m). In this sense,
the slope of the In{t) ~ 1/[In(l + o) plot gives the relative f(m) for the given system.
One can analyze the change of the correlation between the substrate and the crystalline
phase in terms of the variation of the slope.

As given by eq. (24), m is directly associated with y ¢, which is determined by the
interaction and/or structural match between the nucleating phase and the substrate. For a
given crystalline phase and a given substrate, the optimal structural match at the crystal-
lographic orientation {hkl}, corresponds to the strongest average interaction or the lowest
interfacial energy difference between the crystalline phase and the substrate between the
two phases. This orientation corresponds to the (minimal) cusp in the y-plot (Figure 5.5a).

min

In the neighborhood of the minimal y¢s (denoted by y:"") ycs(a) is given by [57]

) sho o — Omax
(o) & n."n + (1 - >’ ™
Ves (@) & Y 47 (1 — p) Amax >

where: Y™ = minimal specific interfacial free energy at a given orientation «; & = elastic
modulus; p = Poisson constant; b = Burgers vector; & = misorientation angle.

Combining eqs (24) and (64) yields

Vst | |: min ebo ( & — Omax )] }
m~—{l—-—|y. + 1 — . (65)
Yef [ Vst « 4 (1l — p) O max

Evidently, an excellent structural match (y¢s(e) — 0, at ¢ — 0) between the nucleating
phase and the substrate leads to m — yg/ver. Given that y4 = y.f, one has then m — 1,
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(b)

FIGURE 5.5. (a) Schematic plot of y¢s(ar) in two dimensions. (b) Illustration of m as a function of the crystallo-
graphic orientation. The structural match between the nucleating phase and the substrate can be described by m:
m = 1 corresponds to the best structure match and m = — 1 corresponds to the poorest structure match.

and f(m) — O (cf. eq. (37)). This implies that AG},.. vanishes almost completely (cf.
eq. (22)), which occurs during the growth of crystals, bringing about an excellent epitaxial
relation.

As the structural match deviates from a perfect match, tending towards a poor match, m
decreases from 1 to 0, and then to — 1. The extreme case will be m — —1, corresponding to
the situation where no crystal-substrate correlation exits. This is the case where substrates

exert almost no influence on nucleation, and nucleation is controlled by the kinetics of
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homogeneous nucleation. Nuclei emerging in this case are completely disordered, bearing
no correlation to the substrate. One has then f(m, R') = 1.

In general, as f(m, R') varies from 0 to 1 (or m from 1 to — 1), the interfacial struc-
ture correlation between the nucleating phase and the substrate changes from a completely
correlated and ordered state to a completely uncorrelated and disordered state.

If the structural match between the nucleating phase and the substrate deviates from
the global optimal structural match position, the secondary optimal structural match (the
second lowest y¢s(e)) will be adopted, which is the second lowest minimum of ys, as-
sociated with the orientation {h’, k', I'}. Due to the anisotropy of the crystalline phase, the
available y () values belong to a discrete set of values rather than a continuous range.
A similar principle holds for subsequent deviations.

5.3. INTERFACIAL EFFECTS

5.3.1. Templating and supersaturation driven interfacial structure mismatch

Kinetically, the occurrence of substrates will, on one hand, lower the nucleation barrier
thus leading to an increase in the nucleation rate, but on the other hand it will exert a neg-
ative impact on the surface integration. Nucleation on a substrate will reduce the effective
collision of structural units to the surface of clusters (cf. Figure 5.3), where the structural
units are incorporated into the crystal phase. This will slow down the nucleation kinet-
ics, which effect is contrary to the effect of lowering the nucleation barrier. As mentioned
above, the latter effect, the so-called “shadow effect” of the substrate, is reflected in the
appearance of f”(m) and f (m) in the pre-exponential term of eq. (52).

These two contradictory effects play different roles in different regimes. At low su-
persaturations, the nucleation barrier is very high (cf. eqs (33) and (34)). The nucle-
ation rate will be substantially enhanced if the nucleation barrier is suppressed effectively
(f(m) — 0). Therefore, heterogeneous nucleation with a strong interaction and optimal
structural match between the substrate and the nucleating phase will be kinetically favored.
In this case, the nucleation of crystalline materials will be best templated by substrates
capable of providing the excellent structural correlation with the crystalline phase. The
structural synergy between the nucleating phase and the substrate will be optimal under
this condition.

Epitaxy is an important technology that has been widely employed in producing
semiconductor chips and engineering materials with complex structures [51,58]. Epitax-
ial growth, which utilizes the similarity in the structure of the host substrate to template the
growth of the required crystalline material in a desired orientation [51,58], will achieve the
best epitaxial relation.

At higher supersaturations, the exponential term associated with the nucleation barrier
becomes less important. Instead, the shadow effect of the substrate, described by the pre-
exponential factors f(m) and f’(m), dominates the kinetics more strongly (cf. Figure 5.3).
Nucleation on substrates having larger f (m) and f”(m) (or m — 0, —1) corresponds to a
higher degree of orientational freedom (or a larger entropy). This will reduce the shadow
effect of the substrate, and therefore it will become kinetically more favorable. This implies
that the epitaxial template relationship between substrate and the nucleating phase cannot
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FIGURE 5.6. (a) The plot of Ints vs 1/[In(1 + )% for CaCO3 (calcite) nucleation. Within the range of super-
saturations where experiments were carried out, three straight lines with different slopes intercept one another,
dividing the space into three regimes. (b) Supersaturation driven interfacial structural mismatch: with the increase
of the supersaturation, the interfacial correlation factor f( m ) will increase abruptly at a certain supersaturation,
such as A, B,..., corresponding to the transition from an ordered and structurally matched to a less ordered and
structurally mismatched biomineral/substrate interface. Reproduced with permission from J. Am. Chem. Soc. 125,
888-995 (2003). Copyright 2003 Am. Chem. Soc.

be maintained even for substrates having an excellent structural match with crystalline
materials, if the supersaturation is too high.

If o progressively increases from low supersaturations to high supersaturations, nucle-
ation will be governed by a sequence of progressive heterogeneous processes associated
with increasing f (m). In analogy with the above analysis, we should obtain a set of pair-
wise interceding straight lines if In¢g is plotted against 1/[In(1 + 0’)]2 (cf. Figure 5.8).
Since for the crystalline phase, m and f (m) take on only those values which correspond
to some crystallographically preferential orientations (cf. Figure 5.5), f(mm) or the slope
of the straight lines will take on discrete values, and f (m) will increase as o increases.
A typical example is given in Figure 5.6, where the measured induction time is shown as a
function of supersaturation for CaCO3 nucleating from aqueous solutions [12].
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Intermediate or
adsorption layer

FIGURE 5.7. The adsorption of additives or other foreign materials between the nucleating phase and the sub-
strate will change the interfacial structural match between the two phases (m| — m3).

As shown in Figure 5.6, the interfacial correlation factor f(m, R’) subsequently in-
creases from 3.9/p to 12.5/p, as supersaturation increases from 1.5 to 5. This result unam-
biguously confirms that the increase of supersaturation will drive the substrates/biominerals
from an interfacial structural match state (a lower f(m)) to an interfacial structure mis-
match state (a higher f (m)). This is referred to as supersaturation driven interfacial struc-
tural mismatch. As mentioned above, the abrupt changes from one state to the other at
certain supersaturations (such as A, B, ... in Figure 5.6) are due to the anisotropy of the
crystalline phase.

Note that the templating and the supersaturation driven interfacial structure mismatch
are the two contradictory effects. By carefully adjusting these two effects, we should be able
to engineer and fabricate the complex structures of functional materials at the micro/nano
structural level.

5.3.2. Modification of interfacial correlation between substrate and nucleating phase

The correlation between a substrate and the nuclei can be modified by introducing
additives (or impurities), depositing an adsorption layer on the substrate [47,58]. If the ad-
sorbed additives or the intermediate layers improve the interfacial correlation, we then have
a nucleation promoting effect. Otherwise, we have a counter nucleation effect. The adsorp-
tion of additives at the surface of foreign bodies will significantly modify the interaction
and structural match between foreign bodies and the nucleating phase. This brings about a
change in the interfacial free energy between the nucleating phase and the substrate from
Vsc 10 V!

In the case of nucleation promotion, the adsorption of additives will give rise to a
stronger interaction and/or a better structural match between the substrate and the nucleat-
ing phase, which significantly reduces y .. If the additives adsorb on the surface of clusters
at the same time, one has then m — ysr/yer ~ | and f(m, x) — 0 (cf. eq. (37)). This can
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FIGURE 5.8. Illustration of the dependence of the nucleation rate on supersaturation and m (or f(m)). Foreign
particles with a large m (strong interaction and better structural match with the nucleating phase) will control
the kinetics at low supersaturations while those with a small m will control the kinetics at high supersaturations.
Reproduced with permission from J. Phys. Chem. B105, 11550-11558 (2001). Copyright 2001 Am. Chem. Soc.

be identified from the lowering of the slope of In(¢s) ~ In[(1 + a)]z, and the increase of
the intercept due to the negative change in In{ f”(m, x)[f m, x)1'/?}, which is illustrated
by the shift of curve 0 to curve 1 in Figure 5.8. The introduction of surfactants to promote
nucleation turns out to be one of several typical examples [59].

Conversely, the adsorption of additives leading to repulsion and the interfacial structure
mismatch between the substrate and the nucleation crystalline phase will cause a substantial
increase in ysc. It follows from eq. (37) that f(m,x) — 1 at m — —1. This enhances the
nucleation barrier and reduces the nucleation rate at a given supersaturation. The effect can
be identified from the increase in the slope of In(ts) ~ 1/[In(} + o)]z, and the decrease of
the intercept (illustrated by the shift from line O to line 2 in Figure 5.8.)

As an example, the influence of m-acetamidophenol (metacetamol), p-acetoxyacetani-
lide (PAA) on the nucleation of paracetamol is discussed below [58]. The molecular struc-
tures of paracetamol and of the additives are given as follows:

NHCOCH3

QEEED NHCOCH;
OH
OH H
Paracetamol p-Hydroxybenzoic acid methyl ester m-Acetamidophenol
(methylparaben)

The additive molecules share the acetanilide group, which strongly interacts with the
surface of paracetamol embryos and/or the substrates. On the other hand, some functional
groups attached to these additive molecules serve as disrupters to prevent the further ap-
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FIGURE 5.9. The effect of additives on the nucleation kinetics of paracetamol from aqueous solutions. (The equi-
librium temperature is 44.1 °C.) Line | (M), no additives; line 2 (4): 0.4 mol% methylparaben; line 3: (¥} 4 mol%
p-acetoxyacetanilide (PAA), (*):4 mol% metacasaniol; line 4 (+): 0.13 wt% polysaccharide. In our experiments,
polysaccharide (grade 1, Oxoid (UK)), p-hydroxybenzoic acid methyl ester (methylparaben) (97%, Aldrich
(Gillingh, UK)), m-acetamidophenol (metacetamol) (97%, Adrich (Gillingham, UK)), p-acetoxyacetanilide
(PAA) (99%, Aldrich (Gilingham, UK)) were chosen to examine the influence on paracetamol nucleation.
Polysaccharide was added at 0.13 wt%, but all other substances were added at 4 mol%. based on the initial
concentration of paracetamol. The experiments of paracetamol nucleation were carried out in a polarized micro-
scope system [58]. Reproduced with permission from J. Phys. Chem. B105, 11550-11558 (2001). Copyright 2001
Am. Chem. Soc.

TABLE5.1.
The effect of additives on the interfacial effect parameter and
kink kinetic energy barrier for the nucleation of paracetamol
from aqueous solutions.

Nucleation systems of (m, x)
1: Paracetamol (controlled) 0.14
2: Paracetamol + 4 mol% methylparaben 0.14
2': Paracetamol + 4 mol% methylparaben 0.30
3: Paracetamol + 4 mol% metacetamol 0.65
4: Paracetamol + 0.13 wt% polysaccharide 0.14

proach of the paracetamol molecules. When the additive molecules adsorb onto the surface
of the substrate, these functional groups will disrupt the substrate-nucleus structural match.

The results given in Figure 5.9 show that both metacetamol and PAA inhibit the nucle-
ation of paracetamol in similar ways. As regards metacetamol, an OH group attaches to a
“wrong” position at the benzene ring, in comparison with paracetamol. The adsorption of
the molecules leads to the steric repulsion against the approach of paracetamol molecules.
For PAA, a COOCH3 group replaces the OH group in a paracetamol molecule. The bulky
COOCHj3 group also causes a significant repulsion against the approaching paracetamol
molecules. The adsorption of these additives on foreign bodies significantly interrupts the
nucleation of paracetamol, which is characterized by an increase in f(m, R’) by a factor
of 4.3 (cf. Table 5.1).
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5.3.3. Non-classical interfacial effect

The nucleation related processes, such as epitaxy, templating, etc., are those processes
that are associated with changes in the nucleation barrier. Nevertheless, in many cases,
the presence of some impurities or additives only gives rise to a change in the interfacial
kinetics without affecting significantly the nucleation barrier. Such effects are referred to
hereafter as non-classical interfacial effects.

Let us take a close look at the interfacial aspects of the nucleation process. During
the “growth” of clusters, structural units should be transported from the bulk phase to the
surface of the clusters, and then become incorporated into kink positions on the clusters
(see Figure 5.10). Before structural units can become incorporated into crystalline embryos
(clusters), the desorption of adsorbed impurities and solvent molecules from the surface and
the re-orientation and conformational adaptation of structural units to the crystal surface
will occur first (cf. Figure 5.10) [60-64]. Associated with this process, there is a free energy
barrier AG* to be overcome. Actually, the kink integration coefficient Bxink occurring in
eq. (62) is a factor describing this process, which is defined as [51,63,64]

Biink = v{l— exp(—AG*/kT) (66)
0

(v denotes the vibration frequency of structural units in the neighborhood of the surface,
Xo is the average distance between two kinks at the surface and AG* is the activation free
energy for kink integration).

Although this interfacial process has long been recognized [51], unfortunately it has
never been defined unambiguously. Recently, the effect on the kinetics of crystal growth
has been examined quantitatively [60-65]. It follows from recent computer simulations and
theoretical analyses [60-64] that AG* should include:

a) the desolvation energy barrier AG* , 1.e. the energy required to remove solvent
gy desolv gy req

or impurity molecules adsorbed at the kink sites;

(b) the orientational and conformational entropy barrier AGﬁrder, which must be over-
come in order to enable the molecules to adopt the crystalline structure at the crys-
tal surface.

Crystal surface

FIGURE 5.10. Schematic illustration of the surface integration occurring on the surface of a cluster. Reproduced
with permission from J. Phys. Chem. B105, 11550-11558 (2001). Copyright 2001 Am. Chem. Soc.
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FIGURES5.11. (a) Schematic illustration of the adsorption of additives at a kink site and (b) the enhancement of
the desolvation free energy barrier.

In many cases, a stronger adsorption of additives at the surface of clusters will enhance
AGﬁesolv, and therefore it will substantially reduce Bkink and consequently it will suppress
the nucleation rate (cf. Figure 5.11).

In the following discussion, we will focus on AGgrder since this effect will play an
important role in the nucleation of complicated macromolecules. The crystallization of
complex molecules is very different from the crystallization of simple molecules [60-64].
During the crystallization process, before such complex molecules can become completely
converted into solid molecules, the molecules in the fluid, having statistically random orien-
tations and conformations, should acquire an orientation and a conformation similar to the
solid molecules in the crystal structure [60-64]. In practice, the substrates may induce the
pre-ordering at the crystal-fluid interface. Figure 5.12a shows the preordering of chain-like
molecules at a flat substrate [60—67]. For such a system, if the ordered solute molecule has
the same orientation as the solid molecules at the surface (Figure 5.12b), it becomes much
easier for it to acquire the crystalline order from the pre-ordered liquid molecules. The
result will be a decrease in AGﬁrder’ and consequently a promotion of the nucleation (cf.
Figure 5.12d). On the other hand, if the ordered solute molecules are in a significantly dif-
ferent orientation from that of the solid molecules at the surface (Figure 5.12b), it becomes
difficult for them to acquire the crystalline order (or conformation) from the pre-ordered
liquid molecules. It follows that this pre-ordering of the liquid molecule will raise AGﬁrder,
and consequently hinder nucleation.



PRINCIPLES AND STRATEGIES FOR MICRO/NANOSTRUCTURE ENGINEERING 133

020

iso-Octane

0.00 ""\/ '''''

5(2)

020 _________ n"CEIH‘str” __________________

040 I | — | S S—

AG (arbitary unit)

MAGiger

_‘l y ﬁG:rdsl

— Pre-ordering

Distance (arbitary unit)
(d)

Y
(b)

FIGURE 5.12. (a) The average order parameter s(z) of n-Cp4Hsgp molecules as a function of z, generated by
density functional theory calculations [65]. The density of segments in the bulk is ¢ o = 0.1; the torsion energy
of the chains is £'°" = 1.5kT. The order parameter is s = l/2(3(cos2 a’}1), where @’ is the angle between a
bond connecting two segment units and the normal. When the molecules are completely parallel to the surface,
s(z) = -1/2. A random bond distribution will result in an order parameter s(z) = 0 [60,63,65]. (b) Illustration
of the ordering of paraffin molecules at the solid—fluid interface. The ordered solute molecules are in the same
orientation as the solid molecules on the surface. The pre-ordering will then facilitate the surface integration of
solute molecules into the crystal surface. (c) The ordering of paraffin molecules at the solid—fluid interface. The
ordered solute molecules have different orientations from the solid molecules on the surface. The pre-ordering
will hinder the surface integration of the solute molecules into the crystal surface. (d) The pre-ordering of solute

molecules as illustrated in (b) may lower AGgrder/ kT, and therefore promote the nucleation kinetics.



134 X.Y. LIU

Nucleation Inhibition Nucleation Promotion
02 > '
ﬂkink 0
e & i ch e
06k AAGYRD),, :
-0.8F :
b gV
= o
8 -12f
é =14 ﬁ(ﬁG?kT),ad
-6 ¥
-1.8[
2.0

'2'&04 0.06 0.08 0.10 0.12 0.14 0.16 0.18 0.20 0.22 0.24
1/In(1 +o)]’ (a.n)

FIGURE 5.13. Illustration of the change in kink kinetics and the corresponding shift in the Intg ~ 1/[In(1 + o) 2
plot. Reproduced with permission from J. Phys. Chem. B105, 11550-11558 (2001). Copyright 2001 Am. Chem.
Soc.

The change in AGﬁrder due to the molecular ordering can be quantified from the
Ints ~ 1/[In(1 + o)]? plot, as illustrated by Figure 5.13. If the pre-ordering of molecules
promotes nucleation, the straight line of Ints ~ 1/[In(l + o)]* will shift downward (par-
allel to the shift of line O to line 2 in Figure 5.13). According to eqs (62) and (66), the
difference in the intercept equals the change in the entropic barrier A(AGgrdcr/ kT Yada [=
(AGﬁrder/kT)add - AGﬁrdcr/kT] (see Figure 5.12c). The non-classical nucleation inhi-
bition will shift the In¢g ~ 1/[In(1 + O)J2 plot upward (the shift from line O to line 1).
Similarly, the change in the entropic barrier can also be obtained from the difference in the
intercept of the two lines.

Let us look again at the nucleation of paracetamol under the influence of polysac-
charide, and p-hydroxybenzoic acid methyl ester (methylparaben), m-acetamidophenol
(metacetamol), p-acetoxyacetanilide (PAA), respectively.

As shown in Figure 5.9, m-acetamidophenol (metacetamol) and p-acetoxyacetanilide
behave classically. These two additives inhibit the nucleation of paracetamol by raising the
slope from 0.14 to 0.65 (line 1 to line 3 in Figure 5.9). However, in the case of methyl-
paraben, the inhibition of nucleation causes only a change in the intercept but not in the
slope (from line 1 to line 3 in Figure 5.9) where the slopes remain unchanged (the slopes
for both lines are 0.14). This implies that the occurrence of the molecules at the embryo
surface does not change the interfacial free energy, but it does raise the desolvation energy
in the kink integration by 0.84kT (the difference between the intercept of line 3 and line 1)
[58].

The polysaccharide also gives rise to a surprising result. The shift from line 1 to line 4
in Figure 5.9 does not change the slope (f(m, R’) is approximately constant), meaning
that polysaccharide promotes the nucleation of paracetamol crystals without lowering the
nucleation barrier. This is completely different from the classical nucleation promotion and
epitaxial growth.
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Polysaccharide

The effect of polysaccharide is novel and has significant implications for the promotion
of nonepitaxial nucleation. Results obtained from computer simulations, STM and AFM
imaging [63-66] show that due to the influence of the solid molecules at the substrate
surface, fluid units at the interface between the substrate and the fluid always acquire a
certain degree of pre-ordering. The pre-ordered liquid molecules may become much more
easily incorporated into the crystal structure at kink sites if the pre-ordering facilitates the
transformation to the favored orientation and conformation at the kinks (lower AG#* | )
[61,63]. This leads to the enhancement of Bkink.

Notice that the occurrence of a substrate will inevitably change the nucleation barrier in
most cases. This means that in most cases the non-classical epitaxial effect is always cou-
pled with the classical epitaxial effect. Nevertheless, when f(m, R’) — 1, the nucleation
barrier AGy,., reaches its uppermostlimit, AGy . in which case the classic interfacial
effect is eliminated. According to Figure 5.2a, this elimination occurs only when the radius
of the substrate R® is smaller than 1/10 of the radius of critical nuclei re¢, (R’ < 0.1). Be-
cause the substrate looks as though it has effectively vanished, this effect is named the “zero
size” effect. Obviously, some polymers or very thin fibers can be considered as substrates
providing the “zero” classic epitaxial effect since the thickness of polymers is much smaller
than r. in most cases. In fact, the polysaccharide turns out to be one of such examples, and
the effect of nucleation promotion is characterized as a non-classical epitaxial molecular
pre-ordering effect. As can be seen by Figure 5.9, the change in (difference between) the
intercept of line 1 and 4, the kink integration barrier AGy;,, is lowered by 0.42kT.

When using additives with a structure somewhat different from that of paracetamol,
we may expect a weak interaction between the additive molecules and the surface of the
paracetamol embryos. This implies that a strong adsorption of the additive on the sub-
strate is very unlikely. According to the above analysis, this will lower slightly Byink or
enhance AGﬁesolv/kT, A(AGﬁeso]v/kT)add > 0. Figure 5.9 shows that methylparaben
(line 2) changes the intercept only at relatively low supersaturations (regime A) relatively
to the controlled (line 1), meaning that in this region the adsorption of methylparaben mole-
cules on the surface of paracetamol embryos and the intervention for the kink kinetics is
the major effect. The increase in the desolvation barrier is about 0.84kT (cf. Table 5.1).
Further into the high supersaturation regime (line 2’ in regime B), both the slope and the
intercept are altered. f(m, R') increases by a factor of 2 (cf. Table 5.1).
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TABLE 5.2.
The effect of additives on the interfacial effect parameter and kink kinetic encrgy barrier for the
nucleation of paracetamol from aqueous solutions.

Nucleation systems B A(AGE | /kT) A(AGY, | kT )aaq
1: Paracetamol (controlled) —-2.12 - -

2: Paracetamol 4+ 4 mol% methylparaben —1.28 0.84 —

2': Paracetamol + 4 mol% methylparaben 242 0.81 -

3: Paracetamol + 4 mol% metacetamol -1.91 2.64 e

4: Paracetamol + 0.13 wt% polysaccharide —2.54 - —-0.42

If f(m ) and m can be obtained from the In¢ ~ 1 /[In{1 + )2 plot (cf.eqs (37), (62)),
f”(m) can also be obtained from eq. (55). Then A(AGﬁcsolv/kT)add can be calculated
from the slopes and intercepts of lines 1 and 2 by solving simultaneously eqs (62) and (66).
The resulting A(AGﬁewlv/kT)add ~ (0.81kT is almost the same as the value obtained from
regime A (cf. Table 5.2). This means that the methylparaben molecules still exert a compa-
rable impact on the kink kinetics at low supersaturations.

The promotion of the nucleation caused by the pre-ordering of liquid molecules at
the solid—fluid interface has been experimentally identified in the nucleation of paraceta-
mol from aqueous solutions. The non-epitaxial molecular pre-ordering effect implies that
macromolecules such as polysaccharide, can be used as molecular nucleation templators.
Such an undertaking would have been impossible within the framework of the classic epi-
taxy. This effect may be utilized to template nucleation of crystalline materials along fiber

or polymer networks to achieve microstructure engineering.

5.4. CRYSTALLOGRAPHIC MISMATCH BRANCHING AND MICRO/NANO
STRUCTURAL ARCHITECTURE

Crystalline materials reveal a variety of patterns when they grow in different condi-
tions. Pattern formation is the subject of significant fundamental and practical interest, and
has been increasingly attracting a broad attention across various areas from materials sci-
ence, biology, health, mineralogy, etc. [67-70]. The reason is that rheological and other
physical properties of such crystal network systems are to a large extent determined by the
self-organized structure of these patterns, rather than the building materials themselves. As
mentioned at the beginning, a new type of functional materials, the so-called supramolec-
ular materials, possess some unique properties and enable applications, which are directly
related to the micro/nano structure of these self-organized networks. In this section we will
focus on the mechanisms of self-organized crystal network formation, to identify principles
for the architecture of crystal networks. The strategies for micro/nano structure engineering
will also be discussed later in this section.

One of the most common patterns we encounter in our daily life is dendrites. When a
liquid is supersaturated and begins to crystallize, the crystals grow and penetrate into the
metastable liquid phase. The resulting crystallites often appear as needle-like dendrites [77,
78]. A common example of dendritic growth is snowflakes (see Figure 5.14).

Dendritic morphology is commonly observed in diffusion-controlled crystal growth in
the presence of anisotropy [69,70,79-81]. For the growth of crystals, impurities and/or the
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FIGURE 5.14. Snowflake: a typical example of dendritic growth. (The author wishes to thank Prof. Dr. Yoshinori
Furukawa for his permission to use this photo.)

latent heat of crystallization that are generated at the interface between the crystal and the
melt during freezing, must diffuse away from that interface. When the temperature gradient
on the liquid side of the interface is very low or negative, like fins on a thermal radiator, the
sharp tip of the dendrite may promote the diffusion of heat away from itself, allowing the
crystal to grow rapidly in the direction in which the tip is pointing. When the ratio between
the temperature gradient in the liquid phase G and the growth velocity of the crystal surface
Ry is lower than a certain value i.e.

G/Rg <C 67)

a surface instability will occur [77,78,86]. (Here C is a constant depending on the given
crystallization system.) In general, the instability of growing crystal faces is due to a certain
type of perturbation at the growth front, which triggers a local growth that is more rapid
than the rest of the crystal surface.

Strictly speaking, a dendritic pattern is a crystal network. However from a theoretical
point of view a dendritic pattern is developed from a single crystal, whereas the crystal
networks under study are polycrystalline, with many crystallites being associated with each
other by a certain linkage. Therefore, dendritic pattern will not be treated further.

The formation of certain patterns of crystalline materials can also occur via an aggre-
gation process. It is believed [68—70,82] that the formation of a fractal pattern occurs via
a diffusion-limited aggregation, a reaction control or a cluster—cluster aggregation process.
Among these three patterns, the anisotropy in the interfacial development plays an impor-
tant role in the pattern transformation [68-70,82]. The microscopic interfacial anisotropy
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is essential to stabilize the dendritic growth, whereas insufficient anisotropy encourages the
formation of fractal patterns [68-70,82].

In the following discussion, the crystal network formation is controlled by a completely
new mechanism, the so-called crystallographic mismatch branching mechanism. The pat-
terns created by this mechanism can have either the microscopic interfacial anisotropy of
the dendrites or the characteristics of fractal patterns, or both. In particular, the evolution
of a pattern depends on the supersaturation and impurity content.

5.4.1. Crystallographic mismatch nucleation and growth

In Section 5.3.1, we have shown that as supersaturation increases, the interface struc-
tural match between the substrate and the nucleating phase will deviate from the optimal
structural match position. For normal growth, the substrate is a growing crystal itself, and
the optimal structural match corresponds to the case that new crystalline layers match per-
fectly the crystallographic orientation of the parent crystal [71-75]. On the other hand, if
crystallographic mismatch nucleation and growth take place, new crystalline domains will
occur on the surface in different orientations with respect to the parent crystal (cf. Fig-
ure 5.15). (At relatively low supersaturations, the mismatch angle « is determined by the
local minimum of the specific mismatch free energy y mis (see Figure 5.15).)

Actually, during the growth of crystals, there is a tendency for the occurrence of a mis-
match of new layers at high supersaturations due to the supersaturation driven mismatch
nucleation. Similarly to normal 3D nucleation, the mismatched domain should first nu-
cleate on the growing crystal surface. If the energy cost to create a mismatch domain per
area on the parent crystal is defined as the specific mismatch free energy, y mis, the barrier
of mismatch nucleation is determined by the surface supersaturation and the specific mis-
match free energy ymis (cf. eq. (34)). Obviously, the crystallographic mismatch nucleation
is a special case of heterogeneous nucleation, where ¥ mis = Y¢s. If the mismatched growth
does not deviate much from the orientation of the parent crystal, we can in principle have
Yef ~ Vst 1t then follows from eq. (24) that

m =1 — Ymis/Yet. (68)

Mismatch angle
Crystallographic / 7
orientation of the //
parent crystal Crystallographic mismatch

~ nucleation and growth
7

ol -+ ~ ~
" Surface of parent crystal

FIGURE 5.15. Schematic illustration of the crystallographic mismatch nucleation of a crystallite on a growing
crystal surface. The crystallite occurs on the surface at an angle deviating from the crystallographic orientation of
the parent crystal. At relatively low supersaturations, the mismatch angle « is determined by the local minimum
of the specific mismatch free energy y ;s (cf. Figure 5.5).
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FIGURE 5.16. The change of the mismatch nucleation barrier AG* is With supersaturation (cf. eq. (34)).

Likewise, the nucleation barrier and the rate of crystallographic mismatch nucleation
are given by eqs (33), (34) and (52). As indicated by eq. (34), AG?},, decreases as the
surface supersaturation increases (see Figure 5.16).

Here, we will discuss briefly some key factors controlling the crystallographic mis-
match nucleation and growth:

(a) Supersaturation. The crystallographic mismatch nucleation occurs on the surface

(b)

of a growing crystal. Similarly to normal nucleation and growth, the kinetics of
crystallographic mismatch nucleation and growth depends additionally on the su-
persaturation at the surface of the growing crystal, which increases monotonically
with bulk supersaturation. Therefore, at low bulk supersaturations, AG7,.. is very
high (cf. Figure 5.16). Therefore, it is difficult for the crystallographic mismatch
nucleation to occur at low o. As bulk supersaturation increases, AG%.. will drop
rapidly (cf. Figure 5.16). AGY;. becomes relatively low at high supersaturations,
thus facilitating the interfacial mismatch nucleation.

Impurities. Adsorbed impurities may disturb the interfacial structural match be-
tween nucleating layers and the parent crystal surfaces. This gives rise to a low-
ering of m, hence promoting the crystallographic mismatch nucleation (cf. Sec-
tion 5.4.4.3). For that reason, the adsorption of additives on the surface of a growing
crystal will also promote the crystallographic mismatch nucleation by changing the
surface supersaturation. Actually, the growth of a crystal can be simply regarded
as a process by which growth units are transported to the surface of the crystal and
incorporated into the crystal structure at the crystal surface (cf. Figure 5.10). When
surface kinetics is a much faster process than volume transport, the growth units
which reach the crystal surface will be readily incorporated into the crystal struc-
ture. Consequently, the concentration of growth units on the surface is then very
close to the equilibrium concentration; in other words, the surface supersaturation
is very small or close to zero.

On the other hand, the rate of surface integration will be significantly reduced if
additives adsorb onto the growing crystal surface. When surface kinetics becomes
much slower than volume transport, the growth units which reach the crystal sur-
face will accumulate on the surface. This will then raise the surface supersaturation
to the bulk supersaturation. This implies that the adsorption of additives will give
rise to a high surface supersaturation, which will trigger the crystallographic mis-
match nucleation and growth.
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(c) Slow surface integration. As mentioned above, the faces with a low surface in-
tegration rate correspond to higher surface supersaturation, i.e., much closer to
the bulk supersaturation. It follows that at low supersaturations, crystal faces
with slow surface integration kinetics can take advantage of the highest possible
supersaturation—the bulk supersaturation in a given system, and can trigger much
more easily crystallographic mismatch nucleation (cf. Figure 5.19).

(d) Low specific mismatch free energy. According to eq. (34), a low specific mismatch
free energy y mis corresponds to a low AG i, according to eq. (34). This implies
that crystallographic mismatch nucleation can occur much more easily on crystal
surfaces with low values of ypis. Note that normally, the crystal surfaces with
low y mis values often coincide with those with slow surface integration kinetics.
Therefore, criteria (c) and (d) are likely applicable to the same crystallographic
orientation for a given crystalline material.

Based on (a), (c) and (d), we can expect that at low supersaturation crystallographic
mismatch nucleation may take place very easily in slowly growing crystallographic ori-
entations (cf. Figure 5.17a), whereas at high supersaturations crystallographic mismatch

Parent crystal (Small Angle)
. =~ Crystallographic Mismatch

, :' - Branching (S A-CMB)
“ Daughter crystal

Supersaturation driven AWkT
structural mismatch

0

Impurity driven Cimpurity

structural mismatch

(a)

<;_I SA-CMB |: {2 SA-CMB

(b) (c)

FIGURE 5.17. Crystallographic mismatch nucleation and growth: the newly created crystal differs from the par-
ent crystal due to the (homo-epitaxial) crystallographic mismatch nucleation and growth. (a) Crystallographic
mismatch nucleation and growth on the side face of a needle crystal, resulting in small angle crystallographic
mismatch branching (SA-CMB). This normally occurs at relatively low supersaturations. (b) Spherulitic pattern
resulting from SA-CMB. (c) Open interconnecting fiber network resulting from SA-CMB. In comparison with
the SA-CMB spherulitic pattern shown in (b), the open network structure shown in (c) occurs at higher supersat-
urations.



PRINCIPLES AND STRATEGIES FOR MICRO/NANOSTRUCTURE ENGINEERING 141

nucleation may occur in faster growing crystallographic orientations (cf. Figure 5.18a).
Note that another reason for the occurrence of crystallographic mismatch nucleation in
faster growing crystallographic orientations at high supersaturations is that the faster grow-
ing crystallographic orientations can easily penetrate into the bulk, and “feel” effectively
much higher supersaturations in the bulk. According to criterion (a), this will trigger crys-
tallographic mismatch nucleation at the tips.

Once crystallographic mismatch nucleation and growth take place in the needle-like
crystals, a special branching will occur (cf. Figures 5.17a and 5.18a). Unlike dendritic
branching, in this type of branching, the daughter branches of fibers cannot be correlated
strictly to the crystallographic orientation of their parent fibers. It is for this reason that this
type of branching is referred to as crystallographic mismatch branching. (See Figures 5.17
and 5.18.)

At low supersaturations, crystallographic mismatch nucleation and growth will occur
only on the side faces of needle-shaped crystals, leading to the so-called “small angle”
crystallographic mismatch branching. Typical crystalline networks resulting from “small
angle” crystallographic mismatch branching are illustrated in Figures 5.17b and 5.17c.
Figure 5.17c shows a more open structure occurring at relatively high supersaturations,
in contrast to the structure shown in Figure 5.17b.

Fiber tip

A
A
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A

Fiber lﬁ Growth

r Growth

0 Supersaturation driven  Ap/kT
structural mismatch

0 Impurity driven Climpurity
structural mismatch

(@)

WA-CMB
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FIGURE 5.18. (a) Supersaturation driven structural mismatch at the tip of fiber crystals leads to wide angle crys-
tallographic mismatch branching (WA-CMB). This occurs at relatively high supersaturations, or in the presence
of additives (including self-impurities.) (b) Spherulitic pattern resulting from WA-CMB. (c) Open interconnecting
fiber network resulting from WA-CMB. In comparison with the WA-CMB spherulitic pattern shown in (b), the
open network structure shown in (c) occurs at much higher supersaturations.
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FIGURES5.19. SEM micrograph showing compact hydroxyl apatite (HAP, Ca|(POy4)¢(OH)>) crystals obtained
from a relatively low supersaturation. Due to the (small angle) crystallographic mismatch branching (SA-CMB),
the crystallites show a very good structural synergy. SA-CMB in this regime could lead to an ordered, compact
and tough structure. Scale bars: 500 nm. Reproduced with permission from J. Am. Chem. Soc. 125, 888-995
(2003). Copyright 2003 Am. Chem. Soc.

At high supersaturations, crystallographic mismatch nucleation and growth will take
place at the tips of needle-shaped crystals, leading to the so-called “wide angle” crystallo-
graphic mismatch branching. Typical crystalline networks or patterns resulting from “wide
angle” crystallographic mismatch branching are illustrated in Figures 5.18b and 5.18c. Ac-
tually, the more open structure illustrated in Figure 5.18c occurs at much higher super-
saturations than that shown in Figure 5.18b. As will be discussed in Section 5.4.4, the
crystallographic mismatch branching can be utilized to construct self-organized intercon-
necting fiber network structures or patterns, so as to engineer supramolecular functional
soft materials.

Figure 5.19 shows self-assembled hydroxyapatite (Ca;o(PO4)e(OH)2, HAP) crystals
caused by (small angle) crystallographic mismatch branching on the prism faces. The prism
side faces are the slowest growing faces in HAP crystals. Therefore crystallographic mis-
match nucleation and growth will occur primarily on these faces at relatively low supersat-
urations. This crystallization process of HAP will lead to an ordered, compact and tough
structure.

Two typical examples of spherulites resulting from wide angle crystallographic mis-
match (cf. Figure 5.18b) are shown in Figures 5.20a and 5.20b. Figure 5.20a shows the
spherulitic networks of 12-hydroxyoctadecanoic acid (5 wt%) formed in a dodecane so-
lution. Similarly, the topology of spherulitic networks of N-lauroyl-L-glutamic acid di-
n-butylamide (GP-1) in an iso-stearyl alcohol (ISA) organogel (3.6%) is shown in Fig-
ure 5.20b.
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(b)

FIGURE 5.20. (a) Optical microscope graph of 12-hydroxyoctadecanoic acid spherulitic fiber networks obtained
from dodecane gel. The resolution of a polarized light microscope is insufficient to recognize single nanofibers
and fiber networks. But due to the radial distribution of fibers in the spherulitic form of networks, the micrograph
will show the black extinction cross when the samples are viewed between crossed polarizers in such an optical
microscope. C = 5 wt%, T = 20°C. (b) Optical microscope graph of N-lauroyl-L-glutamic acid di-n-butylamide
(GP-1) fiber networks in iso-stearyl alcohol (ISA) gel. C = 3.6 wt%, T = 20°C.
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FIGURE 5.21. SEM microscope graph of fibrous networks of N-lauroyl-L-glutamic acid di-n-butylamide (GP-1)
grown from a 7 wt% iso-stearyl alcohol (ISA) solution at 20°C, resulting from the mechanism of (wide an-
gle) crystallographic mismatch branching [73-75]. To examine the nano/micro structure of fibrous networks in
supramolecular materials, SEM, coupled with a CO, super critical fluid extraction technique (Thar Design) was
applied. The latter is to remove the liquid captured in the networks, without disturbing the essential structure of
the networks [73]. (Scale bar: 2 wm.) Reproduced with permission from Chemistry of Materials 14, 3793-3798
(2002). Copyright 2003 Am. Chem. Soc.

An example of the open structure resulting from the wider angle crystallographic mis-
match branching as illustrated by Figure 5.18c is given by Figure 5.21, where the intercon-
necting fibrous network of N-lauroyl-L-glutamic acid di-n-butylamide (GP-1) is grown
from a 7 wt% iso-stearyl alcohol (ISA) solution at 20°C [73-75]. As mentioned above, the
crystallographic mismatch branching of this type often occurs at high supersaturations and
will give rise to an open and porous structure. Such structures are often used as a medium
to deliver different benefits (cf. Section 5.4.4).

Apart from needle-like crystals, crystallographic mismatch nucleation and growth are
also frequently observed on the surfaces of plate-like crystals. Most n-paraffin crystals have
a thin platy and rhombic shape bounded by the large {001} and the narrow {110} faces.
The large top and bottom {001} faces correspond to the slowest growing directions. As
mentioned above, crystallographic mismatch nucleation and growth may easily occur on
these faces at relatively low supersaturations. Figure 5.22 shows the (small angle) crystal-
lographic mismatch branching occurring on the large {001} faces of n-C24Hsp crystals at
low supersaturation (o < 0.2). Some daughter crystals are observed on the {001} face of
the parent crystal.

Crystallographic mismatch branching on the plate-like crystals will also lead to the
formation of crystal networks. One of the typical examples of such networks is the paraffin
network formed in crude oil in severe winter conditions. Only a few percent of the paraffin
crystals occurring in the form of interconnecting networks will be sufficient to gel crude
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FIGURE 5.22. n-Co4Hsg crystal grown from n-hexane solutions. The large top and bottom faces are {001}
and the side faces are {100}and {010} [76]. Reproduced with permission from J. Crystal Growth 135, 209-223
(1994). Copyright 1994 North Holland.

oil. This will cause the blockage of oil pipelines, which turns out to be a serious issue for
the petroleum industry [76]. On the other hand, crystal networks formed by platy crystals
can also be used to advantage. Fat crystals have a platy shape. The crystal network formed
by fat crystals is widely used as a structuring agent of margarines.

5.4.2. Fibrous network formation via crystallographic mismatch branching

We will focus on the formation of fibrous networks/patterns by means of wide angle
crystallographic mismatch branching, in particular, on the typical patterns shown in Fig-
ures 5.17b and 5.17c. In this case, the crystal networks consist of radial arms originating in
a core. As shown in Figure 5.20, although the fibers are too fine to be identified by optical
microscopy, the spherulitic arrangement of fibers directed from the center can be recog-
nized from the black extinction cross of the sample viewed between two crossed polarizers
of an optical microscope. The radial arms are often found to be branched with the Cayley
tree structure (cf. Figure 5.18c) [83,84].

The crystal networks are produced by 3D nucleation. This can be verified by the follow-
ing experiments. Because the networks immobilize the liquid captured within the meshes,
the formation of such crystal networks will change the rheological properties of the system
(cf. Figure 5.23 and Section 5.4.3). The fact that the gelation time fg corresponds to the
induction time of the crystal network formation (cf. Figure 5.23a), is reflected in the linear
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FIGURE 5.23. (a) The variation of the complex modulus G* before and after fibrous network formation. The
induction time #g of fiber formation is identified from the change of G*. T =40°C, C = 6.7 wt%. (b) The rela-
tionship between fg and Ap/kT. The linear relation of ln(rg) ~ l/(Au/kT)2 indicates the nucleation and growth
control during the fibrous network formation [51,87]. For theology, we will focus on the storage modulus G’ (de-
scribing the elastic property), the loss modulus G” (describing the viscosity property), and the complex modulus
G* (=[(G")? + (G")2]'/2) [73-75]. Reproduced with permission from Chem. Phys. Chem. 3, 374-377 (2002).
Copyright 2002 John Willey & Sons, Inc.

plot Inzg ~ 1/1In[1 + ]2 obtained in Figure 5.23b. According to eq. (62), this confirms that
the formation of a spherulitic pattern is controlled by 3D nucleation.

Since the self-organized crystal networks possess the structural characteristics of a
Cayley tree (cf. Section 5.4.2.2), the process of network formation can be regarded as
a sequence of the following steps: initial nucleation—fiber growth—fiber branching—fiber
growth ... (see Figure 5.24). Obviously, one of the key steps in constructing the Cayley
tree resides in the branching of the growing nano fibers.
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FIGURE 5.24. Crystallographic mismatch branching: initial nucleation—growth—-branching—growth-branching
and the self epitaxial nucleation of daughter branches on a growing parent branch [73-75].

5.4.2.1. Kinetics of crystallographic mismatch branching  In this section, we will discuss
first how Crystallographic mismatch branching takes place via supersaturation driven crys-
tallographic mismatch nucleation and growth. The Crystallographic mismatch branching
resulting from impurity driven Crystallographic mismatch nucleation and growth will be
covered in Section 5.4.4.

The occurrence of Crystallographic mismatch branching is controlled by the follow-
ing two steps: (1) growth on the surface of parent crystals; (2) Crystallographic mismatch
nucleation on the surface.

As mentioned earlier, the growth of crystals can be regarded as a process of delivering
growth units from the bulk to the crystal surface and incorporating these units into the
kinks (cf. Figure 5.10). In the case of faceted growth, the crystal face is atomically smooth
and the kinks occur only at the steps. In this case, the steps can be regarded as “sinks” for
growth units to enter the crystals [51,86-88]. As shown by Figure 5.10, each advancing
step will disappear when it spreads over the surface and reaches the edge of the surface. In
order to continue the growth of the crystal surface, a subsequent crystal layer needs to be
generated on the existing crystal surface. Therefore, the step source for the creation of new
layers will determine the growth rate of the crystal surface. Due to the presence of a step
free energy, the creation of a new layer on the existing layer of the crystal surface requires
overcoming that free energy barrier, which is the so-called two-dimensional nucleation
barrier [51,86-88]. Normally, for the growth of flat or faceted crystal surfaces, the screw
dislocations occurring on the surface will provide uninterrupted step sources for a layer-
by-layer growth [51,86], and in such cases the growth is controlled by screw dislocation
mechanisms [51,86].

The growth of crystals that are free from screw dislocations is governed by the so-
called 2D nucleation growth mechanism [87,88]. This implies that the crystal faces grow
by depositing one crystal layer on top of the previous layer [88]. In the 2D nucleation
model, the growth rate of the fibers is expressed as [88],

Ap 3/ st%cp”h
R, =C|| — _— |, 69
’ ‘(kT) expL(kTﬂ(Au/kn} ©

where h, and ygep denote the height of the step, and the step free energy of the growing
surface, respectively. C; is a coefficient associated with the volume transport, and should
be a constant for a given condition [88]. The growth of small crystallites such as crystalline
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fibers is normally controlled by 2D nucleation, because it is difficult to accommodate screw
dislocations in small crystalline domains.

When the growth of crystal surfaces occurs on the tips of fibrous or needle crystals, it is
then likely to occur in a rough or a kinetically rough mode. In this case, the 2D nucleation
energy barrier vanishes or is very small [51,87,88], and new layers or steps can be “gen-
erated” by thermal fluctuations. Therefore, the overall crystallographic orientation of the
crystal surface will not be maintained [51]. The growth rate of rough (or normal) growth is
expressed by [51,89]

A
Rg:Alﬂst(k—;L)y (70)

where Aj is a coefficient associated with volume transport, and should be a constant for a
given condition [51,89].

As mentioned in Section 5.4.1, the crystallographic mismatch nucleation can be re-
garded as a special case of heterogeneous 3D nucleation caused by supersaturation driven
interracial structural mismatch. Therefore, the nucleation rate can also be described by
eq. (52) with m given by eq. (47).

The crystallographic mismatch nucleation and the growth of fibers can be approxi-
mately regarded as two independent physical processes. Given that the induction time for
the crystallographic mismatch nucleation of new fibers on the host libers is 7 (z ~ 1/J;
J is the rate of crystallographic mismatch nucleation), and that the growth rate of fibers
in the fibril axis direction is Ry, it follows then that the average branching distance can be
expressed as

(&) ~ Ryt ~ Ry/J. (71)

For growth controlled by 2D nucleation, substituting eqs (52) and (69) into (71) yields

() ~C2

5/6 - LO2/3\ 3
(Ap/kT) exl 167 f ()’aQ )} 72)

freve 3(Au/kTY>\ kT

where C2 = C/B. To check this mechanism, a set of experiments have been performed at
different supersaturations.

In the case of rough growth (such as the growth on the tips of fibers or needles), sub-
stituting eqs (52) and (70) into (71) yields

(Ap/kT) ox [ 167 f <chQ2/3>3]

() =A2 frfn 3(Au/kT)? kT

(73)

where A2 = A Bgq/B. Actually, eqs (72) and (73) are very similar apart from the kinetic
coefficients C; and A,. In addition, the power of the factor (A /(k7)) occurring in the pre-
exponential expression is (5/6) for 2D nucleation growth and 1 for rough growth, which
are very close to each other. Such a similarity may be attributed to the fact that the 2D
nucleation model can also be applied to describe rough growth, in particular, the growth
governed by kinetic roughening.
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FIGURE 5.25. (a) The correlation between ln[(S)(Au/kT)_l] and ]/(Au/kT)2 for an L-DHL/DIOP system
with 0.01% EVACP at T = 20°C. The linear relationship confirms the governing role of the crystallographic mis-
match branching mechanism in the formation of organized interconnecting fiber networks. (b) Dependence of the
average branching distance on supersaturation for the same system. 7 = 298.15 K, X = 0.026. Supersaturation
difference A/ kT is obtained by changing the molar fraction of the solute in the solutions [75]. Reproduced with
permission from J. Am. Chem. Soc. 124, 15055-15063 (2002). Copyright 2002 Am. Chem. Soc.

The average length (&) of branching, which is proportional to the mesh size in the
fiber networks, was examined by SEM, for an L-DHL (lanosta-8,24-dien-38-ol: 24,25-
dihydrolanosterol = 56:44)/DIOP (di-(2-ethyl-hexyl phthalate (CgH,7C0OO)2 Ce¢Hy)) sys-
tem with 0.03% EVACP (ethylene/vinyl acetate copolymer, (C4HgO2),(C2H4),, ap-
prox. MW ~ 100,000). A linear relation is obtained between In{{£)(Au/ kT)‘[y] and
1/(Au/kT)? (see Figure 5.25b). This confirms the above branching mechanism.

An important implication of this mechanism is that the branching density (1/(£)) of
fibers will increase with Ap/kT (or AT) (cf. eq. (73)). For a given concentration, Teq is
constant. It follows from eq. (15) that a lower T (or a large AT) corresponds to a larger
Ap/kT. This means that a high supercooling or supersaturation will give rise to a highly
branched and more open structure (cf. Figure 5.30b).
5.4.2.2. Structural characteristics of 3D network of supramolecular materials and corre-
lation to rheological properties  Although the structure of fibrous networks of supramole-
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cular materials is very important with respect to the macroscopic properties [15-18] and
has the typical characteristic of the Cayley fractal tree, the measurement of the fractal di-
mension D remains a challenging issue due to the lack of an effective characterization
method. Due to the fact that the average length of the branches is often above pom, and the
problem of multiple scattering, it is difficult to measure the fractal structure of this type of
fibrous networks by the conventional light scattering method [93,94]. Here, we introduce
a newly developed method [85] capable of measuring the in-situ fractal growth of fibrous
networks of supramolecular materials.

Fractal structures are self-similar in that the two-point density-density correlation
function, as well as their essential geometrical properties are independent of a length
scale [90-93]. In d dimensional space, they can be characterized by a fractal or Hausdorff-
Besicovitch dimension D¢ [91-93]. The radius of gyration of such a crystal network R is
related to the number N of particles or segments it contains, by [93,95]

N ~ RPr, (74)

For a uniform object we have D¢ = d, while for more open structures in which the density
decreases with the distance from the center we have Df < d.

Taking into account that fact that the formation of fibrous networks is controlled by
nucleation and growth [73-75,85], the new method to be introduced is based on the famous
Avrami equation [94], which was developed to describe the nucleation and growth of bulk
crystals, taking into account the Poisson distribution of the crystal size [94]. It has the form

In[1 — X¢] = =k, (75)

where k° is a constant;  is the time; X denotes the crystallinity of the system, equal to
@ (t) /¢ (00) (Where ¢ (¢) is the volume fraction of crystal materials at time #, and ¢ (co) is
¢ (1) at t — o0). For the growth of spherical crystals, one has —k%4 = %Nozr(ugt)3 (vg: the
growth rate of bulk crystals; Ng: the number of crystals per unit volume) [94]. In the case
of non-spherical crystals, this expression should be modified to —k°r¢ = K 4§N();'T(ugt)3
(where K describes the geometrical deviation of the crystals from the spherical shape).
Generally, the one-dimensional or rod-like growth, the two-dimensional or plate-like
growth, and the three-dimensional growth will lead to d = 1, 2, 3, respectively. In the
case of fractal growth, one has growing fractal aggregates instead of uniform crystals. The
length of bulk crystals (as a function of time) in the above consideration should then be
replaced by the radius of gyration of fibrous networks, and d by the fractal dimension Dy.
This implies that the above expression for fractal growth takes the form

In[1 — X ()] = —kY P, (76)

The key step in applying eq. (76) is to measure X, as a function of ¢. This can be obtained
from the correlation between ¢ (¢) (the crystallinity) and such properties as the viscosity of
the system [91]. Einstein’s relation has been applied to examine the dependence of ¢ (¢) on
the viscosity of suspended particles and of polymer networks [91,95]. This relation allows
the volume fraction of fibrous networks to be correlated to the specific viscosity ngp by

Nep ~ F¢p an
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FIGURE 5.26. Dependence of In{—In[1 — X¢r(#)]} on In(#) for GP-1 fibrous networks occurring in an ISA so-
lution. The fractal dimension is given by the slope (Dy = 2.42). The system is the same as in Figure 5.23;
T = 40°C, C = 6.7 wt% [73]. Reproduced with permission from Chem Phys Chem 3, 374-377 (2002). Copy-
right 2002 John Willey & Sons, Inc.

with

*
— 10

Nep =~ , (78)
no

where n* and ng are the complex viscosity of the system and the viscosity of the solvent,
respectively; F denotes a factor depending on the shape of the particles [91]. The crys-
tallinity can be given by

o) _ n*®)—m _ G®)-G}

Xer(t) = = = )
0= i) = 7(00) —m0  G*(o0) — G

(79

where 75p(00) and n*(00) denote ngp and n* at r — 00, respectively; n*(t) = G*(t)/w,
(w: angular frequency), n*(c0) = G*(max)/w and n§ ~ Gj/w. Figure 5.23a shows the
change of G* as a function of time during the formation of GP-1 fibrous networks from an
ISA solution (6.7 wt%). X¢r(¢) can be obtained from this graph by using eq. (79).

In Figure 5.26, In{—In[1 — X (#)]} is plotted versus In(¢). The curve at the beginning of
network formation shows a certain scattering behavior and a slight deviation from a straight
line. This is attributed to the 3D nucleation of fibers at the initial stage (cf. Figure 5.23b).
As the networks grow, the power-law domain dominates the entire observable regime. This
indicates that the essential geometrical properties are independent of the size increase of
the gyration of fibrous networks during growth, and demonstrates the self-similarity of the
fiber fractal patterns [91-93]. According to eq. (76), the slope is then legitimately inter-
preted as the fractal dimension Dy. A fractal dimension of 2.42 was observed for the above
system, which is close to the value of which Dy ~ 2.5 for diffusion-limited aggregation
(DLA) [91-93]. Nevertheless this does not imply that the formation of GP-1 networks is
controlled by the DLA mechanism. Our experiments show that D¢ varies with the experi-
mental temperature 7 within the range of 20-40°C as shown in Table 5.3.
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TABLE 5.3.
Dependence of the fractal dimension of GP-I fibrous networks on temperature.
Temperature (°C) 20 30 40
Dy 2.10 240 242
G'(max) (Nm~2) 8.97 x 10° 3.62 x 10° 2.63 x 10°
G"(max) (Nm~2) 6.53 x 10* 2.79 x 10* 2.65 x 104

In Table 5.3 Dg varies from 2.42 to 2.10 as T decreases from 40 to 20°C. Since a denser
structure adopts a higher Hausdorff dimension, this result implies that the fibrous networks
will adopt a more open structure at lower temperatures [73].

We notice that some rheological approaches have also been applied to examine the
fractal structure of networks of polymers and suspended particles [96-99]. For instance,
Winter and his colleagues [98,99] utilized the correlation between the frequency and vis-
cosity n* ~ (w)~2/P1+2) to measure the fractal dimension of cross-linking polymers. How-
ever, these approaches are not likely to be applicable to the point where the gel occurs. As
pointed out, the above relationship no longer holds at the gel point, because the molecular
weight of a growing polymer cluster diverges at that point. It is worth noting that, unlike
most other methods which are only suitable for the measurement of the fractal dimension,
the approach described here allows one to measure fractal growth in-situ, which turns out
to be very important in studying the kinetics of fractal network formation.

5.4.3.  Evolution of a 3D crystal network

As shown in Section 5.4.2, the crystallographic mismatch branching leads to the for-
mation of self-organized interconnecting networks. The two key elements associated with
the crystallographic mismatch branching are the critical surface supersaturation o and
the average branching period (£). The critical surface supersaturation is the supersatura-
tion threshold at which crystallographic mismatch branching sets in. Evidently, it is cru-
cial to find out how the transition from normal crystallization to the formation of self-
organized interconnecting networks occurs, and how the crystal networks evolve. These
are the key questions to be addressed in this section, and they are illustrated qualitatively
in Figure 5.27a.

Two typical cases are characterized by low surface supersaturation. Firstly, when bulk
supersaturation is low, since normal surface supersaturation is lower than bulk supersatura-
tion, so is surface supersaturation. Secondly, when the surface kinetics of crystal growth is
much faster than volume transport, surface supersaturation can also be very low even when
a high bulk supersaturation is applied (cf. Section 5.4.1). Low surface supersaturation re-
sults in a long branching period (£). Let L be the average size of the individual crystals
in the branching orientation. At o < oy, (regime A in Figure 5.27a), (§) > L. Because the
branching period is larger than the average crystal size, crystallographic mismatch branch-
ing will never take place. One will then have normal crystal growth. Figure 5.27b shows
some sal-ammoniac crystals obtained under normal crystallization conditions.

As bulk supersaturation increases and the surface kinetics becomes a relatively slow
process, surface supersaturation rises accordingly. This causes a decrease in (£} according
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to eqs (72) and (73). Crystal network formation sets in once the elemental branching pe-
riod becomes comparable to the average crystal size at o > o,. Figure 5.27c shows a case
where dendritic growth and crystallographic mismatch of sal-ammoniac crystals occur si-
multaneously.

Note that at o slightly higher than o+, a relatively strict structural match between the
parent crystal and the branching crystals (or a relatively low f(m)) will be present in or-
der to facilitate the crystallographic mismatch nucleation and growth, considering in this
case AGy,, is not sufficiently low (cf. Figure 5.16). In this case, a regular branching can
be obtained. A further increase in the surface supersaturation reduces the average branch-
ing period (&) (cf. eqs (72) and (73)) and AG? ;.. The requirement of a structural match
between parent and daughter crystals becomes less strict due to a sharp drop in AG}
(cf. Figure 5.16). It follows that random and highly branched crystal networks will be ob-
tained.

The crystal networks will become more open as supersaturation increases (cf. Ta-

ble 5.3). This will then lead to a decrease in the fractal dimension. (See Section 5.4.4.2.)

5.44. Micro/nano structural architecture of a self-organized three-dimensional nanofiber
network of supramolecular functional materials

Well studied supramolecular functional materials having 3D fibrous network structures
are produced for instance, by dilute solutions of polymers, proteins, and inorganic sub-
stances like silica or clays in water and organic solvents. In recent years there has been a
rapidly growing interest in such materials, which is motivated by the many potential ap-
plications in the photographic, cosmetics, food and petroleum industries, in drug delivery,
lithography, catalyst supporters, scaffolds for tissue engineering, novel separation methods
for macromolecules, etc. [15-20].

For example, Figure 5.28 illustrates how supramolecular functional materials with 3D
fibrous network structures can be utilized as a medium for drug delivery and controlled
release. The specific cellular structure of interconnecting fiber networks will allow the de-
livery of certain drugs. The mesh size of 3D fiber networks will determine the rate of drug
release.

Another example is the use of organogelators as templates for the preparation of
nano-structured materials. First, Moller, Weiss, and later Nolte [100-102] prepared mem-
branes with man-sized pores by the gel-template leaching process. This process takes
advantage of the distinct feature of organogelators to reversibly form elongated fibers
with well defined dimensions and geometry. In the gel-template leaching process, gels
of various gelling agents are prepared in polymerizable solvents like methacrylates or
styrene in the presence of a cross-linking agent. After polymerization of the matrix,
the organic gelling agent is removed again by extracting it using the appropriate sol-
vent.

Consequently, the organogel fiber network is “imprinted” in the cross-linked polymer
matrix, resulting in porous membranes with channels of a submicrometer scale and in some
cases even nanometer dimensions (cf. Figure 5.29).

Apart from this, highly porous and self-supporting monolithic foams, which are found
to have many important applications including novel bio-separation [106], can be obtained
from the above materials after applying the CO, supercritical extraction.
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FIGURE 5.27. (a) Dependence of the average length of the crystals and the period of crystallographic mismatch
branching on surface supersaturation, and the implications for pattern morphological/topological transformation.
L: average size of crystals when no aggregation takes place. A regime [(0) < (o), {§) > L]: normal crystal
growth or dendritic growth regime; B [(¢) 2 (0)tr, {§) < L] regime: branching regime. (0)g and (€} (~L) are
the widow parameters for branching. (b) Natural specimens of sal-ammoniac. (c) Natural dendritic like growth
of sal-ammoniac. This pattern is also the case of the initial stage of the crystallographic mismatch branching.
Many sub branches and the main branch belong to different crystals rather than the same crystal. [(b) and (c) were
provided by Dr. T.N. Kerestedjian of the Geological Institute, Bulgarian Academy of Sciences.]
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FIGURE 5.27. (Continued).
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FIGURE 5.28. Supramolecular materials with interconnecting 3D fiber networks are applied to achieve drug
delivery and controlled release. The specific cellular structure will allow the delivery of certain drugs. The mesh
size of 3D fiber networks will determine the rate of drug release.

These materials have continuous three-dimensional interconnecting networks in the
liquid, thereby preventing the liquid from flowing due to the capillary force. Among these
materials, those formed from small molecules are a special class. In contrast to their macro-
molecular and inorganic counterparts, the network structure formed by gelators of a low
molecular weight is held together solely by non-covalent forces. The macroscopic prop-
erties, in particular the rheological properties of supramolecular functional materials, are
determined by the micro/nanostructure characteristics of the fiber networks. Fibrous net-
works with permanent interconnections will effectively entrap and immobilize liquid in
the meshes, and possess both the elastic properties of ideal solids and the viscosity prop-
erties of Newtonian liquids, leading to the formation of self-supporting supramolecular
materials [17-19,73-76]. In contrast, systems consisting of non-permanent or transient in-
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FIGURE 5.29. Schematic illustration for the gel-template leaching process to create nanostructured materials by
nanofiber network imprinting.

terconnecting (or entangled) fibers or needles can only form a weak and viscous paste at
low concentrations [16].

Due to the current lack of sufficient understanding of these materials, significant efforts
have been devoted to identifying novel systems having a three-dimensional (3D) intercon-
necting self-organized network structure, in order to obtain such functional materials with
the desired properties [ 17-19]. This includes the screening of a large number of compounds
and solvent molecules, as well as suitable solvents capable of forming these structures [ 17—
19,73-76]. In some cases, screening may become impossible due the limited choice of suit-
able materials. On the other hand, if interconnecting 3D micro/nano fiber networks with the
required organization can be constructed, new functional materials can be produced hav-
ing the required functionalities. Obviously, this is a completely new route in producing
new functional materials. In this section, we will discuss a completely new approach to the
production of new macromolecular functional materials.
5.4.4.1. Branching creation and micro/nano network architecture The strategy of this
approach is to construct 3D permanent interconnecting nanocrystal fibrous networks from
a system originally consisting of separate crystal needles via the promotion of crystallo-
graphic mismatch branching (CMB) (cf. Figure 5.30a), and consequently to engineer the
materials with the required micro/nano structure (Figure 5.30b).

The system under study was obtained by precipitating L-DHL (lanosta-8,24-dien-
38-0l:24,25-dihydrolanosterol = 56:44) out from its DIOP (di-(2-ethyl-hexyl phthalate
(CgH17C0Q0); CsHy4)) solution at room temperature. The L-DHL powders used in our ex-
periments are in a crystalline state (cf. the X-ray diffraction results in Figure 5.31). During
the process of natural cooling of the aforementioned system (the concentration of L-DHL:
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FIGURE 5.30. Illustration of the micro/nano structure engineering of functional materials. (a) Network architec-
ture (route (2)) with respect to normal fiber formation. (b) Modification of micro/nanostructure of 3D intercon-
necting fiber network. Reproduced with permission from J. Am. Chem. Soc. 124, 15055-15063 (2002). Copyright
2002 Am. Chem. Soc.

10 wt%) from 120°C to room temperature (~20°C), an opaque and viscous paste was ob-
tained (see the right corner of Figure 5.32a). This shows that the system consists of only
separated L-DHL needles (short and thick fibers), which are in temporary contact with each
other (see Figure 5.32a). The aforementioned process of natural cooling is referred to as
the “normal processing”, illustrated by Figure 5.30a.

As illustrated by the route (2) in Figure 5.30a, networks with permanent interlinking
can be created from such a system by introducing an additive, the so-called “branching
creator”. EVACP (ethylene/vinyl acetate copolymer, (C4HgO02)(C2H4)y, approx. MW ~
100,000; from SP? Scientific Polymer Products Inc) was introduced to an identical L-
DHL/DIOP solution as described above at 120°C. The molecular structure of EVACP is
as follows:

—(CH2—CH3),—(CH-CH(—-O-C(=0)-CH3)),—
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FIGURE 5.31. X-ray diffraction analysis of L-DHL crystalline powders and fibers. They all reveal identical crys-
talline structures [75]. Reproduced with permission from J. Am. Chem. Soc. 124, 15055-15063 (2002). Copyright
2002 Am. Chem. Soc.

The addition of a tiny amount of EVACP (0.004 wt%) is sufficient to create completely
different micro/nano networks of interconnecting self-organized L-DHL nanocrystal fibers
(Figure 5.32b) at the experimental temperature. This addition completely changes the rhe-
ological properties of the materials, and leads to the formation of a self-supporting soft
solid-like supramolecular material (see the upper corner of Figure 5.32b).

Figure 5.33a shows the change of G* as a function of time ¢ for the L-DHL/DIOP
system. G* increases abruptly at £ 2y (t,: gelation time, cf. Figure 5.33a), indicating the
formation of L-DHL crystalline fibers. G* approaches gradually its maximum value G},,,
as the formation of the fiber networks approaches completion at t — oo. In comparison
with the controlled sample, G}, is almost doubled when a tiny amount of EVACP is
added. (Similar changes were also obtained for G’ and G”, respectively.)

Figure 5.33b shows the change of the storage modulus G’ of the above system as a
function of various oscillating strain amplitudes y with angularfrequency @ = 0.27 rad/s.
The strain corresponds to the deformation of the networks caused by the applied shear
stress. G’ remains constant (linear) at small strains and decreases abruptly when y exceeds
a certain value yp. The onset of the non linearity (decrease in G”) at yy corresponds to the
breakage of the junctions in the networks [106]. The result given in Figure 5.33b indicates
that the addition of EVACP leads to a significant enhancement of the limit of linearity yo
(~100 times cf. Figure 5.33b).

Figures 5.33a and 5.33b show that a new macromolecular material with significantly
modified macroscopic properties is formed after the addition of EVACP. To the best of our
knowledge, such a novel approach of creating new supramolecular materials by an additive
has never been reported previously.
5.4.4.2. Mechanism of 3D interlinking network formation ~An adequate understanding fn
the cross-linking of fiber networks is required to explore the network promotion mecha-
nism of EVACP. The key issue to be addressed here is whether or not the formation of
3D interconnecting networks of small molecular organic gelling agents, such as L-DHL, is
controlled by the self-assembly of fibers as suggested by most workers in this field [ 18,19].
It is extremely unlikely that the occurrence of a trace amount of EVACP would cause the
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(b)

FIGURE 5.32. (a) Separate fibers occurring in the 10 wt% L-DHL/DIOP system. This system gives rise to an
opaque gel as shown in the picture on the right upper corner. The length of the bar: | pm. (b) Interconnected fiber
networks in 10 wt% L-DHL/DIOP system after adding 0.004 wt% EVACP. The length of the bar: | gm. This sys-
tem gives rise to a clear and tough gel as shown in the picture on the right upper corner. The materials under study
were obtained from L-DHL (lanosta-8,24-dien-38-01:24,25-dihydrolanosterol = 56:44, from Sigma) in DIOP
(di-(2-ethyl-hexyl) phthalate (CgH[7COO),CqHgy4 liquid) (99%, Cognis) at ~120°C, forming an L-DHL/DIOP
solution, and lowering the sample temperature to around room temperature, the so-called experimental tempera-
ture [73-75]. In order to examine the nano/micro structure of fibrous networks in supramolecular materials, Scan-
ning Electronic Microscopy (SEM), coupled with a CO;, super critical fluid extraction technique (Thar Design),
was applied. The purpose of implementing the latter is to remove the liquid captured in the networks, without
disturbing the essential structure of networks [73-75]. Scale bar: | um. Reproduced with permission from J. Am.
Chem. Soc. 124, 15055-15063 (2002). Copyright 2002 Am. Chem. Soc.
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FIGURE 5.33. The changes of the rheological properties of the 10 wt% L-DHL/DIOP system in the absence
and in the presence of EVACP as functions of time or strain. The rheological properties of the above system
were measured by an Advanced Rheological Expansion System [75]. (a) Dependence of the complex modulus
G* on time. The maximal G* is almost doubled after adding EVACP. (b) Dependence of the storage modulus
G* on strain. The linearity limit ¥y is enhanced almost 100 times after adding EVACP. (¢) Ry (~ dG*/dr) vs.
supersaturation o for the system without and with EVACP. Reproduced with permission from J. Am. Chem. Soc.
124, 15055-15063 (2002). Copyright 2002 Am. Chem. Soc.
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FIGURE 5.34. Intg ~ 1/(Au/kT)2 plots for the system without and with EVACP (0.03 wt%). Both conditions
give rise to a linear relation, indicating the occurrence of a nucleation-control mechanism in fiber formation [46,
47]. The slope of the straight lines represents the specific f [46,47]. After introducing EVACP, f is raised by
a factor of more than 183, confirming the significant mismatch between the nucleating fibers and the substrate
caused by the additive. Reproduced with permission from J. Am. Chem. Soc. 124, 15055-15063 (2002). Copyright
2002 Am. Chem. Soc.

lash-shape of L-DHL crystal needles shown in Figure 5.32a to become assembled into the
self-organized, and regularly branched nanofiber networks shown in Figure 5.32b.

As indicated in Figure 5.31, the X-ray diffraction (XRD) analyses show that L-DHL
powders, needles and 3D interconnecting fibers have identical crystalline structures. This
implies that the formation of L-DHL needles and 3D interconnecting fibers is essentially
controlled by a new type of kinetics associated with the nucleation-growth process. As far
as the primary fiber formation is concerned, it should be controlled, like most crystalline
materials, by a nucleation process, as can be verified by the linear relationship between In #g
and 1/(Ap/kT)? [46-48,51].

According to the 3D nucleation model, we should then have a linear relationship be-
tween In(fg) and 1/(Aw/ kT)? (cf. eq. (62) for the nucleation associated with a given
f (including crystallographic mismatch nucleation). In Figure 5.34, the linear fits between
In(zg) and 1/ (Au/kT)? obtained for both systems in the absence and in the presence of
EVACP indeed confirm the nucleation control in the early stage of fiber network formation.

Referring to Figure 5.30b, it can be seen that one of the key steps in building up the
self-organized interconnecting fiber networks is via a crystallographic mismatch branching
process at the growing tips of the nanofibers (cf. Figure 5.19a). The occurrence of mismatch
nucleation, leading to the occurrence of new fiber branches (cf. Figure 5.18a), depends on
the structural match between the substrate and the nucleating phase, on the concentration
of additives (impurities), and on the supersaturation (cf. Figures 5.18 and 5.19) [74,75].
For the growth of L-DHL needles, the deposition of new layers on the existing surface
of the growing tips requires a perfect structural match, which occurs at very low surface
supersaturations [74,75] (Figure 5.19a).

The occurrence of CMB after introducing EVACP is actually attributed to an impurity-
induced structural mismatch nucleation (cf. Figures 5.18a and 5.19a). Since EVACP is an
agent that will selectively adsorb on certain surfaces of organic crystals [105], the adsorbed
molecules will disrupt the structural match between the new layers and the tip surface of
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the parent fibers. Such an adsorption as well as the hindering of the normal growth of the
fibers can be examined from the slope of G* ~ ¢ (=dG’/dt) at t — ty (t > tg).

The slope of G* ~t (=dG'/dt) at t — tg (t > tg) (cf. Figure 5.33a) represents the
growth rate of the L-DHL fibers. According to Einstein’s relation [21], the specific vis-
cosity 7y can be related to the volume fraction of the L-DHL needles as 17¢p = F¢ with
nsp = 1*/n0 — 1, (F: shape factor of the particle; no: viscosity of the solvent; the complex
viscosity is n* =| G*|/@w) [21]. The growth of L-DHL fibers can be regarded as a length-
ening of the fibers in their axial directions since the cross sectional area remains almost
constant. It follows that

* *
dng _1d'_ 1461
dt no dt now dt
dngp _F dy _F d ( Nevveb\ . FNuvbdvin  FNang dL
dt "~ no dr _nodt( % )N oV o dt T gV dr’

where V is the total volume of the crystalline material at # — 00, Ngp is the number of
fibers, vip is the average volume of the fibers and L denotes the length of the fibers. Com-
bining the above two equations yields dG*/dr x dL/dt = Ry (Ry: the growth rate of fiber
tips). This means that the slope of the straight lines in Figure 5.33a reflects the growth rate
of the fibers.

Figure 5.33c shows the growth rate Ry of the L-DHL fiber tips as a function of su-
persaturation ¢ (10 wt% L-DHL in DIOP solutions without additive and with 0.05 wt%
EVACP). The results can be summarized as follows:

(1) The growth rate of the L-DHL fibers increases drastically with the supersaturation
at the beginning, then gradually levels off as supersaturation increases further.

(2) The introduction of EVACP causes a reduction in the growth rate of L-DHL fibers
(only %2 in comparison with that in the solution without EVACP). Since EVACP is
added by only a tiny amount, the mutual diffusivity may not change much. There-
fore, the reduction in the growth rate is due to the adsorption of the fibers on the
growth tips, slowing down the surface kinetics of the tip growth [51,61-64].

The structure mismatch caused by the adsorption of EVACP can be verified by the
enhancement of f in heterogeneous nucleation experiments. The structural match between
the newly created crystal layers and the tip surface can also be described by f (and f7).
As already mentioned, the slope of In(fg) versus 1/(Au/ kT)2 plot corresponds to the
specific f [46,47], In the case of a perfect structural match (such as crystal growth), one
has f, f' =0, while for a complete structural mismatch, one has f, f' =1 [46,47]. If the
adsorption of EVACP on any substrate (including the tips of the growing fibers) is capable
of disrupting the structural match, one should observe a significant enhancement of f in
the nucleation experiments [46,47]. Figure 5.34 shows that f indeed is raised by a factor
of more than 183 after introducing EVACP.

Both the nucleation and the growth kinetics of the L-DHL fibers in DIOP confirm
that the significant structural mismatch leading to CMB is caused by the adsorption of
EVACP on the growth tips of the L-DHL fibers. This slows down the surface integration
during the growth of the fibers, and causes interfacial structural mismatch nucleation and
growth. Consequently, the (wide angle) crystallographic mismatch branching is promoted
(Figure 5.35).
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FIGURE 5.35. The adsorption of EVACP causes mismatch nucleation at the tip of the growing fiber, leading to
crystallographic mismatch branching. The formation of interconnecting fiber networks via the process of primary
nucleation—growth-branching—growth-branching—...

The average length (§) of the branches, which is proportional to the average
mesh size in the fiber networks, was examined by SEM. The linear relation between
ln[(E)(A,u/kT)“'] and 1/(A;L/kT)2 obtained for the aforementioned L-DHL/DIOP sys-
tem with 0.03% EVACP (see Figure 5.25) confirms the above branching mechanism de-
scribed by eq. (73).

The promotion of branching brought about by the addition of EVACP can be quanti-
tatively understood as follows. According to eq. (73), a perfect structural match between
the parent fibers and the newly created crystal layers (m ~ 1, f ~ 0) will give rise to an
infinite (&), meaning that fiber growth will occur without any branching at all. To obtain
a finite branching distance, a high degree of structural mismatch (a large non-zero f) is
required. As shown by Figure 5.34, the addition of EVACP results in a drastic increase in
f by almost a factor 183. This is the reason why CMB is promoted upon the addition of
EVACP.

The addition of EVACP leads to much thinner L-DHL fibers (cf. Figures 5.32a
and 5.32b). The thinning of the L-DHL fibers means that the ratio of the growth rate of
the fibers to the growth rate of the tips increases when EVACP is added. This implies that
EVACP will not only adsorb on the tips but also on the prism faces of the L-DHL fibers
[51,74,75]. Note that CMB can also occur on the prism faces of the L-DHL fibers. Nev-
ertheless, if the tip branch condition can be fulfilled, CMB will occur primarily at the tips
of the fibers, since the tips point in the direction of rapid growth, leading to growth out of
highly supersaturated bulk solutions [51,74,75].
5.4.4.3. Engineering of supramolecular functional materials ~As illustrated by Fig-
ures 5.30a and 5.30b, one aspect of the engineering of supramolecular functional materials
is the architecture of self-organized 3D interconnecting nanofiber structures (Figure 5.30a);
another aspect is to tune the micro/nano structure in a predictable way (Figure 5.30b). It has
been shown in the previous sections that the variations in the micro/nano structure of func-
tional materials will exert a direct impact on the rheological or other physical properties.
This implies that it is possible to control the mesh size and the corresponding fiber network
structure so as to obtain functional materials with certain desired micro/nano structure and
rheological properties. In other words, the materials with the required properties can be
obtained by altering the experimental conditions.

Figure 5.25b shows the dependence of (§) on the supersaturation, meaning that the
micro/nano structure can be modified by changing the supersaturation according to eq. (73).
A decrease in the mesh size of the 3D interconnecting networks of the materials will lead
to an increase in G* G’, etc. [15]. Therefore, changing the supersaturation should enable
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FIGURE 5.36. Dependence of G* onsupersaturation o for the 10 wt% L-DHL in DIOP with 0.01% EVACP.
Reproduced with permission from J. Am. Chem. Soc. 124, 15055-15063 (2002). Copyright 2002 Am. Chem. Soc.

us to alter the rheological or other physical properties of these materials. Figure 5.36 shows
the dependence of G* on supersaturation for the system of 10 wt% L-DHL in DIOP with
0.01% EVACP. As expected, G* increases with supersaturation (see Figure 5.36).

Under the given conditions, an increase of the concentration of the branching promoter
(additive) will also cause a reduction of the mesh size of 3D interconnecting networks.
Figures 5.37a and 5.37b show the 3D fiber network structures of L-DHL in 10 wt% L-
DHL/DIOP gels with 0.01 wt% and 0.1 wt% EVACP, respectively. Raising the EVACP
concentration Cgvacp causes a reduction of the mesh size of the networks. This in turn
causes G*, G’, etc. (cf. Figure 5.35c) to increase.

Since the network can be created and controlled based on the above approaches, it
should be possible to engineer directly the microstructure and macroscopic properties of
the above materials in a controlled manner.

Note that to engineer supramolecular functional materials by additives, identifying an
effective branching creator is one of the key steps [75]. The criteria for selecting and de-
signing such molecules should take energetic and entropic factors into account. In order to
promote the branching of the fibers, the branching promoters (or additives) should be ad-
sorbed effectively on the growing tips in order to disrupt and hinder the normal growth of
the fibers in the axial orientations. One of the key questions to be addressed is how to design
or select branching promoters. In the following discussion, we will provide such guidelines
from the molecular structural point of view, based on the results obtained from consistent-
field theory calculations [60,63,65,66]. The branching promoter molecules should possess
the following characteristics:

(1) Large molecules with relatively rigid basic structures. For molecules of similar
types, larger molecules with somewhat rigid structures are easily adsorbed at inter-
faces [65]. This criterion is based on considerations of both energy and entropy.

Energy consideration. Given that there is a strong interaction between each
monomer and the crystal surface, polymers or macromolecules composed of simi-
lar structural units have on the whole more interacting points with the crystal sur-
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(b)

FIGURE 5.37. Effects of EVACP concentration on the micro/nano fiber structure and rheological properties of
L-DHL. The increase of EVACP concentration Cgyacp gives rise to the reduction of the mesh size of the L-DHL
network (cf. (a) and (b)) and the rise of G* (a) Fiber network of L-DHL obtained from 10 wt% L-DHL in DIOP
with 0.01 wt% EVACP. Scale bar: | gm. (b) Fiber network of L-DHL obtained from 10 wt% L-DHL in DIOP with
0.1 wt% EVACP. Scale bar: 1 pm. (c) Dependence of G* on Cgyacp (10 wt% L-DHL in DIOP). Reproduced
with permission from J. Am. Chem. Soc. 124, 15055-15063 (2002). Copyright 2002 Am. Chem. Soc.
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face than single monomers. Therefore, the desorption of polymers is much more
difficult.

Entropy consideration. Our calculations [60,63,65,66] show that long and rel-
atively rigid polymers have a much higher surface activity due to the entropy ef-
fect. Two contradictory entropic effects play a role in the adsorption of polymers
or macromolecules. The first effect is the so-called free particle entropic effect.
Normally, there is a solvation layer around larger molecules or polymers and the
crystal surface (see Figure 5.38a), where solvent molecules are partially localized
or bonded to the surface. If these additive molecules adsorb onto the crystal sur-
face, these semi bonded solvent molecules will be liberated from the surfaces of the
additive molecules and from the crystal surface (cf. Figure 5.38b), resulting in in-
creased entropy. According to the definition of entropy [49], the increase of the free
particle entropy (per molecule) is proportional to kIn(2Ngy) (k: Boltzmann const;
Ngurr: the number of monomers or atoms on the surface of the macromolecule).
Therefore, larger or longer molecules, such as polymers or macromolecules cause
a large entropy increase when they become adsorbed onto the surface. This is why
most effective tailor-made additives are either long polymers or macromolecules.

On the other hand, polymers or macromolecules have a very high conforma-
tional entropy, depending on the number of atoms or monomers included in the
polymer or the macromolecule, and on the degree of freedom of the internal mo-
tion. This effect is known as the conformational entropic effect [49]. Molecules
with the maximal degree of freedom of the internal motion (such as polymers
with completely flexible chains), have a conformational entropy proportional to
kIn(3N), whereas molecules with no freedom in the internal motion (such as poly-
mers with completely rigid chains) have a conformational entropy of kIn6 (kIn5
for linear molecules) [49]. When additive molecules are adsorbed onto the crys-
tal surface, the internal motion of the molecules becomes frozen to a large extent.
This implies that when polymers or macromolecules are adsorbed onto the crys-
tal surface, they lose an amount of conformational entropy from k In 5 (completely
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FIGURE 5.38. Illustration of the adsorption of additive molecules onto the crystal surface. (a) Solvent molecules
are partially bonded to the surfaces of the additive molecule and of the crystal. (b) The adsorption of the additive
molecule to the surface of the crystal will release semi-bonded solvent molecules, leading to an increase in the
entropy. Reproduced with permission from J. Am. Chem. Soc. 124, 15055-15063 (2002). Copyright 2002 Am.
Chem. Soc.

rigid molecules) up to kIn(3N) (completely flexible molecules), depending on the
rigidity of the molecules. Therefore, conformational entropy is opposed to the free
particle entropy.

Combining these two contrasting effects together, one has for linear or flat
molecules (Ngyf = N) an increase in the entropy (per molecule) due to adsorption
equalling ~kIn(2/3) for completely flexible molecules, and kIn(2N/5) for com-
pletely rigid linear molecules. In other words, the adsorption of completely flexible
molecules on the crystal surface leads to a loss of entropy due to the restriction of
the internal molecular motion. This will consequently give rise to the depletion of
the molecules on the surface.

On the other hand, the adsorption of completely rigid molecules will gain en-
tropy since the loss of chain conformational entropy is very limited in this process.
This will consequently result in a strong adsorption of the molecules. This trend is
further enhanced as the number of monomers or atoms in the additive molecule in-
creases. Normally, a semi-rigid chain will behave between the above two extremes.
These results have been confirmed by our SCF calculations [60,63,65,60].
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FIGURE 5.39. Rigidity of molecules due to (a) intra molecule hydrogen bond, (b) double covalent bond, (c) rigid
ring structure, (d) neighboring bulky branch (hindered rotation), and (e) electrostatic repulsion (hindered rotation).
Reproduced with permission from J. Am. Chem. Soc. 124, 15055-15063 (2002). Copyright 2002 Am. Chem. Soc.
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Note that the length of the polymers cannot be extended without limitation.
Molecules with too long chains tend to fold and lose much chain conformational
entropy in the adsorption. Normally, the relative rigidity of a molecule decreases
with its size. For a given type of relatively rigid molecules, the increase of the
entropy due to adsorption will reach its maximum at a certain N.

The rigidity of the additive molecules can be the result of a variety of reasons.
In the following, we will summarize some typical examples of rigid molecules.

(1) Intra molecular bonding. Molecules will become relatively rigid if some in-
tra molecular bonds, such as hydrogen bonds (Figure 5.39a), double or triple
covalent bonds (Figure 5.39b) and rigid rings (Figure 5.39a), etc. occur in the
backbone of additive molecules.

(ii) Hindered rotation. The folding of chain-like molecules is in many cases at-
tributed to the rotation around single carbon-carbon bonds. Bulky functional
groups attached to the neighboring units in polymers or macromolecules will
cause them to avoid each other due to the steric repulsion (Figure 5.39d). In
the case of a polyelectrolyte, groups with like charges attached to the back-
bone of additive molecules will avoid each other due to electrostatic repulsion
(Figure 5.39¢). These factors hinder chain rotation, leading to stiffer or more
rigid chains.

Note that the additives (branching promoters) need not be linear polymers. Any
type or shape of large molecule or macromolecule is suitable as long as the above
criteria are satisfied.

A stronger interaction between the additives and the crystal surface will lead to a

stronger adsorption at the surface [60,63,65,66], Since a crystal surface is highly

ordered and stiff, in order to maximize the interaction by matching the structure
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of the crystal surface, it is desirable to have short and relatively flexible functional
groups attached to the backbone of additive molecules, so that they can adjust their
positions and thus optimize the interaction with the solid molecules at the crystal
surface. Normally, some functional groups or branches attached to the backbones
of additives are designed to have a structure similar to building units of the crystal
or to interact strongly with the solid structure units at the crystal surface. In this
way the interaction between the additives and the crystal surface can be enhanced.

(3) The adsorbed additives should interrupt the growth of the crystal layers along the
crystal surface [60,63,65,66]. The repulsion with the growth units can originate
from steric, electrostatic, polar/non-polar, or hydrophilic/hydrophobic forces, and
can be achieved by attaching some functional groups to the backbone of the addi-
tives.

(4) Also the concentration of the additives plays a certain role. For a given system, the
excess in the concentration may not enhance the adsorption, it sometimes can even
cause a decrease in the adsorption [60,63,65,66]. This is attributed to the adsorption
synergism by mixing additives with other structural units. Note that all of the above
mentioned factors are correlated to each other. Therefore, specific cases should be
considered from a number of different viewpoints.

The molecular structure of EVACP is as follows:
—(CH;-CH3)x—~(CH,-CH(-0O-C(=0)-CH3)),~

Obviously, this structure satisfies all of the structural requirements for branching promot-
ers: (C4HgO2), in the molecules fulfill requirements (1) and (2) (cf. Figure 5.39d), while
(C2Ha)y satisfies requirement (3). For this reason EVACP serves as an effective branching
promoter.

The molecular structure of polyvinyl chloride (PVC, MW: 100,000, from BDH, UK)
is as follows:

—(CH,-CHCl),—

Although PVC is a polymer with the polyethylene backbone (similar to EVACP), the mole-
cules do not satisfy the rigidity and remaining criteria. Therefore, PVC is not effective in
promoting the branching in L-DHL, and therefore it cannot serve as a branching promoter.
This is verified by our experiments.

5.5. SUMMARY AND CONCLUSIONS

In this chapter, new kinetic models of micro/nano structure formation are presented
within the framework of heterogeneous nucleation and the structure of the solid—fluid in-
terface. The first part of this chapter deals with a generic mechanism, i.e. the mechanism
of heterogeneous nucleation, based on thermodynamics and the relevant kinetic theories.
Both the classic and the non-classical interfacial effects and the particle size effect are
treated quantitatively in terms of the so-called interface correlation factor f(m, R’) and the
relevant kink integration Kinetics. The interface correlation factor f(m, R’) is a function of
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the relative radius of curvature of the substrate R’, and the interfacial match parameter m.
Within a range of increasing values of the supersaturation, heterogeneous nucleation turns
out to be a sequence of progressive processes, rather than just a single process, revealing
a wide spectrum of heterogeneous characteristics described by f(m, R') and f”(m, R’).
At low supersaturations, nucleation is governed by a process dominated by an optimal
structural match and a strong interaction between the substrate and the nucleating phase
(m — 1, f(m, R’) = 0); as the supersaturation increases, nucleation is controlled by a
process dominated by a poor structural match (m — —1, f(m, R’) = 0). Homogeneous
nucleation is the upper limit of this spectrum. Due to the anisotropy of the crystalline
phases, f(m, R") assumes only discrete values that do not follow the continuous variation
of the supersaturation.

When the radius of curvatrure of the subtrate is comparable with that of the critical
nuclei, the nucleation kinetics will be affected directly by the curvatrure of the subtrate as
the supetrsaturation changes. This curavture effect of the subtarte will vanish if the radius
of curvature of the substrate is too large compared with that of the critical nuclei. On the
other hand, the effect of the substrate will completely vanish if the radius of curvature of
the substrate is much smaller than that of the critical nuclei.

The influence of impurities on nucleation can be summarized as follows: (i) the ad-
sorption of impurity molecules at the interfaces of solid-liquid, solid-air, liquid-liquid,
or liquid—air will modify the interfacial structural interaction/match between the crystalli-
sation phase and the subtrate, and therefore it will change f(m, R") and the nuclceation
barrier (such as the epitaxial or counter-epitaxial effects); (ii) the adsorption of impurity
molecules on the surfaces of the nuclei will reduce the solid-liquid interfacial energy, and
therefore it will lower the nucleation barrier and enhance the nucleation rate (cf. eqs (34)
and (52)); (iii) the adsorption of impurity molecules on the surface of the nuclei will block
the kink integration of the growth units. The latter will directly enhance the kinetic energy
barrier of the the kink (cf. eq. (66) and Figure 5.11), and consequently it will supress the
nucleation rate. Conversely, if some specific additives (impurities) or particular substrates
should induce a favored pre-ordering of the fluid molecules and facilitate the kink kinet-
ics at the interface, nucleation will be promoted. Normally, the above controdictory effects
(i.e. effects (ii) and (iii)) will co-exist. Nevertheless, in the case of nanophase nucleation,
effect (iii) (a non-classical effect) may take place without coupling with effect (ii) (the clas-
sic effect), and therefore this occurrence could be very relevant for nanophase engineering.

The supersaturation driven interfacial structural mismatch is a new effect identified
on the basis of the above model. With increasing supersaturation, the nucleation kinetics
will induce random orientations of the growth fronts, unrelated to the orientation of the
optimal structural match between the nucleating phase and the substrate. This implies that
the epitaxial relationship will break down at high supersaturations.

If the surface of a growing crystal serves as the substrate for the mismatch nucleation
and growth of new crystals of the same structure, an important phenomenon arising from
the supersaturation driven interfacial structural mismatch is the so-called crystallographic
mismatch nucleation and growth: new crystalline layers occurring on the surface of the
growing crystal can adopt a mismatch orientation with respect to the crystallographic ori-
entation of the parent crystal. In the case of needle-like crystals, this leads to the so-called
crystallographic mismatch branching. Then the branching controls the formation of a typ-
ical structure having a spherulitic pattern, and other typical crystalline patterns.
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The crystal networks created via crystallographic mismatch branching have the char-
acteristics of a Cayley tree structure (a type of fractal structure). The structure of crystal
networks can be then correlated to the rheological properties in terms of the fractal dimen-
sion.

Some supramolecular materials consisting of self-organized interconnecting fiber net-
works have a wide range of applications due to their novel in-use properties. As these
novel in-use properties, in particular rheological properties of supramolecular functional
materials, are to a large extent determined by the micro/nano structure of their micro/nano
networks, creating and manipulating the self-organized networks provides an important
method for producing new functional materials. Since the architecture of networks can be
achieved by the branching of fibrous crystals, the engineering of supramolecular functional
materials can then be realized by controlled branching.

We presented a completely new approach of creating a new supramolecular functional
material using L-DHL by promoting the controlled branching of L-DHL needle-like crys-
tals by means of a so-called “branching creator”, EVACP, to generate self-organized in-
terconnecting fibrous networks. The branching promotion is due to the adsorption of the
branching creator molecules at the growing tips of the L-DHL needle-like crystals. The ad-
sorption disturbs the normal growth of the needle crystals, leading to the (wide angle) crys-
tallographic mismatch branching. In this regard, the effective branching promoters should
strongly adsorb onto the tips and disrupt the regular growth of the growing fibers. As in-
dicated above, another effective way of manipulating the micro/nano structure can also be
achieved by changing the supersaturation (supersaturation driven mismatch nucleation).
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Two centuries of morphology of
crystals: integration of principles of
mathematical crystallography,
statistical mechanics of surface
models and chemistry

P. Bennema, H. Meekes*
NSRIM Department of Solid State Chemistry, University of Nijmegen, Toernooiveld 1,
6525 ED Nijmegen, The Netherlands

6.1. INTRODUCTION

This contribution is intended as an introduction in the subject morphology of crystals.
This subject is already more than two centuries old. It will be shown, however, that recently
quite a few modern developments took place, which are both from a purely scientific point
of view and also from the point of view of all kinds of technical application, very interesting
and important. Concerning practical applications we refer to industries growing single crys-
tals and the numerous industries producing large quantities of tiny crystals of micrometer
size and less. We can think of industries working in the fields of bulk chemicals, indus-
tries producing pigments, pharmaceutical industries etc. For all these industries knowledge
of the shapes (habits) of the produced crystals in dependence of the growth conditions
determined by the driving force for crystallization, solvent(s) or impurities is of crucial
importance. It will be shown, here, that the logical derivation of theories of morphology
of crystals is based on a logical integration of results of five theoretical and experimental
well-founded disciplines. These are:

e classical mathematical crystallography and morphology,
e crystal structures resulting from X-ray or synchrotron radiation,
e statistical mechanical theories of surface roughening transitions,

*Corresponding author. E-mail address: hugom @sci.kun.nl
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e models for various crystal growth mechanisms,
e models for the kinetics of the incorporation of growth units at the interface.

Classical crystallography and especially morphology of crystals are of essential im-
portance for studying crystal morphology. A thorough introduction to these subjects seems
to disappear from university curricula. Therefore, in Section 6.2 basic principles of clas-
sical crystallography leading to the concept of 3 dimensional translational invariant space,
reciprocal space, etc. will be introduced. Special attention will be focused on the concept
interplanar distance dp between adjacent lattice planes, since this concept plays a key
role in morphology studies. Starting from a quite different modern statistical mechanical
point of view of critical surface transitions, it will be shown in Section 6.3 that the con-
cept of thermal surface roughening plays a key role in investigations of crystal growth and
morphology. In Section 6.4 ways to recognize and calculate relevant energies of overall
bonds between growth units will be introduced leading to the concept of crystal graph and
connected net. In addition, results from computer simulations of crystal growth processes
concerning roughening will be discussed. Finally, in Section 6.5 an example of very recent
research of crystal growth computer simulations of the crystal growth process taking place
at crystal surfaces of a real crystal structure is presented.

Thus, in contrast to other survey papers on crystal morphology, special attention is
paid to the introduction of two quite different concepts, which play a key role in modern
morphological studies, namely the interplanar distance in Section 6.2 and the concept of
roughening transition in Section 6.3. These concepts will be introduced starting from first
principles. The allocated space for this contribution is not sufficient to treat all subjects,
which are essential to understand crystal morphology from first principles, in detail. There-
fore, quite some references to recent survey papers are included which, in turn, contain
many references to experimental and theoretical papers.

6.2. INTRODUCTION TO CLASSICAL CRYSTALLOGRAPHY. THE CONCEPT OF
INTERPLANAR DISTANCE djy

6.2.1. Classical crystallography; law of constancy of angles and of rational indices

In the following subsection we will give a very short schematized historical introduc-
tion to two centuries of crystallography and crystal morphology.

Already in the 17 century the law of constancy of angles was discovered by Steno
and in the 18 century by Romé de Lisle (see refs [1-3]). This law implies that although
shapes of crystals of a certain compound are unique, angles between corresponding faces
are within an accuracy of minutes the same. This law was discovered to hold for large
mineral crystals and angles were measured with a simple contact goniometer.

In the beginning of the 19 century Haiiy discovered the law of rational indices. This
historical event marked the beginning of the last two centuries of modern crystallography.
This law describes the orientatation of crystallographic faces in reference to a coordinate
system of the given crystal under investigation. It can be formulated as follows: three unit
axes A, B, C, parallel to three edges of the crystal are selected and a plane, occurring at
this crystal is selected as a unit plane. This plane is cutting pieces with a ratio lal : 15l : Icl
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from the axes A, B, C respectively. Now the law of rational indices implies: all similar
crystallographic faces of crystals of the same (mineral) crystal cut pieces

plal:qlb|:ric| (D

from the axes A, B, C, respectively, where p, g, r are integers. These integers are in prac-
tice chosen prime in reference to each other.

For mathematical reasons, which will be clarified in the following, reciprocal indices
h,k,l, where h = N/p, k = N/g, | = N/r are used. The integer N, is chosen in such a way
that &, k, [ are also relatively prime. In crystallography triples 4,k,! are used to characterize
the orientation of a crystallographic face and are written as (hkl). Using reciprocal indices
(hkl), called Miller indices, the orientation of a crystallographic face is now given by

lal/h:1b1/k e/, 2

analogously to eq. (1). Note that in case a face is parallel to for example the A axis the in-
dex p becomes p = 0o and the reciprocal index & = 0. So a face (hkl) = (100) corresponds
to a face, which is parallel to the B and C axes; see further Figure 6.1.

It is interesting to note that almost all crystals of inorganic and organic chemicals of
simple compounds up to complex pharmaceutical, protein compounds and even viruses,
varying in size from tens of nanometers or fractions of microns to meters, grown in nature,
laboratories or factories, are bounded by flat faces. The orientation of almost all crystal-
lographic faces, occurring on a large variety of crystals are fulfilling the law of rational
indices with a high degree of accuracy. This law offers a possibility to characterize crystal
faces unambiguously.

In passing we note that instead of three integers, two ratios h/l, k/l or in general
two rational numbers (and unity) could have been used to characterize a crystal face. This
explains the historically developed name: “Law of Rational Indices”.

We also note that in order to characterize crystals of a crystalline product it is necessary
to understand which faces (hkl) occur on these crystals and how the relative sizes of faces
(hkl) vary with the growth conditions. These faces determine the overall habit of the crystals
of a product and hence the properties of this product.

6.2.2. 3D translational symmetry; crystallographic faces are parallel to netplanes

In the following we will study in more detail the symmetry, which almost all crystals
have in common namely: translational symmetry in 3 dimensional (3D) space. Therefore,
we take as a starting point three mutually independent vectors @, b, ¢ which span the infinite
set T of vectors ¢:

t =ua+vb+ we, 3)

where (1, v, w) triples of integers; u, v, w € Z. A set of points represented by eq. (3)
is called a translational lattice. The infinite lattice, obviously, is invariant for a shift over a
any vector given by eq. (3). The idea of a 3D lattice is illustrated in Figure 6.1.

Note that instead of taking a lattice of discrete points, represented by eq. (3) the whole
translational invariant 3D space can be considered as a continuum represented by a 3D



180 P. BENNEMA, H. MEEKES

<]

’ N
AR
"'EQ\\\\\\\\\\\\&N

NN\
e W%
d \\\\\\\\;v

\a

/c:-

FIGURE 6.1. Small part of the lattice of a crystal showing 2 x 4 x 2 elementary cells spanned on the basic
vectors a, b, ¢. Each unit cell contains one atom or, in general, one growth unit. A few parallel lattice planes with
the orientations (hkl) = (412) are drawn. It can be seen that the @ axis is cut by adjacent lattice planes in Nlal/h,
the b axis in NIbl/k and the ¢ axis in Nlcl/l, where N is integer. Note, that lattice planes need not intersect the
crystallographic axes in lattice points.

function F(x, y, z) with the same 3D translational symmetry, where x, y, z are fractional
coordinates on the basis {a, b, ¢}. Applying any translation out of the infinite set of trans-
lations T given by eq. (3) implies:

F(xa+yb+zc+t)=F(xa+ yb+zc). 4)

This implies that after shifting the function of the right hand of eq. (4) over distances ¢ the
same function with the same environment is obtained.

In the following we will go back to the language of lattice points, in order to investigate
planes going through a set of translational invariant lattice points. Looking at Figure 6.1,
and assuming it to represent a small part of an infinite (or very large) lattice of a crystal, then
a macroscopic crystal face with orientation (hkl) will be shown to be parallel to an infinite
set of parallel lattice planes with an orientation (hkl). These lattice planes are sometimes
called netplanes. As an example, according to eq. (2), for the face (412) the parallel lattice
plane with the same Miller indices is cutting the axis a in 1/4a, the axis b in 1/1b and the
axis ¢ in 1/2¢. Equivalent lattice planes are found parallel to this lattice plane cutting the
axes a, b, ¢ at Nlal/4, NIbl/1, Nlcl/2, respectively, where N is any integer.

6.2.3. Reciprocal space

Before we will discuss the importance of the interplanar distance dpg for understanding
the morphology of crystals, we will in the next sections introduce the mathematical concept
of reciprocal space. This will allow us to derive a general expression for dy;.
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To the set of the three microscopic vectors a, b, ¢ we add a new set of vectors a*, b*, c*,
spanning the unit cell of what will be called the reciprocal space, which is defined in the
following way:

a*=bxc/V, b*=cxa/V, c*=axb/V. (5)

It can be seen from eq. (5) that for example a* is a vector with a length of the vector product
b x ¢ divided by the volume of the elementary cell V:

V=a-(bxe)=b-(cxa)=c- (a xb). 6)

It can be seen from eq. (5) that the reciprocal vectors a*, b*, ¢*, have the dimension of
reciprocal length.
It follows from eqs (5) and (6) that

a* - a=b"b=c" c=1 (7
and
" b=a-b*=a"c=a-c*=b"-c=b-c"=0. (8)

In the special case that the vectors a,b,c are mutually perpendicular the value for the
volume V becomes: |VI = lallblic] . Then a*, b*, and c*, are parallel to a, b and ¢, respec-
tively and |a*| = la|~!, |6*) = |b|™", |e¢*| = |c|~'. This also demonstrates the “reciprocal
relation” between the original lattice and the reciprocal lattice, vice versa. It also follows
from eq. (8) and, of course, from the definition of reciprocal sapce in eq. (5) that, e.g., a is
perpendicular to the plane that contains b* and ¢*

6.2.4. 3D Fourier functions

Up to now, only crystal lattices consisting of points have been discussed. For real crys-
tals these points have to be replaced by unit cells. To describe the contents of the unit
cell, made up of atoms leading to an electron densitiy, making full use of the 3D lattice
tranlational symmetry, 3D Fourier functions are appropriate.

In a one dimensional space a periodic function can be represented by the imaginary
Fourier function

F(x)= ZFh exp2mihx, 9)
h

where, & is an integer. Here F}, is a fixed number called the Fourier component belonging
to h. Each periodic function is fully characterized by its Fourier components Fj,.

Equation (9) can be generalized to two, three and more dimensions and for a 3D space
we write:

F(r):Zerxp27rik-r, (10)
k
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where the vectors r are defined in normal (direct) space and the vectors k belong to recip-
rocal space; they are given by

r=xa+ yb+zc an
and

k=ha*+k'b*+!c*. (12)
Note that in eq. (11) (x, y, z) are real numbers as triples of fractional coordinates in direct
space with respect to the basis {a, b, ¢}. In eq. (12) the indices (#’,k’,1’) are triples of
integers with resepct to the reciprocal basis {a*, b*, c*,} . The fact that the latter triples are
limited to integer values reflects the 3D lattice translational symmetry of the function F(r),
according to eq. (4). Contrary to the triples of integers (hkl) of Miller indices mentioned

above, triples (#’, k', 1’) need not be relatively prime.
If we take a point in direct space characterized by the vector r’, given by:

r=Gx+wa++v)b+ (z+w) (13)

in which [u, v, w] are triples of integers, it can be seen using eqs (10), (7) and (8) that

F(r')=Zerxp2ni(k-r+h’u+k'v+l’w)=F(r). (14)
k

Because exp 2mwi(h'u + k'v + l'w) = exp2niN = 1, since N is an integer. So, also ex-

pressed as a Fourier transform the function F(r) is periodic and translationally invariant
for the infinite set of translations T of eq. (3).

6.2.5. Interplanar thickness dpx;

We define in reciprocal space a fixed vector H},, according to
Like for the Miller indices (see Section 6.2.1) h, k and [/ are chosen to be prime in reference
to each other. Alternatively, we consider an infinite set of points in direct space defined by
the vectors

H,,. =ua+vb+ wc, (16)
with u, v, w, integer and which fulfil the relation

H}yy Hyy = (ha* +kb* + Ic*) - (ua + vb + we) =N, (17
for fixed N, thus, given by:

hu+kv+Ilw=N. (18)
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H

uvw, 3

wvw,2

FIGURE 6.2. A reciprocal vector H ;;kl is oriented perpendicular to a stack of parallel lattice planes labeled with
an integer N with the orientation (kkl). One lattice plane consists of many lattice points, which correspond to the
direct lattice vectors H . The projection of these vectors H e on the vector H Zkl coincide with the vector
Ndhk,H;kl/lHZkll, where N is the lattice plane H y points to. The distance between the neighboring netplanes
is the interplanar distance dpgs. The dashed vectors indicate equivalent lattice points for neighboring lattice planes.
The distance from the origin to the lattice plane labeled N is only schematic.

Equation (17) is the mathematical representation of a plane perpendicular to the vector H},,
at a (dimensionless) distance N from the origin. If H,,, were allowed to take on any value
eq. (17) would describe all points of that plane. The fact that the values of H ., are limited
to integer values for u, v, w limits eq. (17) to the lattice points of the translational lattice
that lie in the plane perpendicularto H},, at a distance N from the origin. The geometrical
interpretation of eq. (17), using a fixed integer N according to eq. (18) is illustrated in
Figure 6.2. H Zkl - H v is the projection of the vector H,, on H Zkl' All vectors H
pointing to a position in the plane at distance N are, thus, projected on the vector Hjy,
N/IH},,| pointing in the direction of the normal of the plane.

Choosing another integer for N, say N', defines another parallel lattice plane at a dis-
tance N'. All lattice planes, thus defined, are parallel and at mutual unity distance. There-
fore, the interplanar distance dpk between successive lattice planes perpendicular to the
reciprocal lattice vetor H},, in terms of the measure of length in direct space is found by
using eq. (17) with N =1, resulting in

dhk1=1/|szl‘. (19

So we arrive at two important theorems:

Theorem 1. An infinite set of parallel lattice planes is characterized by a reciprocal lattice
vector H},,, perpendicular to these lattice planes.

Theorem 2. The interplanar distance dpy between neighboring lattice planes of the set is

the inverse of the length of the reciprocal lattice vector Hj,.

The interplanar distance represents the smallest distance over which the lattice plane
is repeated. Note, that even the shortest of the corresponding crystallographic translational
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symmetry vectors need not be parallel to H7j,,. Infact, dyy is the projection of an infi-
nite set of such crystallographic translational symmetry vectors on Hj, asisillustrated in
Figure 6.2.

6.2.6. Meaning of Miller indices (hkl)

We already discussed the relation between observed faces (hkl) and a large (infinite)
number of parallel lattice planes in a preliminary way. In order to investigate the mathemat-
ical meaning of the indices (hkl) in more detail we again consider the lattice plane defined
by eq. (17) for a certain integer N. We can find the intersection point of the line r = pa
along the basis vector a in direct space, and the plane, byevaluating H},, - pa = N, where
p is a real number. Using eqs (7) and (8) this leads to hp = N. For N = 1 this results in
the conclusion that the first lattice plane cuts the a axis in lal/h. For th N-th lattice plane
this amounts to Nlal/h. Analogously, we find for the b and ¢ axes as intersection points
NIbl/k and Nicl/l, respectively. So, we arrive at the following theorem as a mathematical
formulation of eq. (2):

Theorem 3. A set of continuous lattice planes characterized by the reciprocal vector H},, =
ha* + kb* + Ic* cut the a, b and ¢ axes, respectively, in pieces of size

Axl\a| =lal/h, Aylbl =1b|/k, Azle| = e/l (20

This property was already illustrated for the face (412) in Figure 6.1. Note, that as was
demonstrated in Figure 6.1 the intersection points need not be lattice points.

6.2.7. Application to macroscopic morphology

Let us as a thought experiment switch from a microscopic point of view of crystals to
a macroscopic point of view. We than replace a stack of parallel lattice planes character-
ized by a reciprocal vector H},,, which in turn is characterized by a triple of integers (hkl),
which are prime in reference to each other, by a single plane with Miller indices (hkl). Since
for a macroscopic description of the shapes of crystals, bounded by flat faces characterized
by different Miller indices (hkl) first of all the mutual angles are essential parameters, we
can place the macroscopic faces (hkl) in the origin of a coordinate system. Then, the direc-
tions of the faces (hkl) are characterized by the normals H},,. In agreement with classical
crystallographic conventions we will, therefore, in the following indicate a macroscopic
crystal face of which the orientation is given by its normal H},, = ha* +kb* +Ic* as (hkl).
Similarly, we will indicate a direction in the lattice in direct space H ,y,, = ua + vb + wc
as [uvw], with u, v, w integer. Since for the description of crystallographic directions only
the ratios of u, v and w are relevant the triplet u, v, w is chosen as relatively prime.

If two macroscopic planes (hkl) cut each other in a line, this line is parallel to an edge of
the corresponding macroscopic crystal. In the following we will derive relations, between
the Miller indices (hkl), defined in reciprocal space, of macroscopic faces and directions
[uvw], defined in direct space, describing edges and related directions, which are important
for an adequate description of the macroscopic shapes of faceted crystals. These relations
will be expressed in some further theorems. The proofs of these theorems are trivial.
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Theorem 4. Two directions [#jvjw;] and [u2v2w2] which are not parallel span a lattice
plane with a normal that can be found by evaluating the vector product of the two directions,
according to

HZkI = (Hulvlwl X Huzvzwz)/v' 21

Using eq. (5) we find as a result that the corresponding Miller indices are given by

(hkl) = (V1w — vawr) (2w — u w2) (U V2 — Uavy)). (22)

Theorem 5. If a crystallographic direction [uvw] is an edge between two faces (k1) and
(hakalz), then all faces (hkl) with orientations, which fulfill the relation (hkl) = (M Ay +
A2ha, Ak Aok, Ayly + Azla), where A1 and A3 are arbitrary fractional numbers such that
h, k and [ are integer and mutually prime, are parallel with the same direction [uvw].

Theorem 5, in fact, defines all lattice planes that are parallel to the direction [uvw]; these are
defined as the zone of [uvw]. The special case of the face, forwhich A; = A2 = |, belonging
to this zone was called by 19" century crystallographers the “Law of Complication”. Fom
a modern point of view it can be considered as a trivial “law”.

6.2.8. The morphological law of Bravais, Friedel, Donnay and Harker (BFDH)

6.2.8.1. Relation between morphological importance and interplanar distance In the pe-
riod from about 1880 to 1937 the (in principle) purely mathematical law to describe and
to predict the morphology of crystals was formulated first by Bravais and Friedel, taking
the primitivity or non-primitivity of elementary cells into account and later by Donnay and
Harker, taking the role of screw axes and glide planes of space groups into account. This
law, which is nowadays known as the BFDH law and can be formulated as follows:

BFDH-law. The morphological importance of a form of faces {hkl} on the growth
forms of any crystal is larger the larger the interplanar distance dpg;.

The curly brackets are used to indicate the set of all faces that are equivalent to the
face (hkl) under the (point)group symmetry of the crystal. This set is called the form {hkl}.
The concept of morphological importance of faces {hkl} to be abreviated as M Iy is a, in
practice not very precisely defined, statistical quantity for the combination of the relative
size of the faces {hkl} and the frequency of occurrence of the faces {hkl}. These quantities
run in principle parallel, because faces of the slowest growing forms {hkl} will dominate
growth forms of faster growing faces. Note, that in order to use proper statistics the number
of faces within a form {hkl}, depending on the pointgroup symmetry of the crystal, should
be taken into consideration.

The BFDH law can be expressed as follows

(i, 1| > |diia,2| = Mpgy > Ml 2, (23)
or what comes to the same taking eq. (19) into account

[Hi 1| < [Hpggol = MIpg,1 > Mg 2. (24)
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Since it can be stated, statistically spoken, the higher the growth rate R of faces of a
certain form {hkl}, the lower its M{pk, eq. (24) can be replaced by

|H7,k1,1| < IHZ/(/,2| = Rpi,1 < Riuwi2. (25)

6.2.8.2. Selection rules of space groups and morphology  Up to now, we have focused the
attention on translational symmetry. In order to derive all possibilities to fill 3D space in
a symmetrical, translationally invariant way, rotational symmetry leading to n—fold rota-
tion axes, mirror planes and centers of symmetry need to be taken into consideration. It is
a tremendous job to derive logically all possible combinations of the symmetry elements,
discussed above. It turns out that for 3D translationally invariant space there are 230 pos-
sibilities to fill this space. These 230 possibilities are called the 230 space groups. This
name refers to group theory, a branch of mathematics, dealing with symmetry problems.
For a derivation of these 230 space groups we refer for a treatment based on group theory,
for example, to the book by T. Janssen [4] and for a derivation of these space groups in a
geometric way to the book by Buerger [5]. Further, we refer for an introduction to the 230
space groups and a detailed description of all possible implications of these space groups to
the International Tables for Crystallography [6]. It follows from mathematical crystallogra-
phy that only mirror planes, centers of symmetry and 2, 3, 4 and 6 fold rotational axes are
compatible with a 3D translationally invariant space. In addition, there can be glide mir-
ror planes and screw axes which are combinations of non-primitive translations and mirror
planes or rotation axes, respectively.

The symmetry of a given space group has a crucial influence on the shape of the el-
ementary cell, spanned on the three basic vectors a, b, ¢, making for the triclinic space
groups, having the lowest symmetry, arbitrary angles «, 88, y, between b and ¢, ¢ and a,
and a and b respectively. In general, depending on the space group the shape of the ele-
mentary cell varies for the highest symmetries from the cube to, for the lowest symmetries,
a triclinic elementary cell mentioned above. In Table 6.1 the different shapes of elementary
cells are summarized. In this table a = lal, b = Ibl and ¢ = Icl.

It follows from mathematical crystallography that in order to keep the highest possible
symmetrical shape of the six elementary cells in the description of crystal structures of the
six crystal classes, presented in Table 6.1 above, that it is for certain space groups necessary
to add, apart from the basic translations vectors a, b, ¢ one or more extra basic translations
to these basic vectors of the elementary cell. In this way non-primitive cells are obtained
that are called conventional unit cells. Looking at the last column of Table 6.1 it can be

TABLE 6.1.
The various crystal classes determining the shape of the conventional unit cell.
Crystal class a, b, ¢ a, B,y Centered cells
Triclinic a#b#c «, B, y.nospecial values P
Monoclinic a#b#c B=90° a, ynospecial values P, (A, C)
Orthorhombic a#b#c a=f=y=%° P.(A,B,C)LLF
Tetragonal a=b#c wa=f=y=9%° P 1
Trigonal/hexagonal a=b#c¢ o=pA=90°y=060° PR
Cubic a=b=c a=f=y=90° PI1,F
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TABLE 6.2.
The morphological selecton rules due to the various centering translations. For
the trigonal-hexagonal crystallographic system d represents the longest body
digonal. n is the smallest integer for which A, k, / are mutually prime.

Centering Non-primitive vectors Selection rule

A Yalh + ¢) k+1=2n

B Va(a +¢) h+{=2n

C Vala + b) h+k=2n

I Yala+b+c) h+k+1=2n

R 1/3d,2/3d h—k+1=3n

F Ya(b + ¢), Vala + ¢), Vala + b) h, k., either all n or all 2n

seen that that the types P, (A, B, C), I, F, R of cells occur corresponding to 14 types of
lattice, playing their essential role in the 230 space groups. These lattices are called the
14 Bravais lattices. Here P refers to primitive, corresponding to the case, where no extra
non-primitive translation vector is added to the elementary cell. A, B, C cells correspond
to cells in which one extra non-primitive translation vector is added to the elementary, etc.
These non-primitive translation vectors can be found in Table 6.2.

6.2.8.3. Non-primitive unit cells, screw axes, mirror glide planes and MI of forms {hkl}
The occurrence of centered non-primitive cells has important implications for the mor-
phology of crystals. Due to the fact that extra translations occur for crystals having cen-
tered cells as compared to crystals having primitive cells the interplanar thickness dp/,
representing the smallest distance over which the crystal structure is repeated, must for
special triples (hkl) be divided by a factor n depending on the non-primitive translations,
implying that the reciprocal vector Hj,, = ha* + kb* +Ic* will be multiplied with n. Tak-
ing eqs (23)—(25) into account it then follows that the M1y of such a face will be reduced.
Because of this in morphological studies, often, a face (100), for example, is denoted as
(200) in case n =2, etc. The selection rules for conventional, i.e. non-primitive, cells are
summarized in Table 6.2.

As an example we give the interpretation of Table 6.2 for the case of a C-centered cell.
In case the sum of the Miller indices /& + k is even no correction is needed and »n is equal
to unity. However, if 4 + kis odd n = 2.

In addition to these selection rules as a result of non-primitive cells also the presence
of screw axes or glide planes that are perpendicular to a form {hkl} give rise to additional
selection rules that make the interplanar distance smaller by an integer factor. These selec-
tion rules are summarized in Table 6.3. This table only gives the possibilities in settings
that correspond to crystallographic conventions [6].

As an example to Table 6.3 consider a d-glide plane parallel to (100). The selection rule
only applies to the faces perpendicular to this symmetry element, that is, the faces (0kl).
The Miller indices hkl have to be corrected such that & +/ is an integer multiple of 4 and
hkl are mutually prime.

The selection rules described above are the same as the reflection conditions in (X-
ray) diffraction theory with one difference, namely, that in diffraction n labels different
reflections, while in crystal morphology n represents the smallest value for which A, k, [
are still mutually prime.We refer for information on these selection rules to the Inter-
national Tables for Crystallography [6] and to the books by Philips, Rousseau or Ham-
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TABLE 6.3.
Selection rules due to glide mirror planes and screw axes parallel to HZ“. nis
the smallest integer for which k, k, [ are mutually prime; skl refers to the
orientations to which the selection rules apply.

Symmetry Symbol Non-primitive vector hkl Selection rule
Glide plane (001) a Laa hkQ h=2n

b Yab k=2n

n Ya(a + b) h+k=2n

d 1/4(a = b) h+k=4n
Glide plane (100) b Yab Okl k=2n

c Yac [=2n

n Yalb + ¢) k+1=2n

d 1/4(b £ ¢) k+1=4dn
Glide plane (010) a Yaa hO! h=2n

c Yac [ =2n

n Y9(a + ¢) h+I1=2n

d l/4(+a +¢c) h+1=4n
Glide plane (110} ¢ Yace hkt I=2n

b Vab h=2n

n Yala + b + ¢) h+k=2n

d 1/4a+b+c) 2h+1=4dn
Screw axis ¢ 21,4,,63 Vac 001 I=2n

3|.33.63.64 l{':’#(’ {=3n

4.4 1/4e I =4n

61. 65 1/6¢ I =6n
Screw axis a 21,4 Yaa hO0O h=2n

41,45 1 /4a h=4n
Screw axis b 21,49 Ya2b 0k0  k=2n

41,45 1/4b k=4dn
Screw axisa + b 2 Yala + b) hh)  h=2n

mond [7]. Garnets serve as an example. Garnets have as space group la3d. If a crystal
with a corresponding space group without non-primitive translations, that is, Pm3m would
show the faces (100), (110), (111), (210) and (211) according to the BFDH law described
in the next section, the corresponding faces for the ganets would be (211), (110), (321),
(100) and (210), respectively, as a result of the selection rules described above. For this
class of compounds, as for many others, the implication of the BFDH theory is in agree-
ment with the observed morphology of natural and synthetic crystals. For a survey see
ref. [8].

In order to study relevant aspects of the macroscopic morphology of crystals, such
as the shapes or habits of a three dimensional crystal, characterized by combinations of
different faces (hkl) and zones [uvw] the stereographic projection is used. This projection
allows to make 2D projections of sometimes complex 3D habits of crystals. Classical crys-
tallographers used the stereographic projection extensively. This projection may still be an
important tool to study from a modern point of view observed and predicted morphologies
of crystals. The principles and application to crystallography of the stereographic projec-
tion can be found in the very interesting book by Donnay [9] and the book sby Philips and
others [7].
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6.2.9. Construction of growth forms

In order to predict or construct a (growth) form resulting from a given known crystal
structure, the relative growth rates of the faces {hkl} need to be calculated. As a first ap-
proximation the relation between the rate of growth Ry of faces {hkl} given by the vectors
Ry parallel to the reciprocal vectors H Zk! is usually assumed to be

Ryu=CH}y, (26)

where C is a constant, which is supposed to be the same for all faces. Equation (26) is often
called the BFDH law, but, in fact, is a further simplification of the proportionality relation
given by eq. (25). Then the enclosed figure formed by the faces erected perpendicular at
the end points of the vectors Ry is believed to give a good representation of experimental
growth forms and usually referred to as the BFDH morphology. There are various computer
programs available that do the job.

Anticipating recent developments in crystal morphology prediction it is interesting to
note that the BFDH aproach, presented so far is only based on purely geometrical con-
cepts, resulting from the dimensions and shape of the elementary cell and the selection
rules of the space group. Already from the beginning of the science of crystallography
crystallographers had the following intuitive interpretation for the BFDH law; the thicker
dpi, corresponding to a growth layer of a growing face, the more energy of chemical bonds
between the growth units within the layer, the lower the growth rate Ry, and the higher the
Morphological Importance M/g. The relevance of the bond energy between growth units
for crystal morphology will be treated in the following sections.

In Section 6.3 a simple statistical mechanical surface model will presented, which ex-
plains why crystals grow, in principle, with flat faces. Next, it will be shown in Section 6.4
that by introducing the concept of overall chemical bonds between molecules of a given
crystal structure and the crystallographic concept of faces (hkl) of which the layers have a
thickness dpxs, the morphology can be predicted.

6.3. STATISTICAL MECHANICAL ISING LATTICES APPLIED TO CRYSTAL
SURFACES

6.3.1. Introduction

The aim of the previous section was to present an introduction to classical mathematical
crystallography and the attention was at the end of that section focused to the concept of the
interplanar distance dpg, which plays a key role in crystal morphology. In order to develop
models which explain the experimental fact that almost all crystals grow with flat faces
with a well-defined orientation (hkl) but, sometimes, with rounded non crystallographic
faces, we will in this section introduce a statistical mechanical surface model based on
Kossel (like) crystals. We will introduce Ising lattice models for the interface between the
mother phase and a face (hkl) of the growing crystal. The mother phase can be vapour, melt
or solution. It will be demonstrated that the introduction of interface Ising lattice models
makes it possible to develop relevant statistical mechanical models for the interface of a
crystal for, in principle, any mother phase.
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[001]

[100]

FIGURE 6.3. (001) Surface of an orthorhombic crystal as a generalization of a Kossel crystal with a step parallel
to the [100] direction. The blocks represent a unit cell. The numbers label the heights of the columns perpendicular
to the reference step parallel to the [100] direction. The SOS condition implies that the overhang indicated by ‘O’
is forbidden.

In Figure 6.3 a block model of a crystal and limiting surface is presented. The cells
in such model are interpreted as the unit cells of a Kossel crystal that can be seen as a
simple cubic crystal. Neighboring cells mutually interact via bonds between the centers
of the cells, thus, representing the chemical bonds of such a crystal. These bonds are not
drawn. Alternatively, the edges of such a block model can be interpreted as the bonds in
which case the vertices of the blocks represent the growth units. Note, that there is only a
single growth unit per unit cell for the simple cubic crystal. In the latter interpretation we
call the model a crystal graph according to mathematical graph theory. Also note, that this
reduction of the crystal to a crystal graph does not change the energetics of the crystal nor
of the crystal growth process as long as we model the bond energies and the energy of the
growth units in accordance with the actual growth process. Thus, we can make the model
as realistic as we like by appropriate modelling of the relevant energy terms. Moreover,
we can make the model more complicated by introducing different cell types and allowing
for intra-cell bonds or defining inter-cell bonds that go beyond first neighbors. Such crystal
graphs will de the subject of Sections 6.4 and 6.5.

In this Section 6.3 we will use statistical mechanics to derive information on the ther-
modynamic stability of the surfaces of a crystal, leading to a thermal roughening transition
which is relevant for all crystal faces. For that, we will start with the model for an or-
thorhombic primitive cell with three different bonds along the crystallographic directions
a, b and ¢ with energies ¢, ¢p and ¢., respectively. The lengths of the crystallographic
axes will be denoted as a = lal, etc. We will treat these bonds as broken bonds in case
one of the neighboring growth units is absent. Often, we will, rather loosely but without
loss of generality, call the growth unit a cell. In order to develop a statistical mechanical
model for, for example, the (001) top face, this allows for the following model. We divide
the whole space of crystal and the adjacent empty mother phase in a lattice of cells, having
exactly the same shape as the cells in the crystal. For the time being we will consider the
mother phase to be the vacuum as if the crystal is growing from a very dilute vapour. So the
whole space of bulk crystal, and bulk vacuum and interface between crystal and vacuum
becomes, as it were, one orthorhombic crystal. In order to describe the structure between
crystal and vacuum we assume that the unit cells can have only one out of two properties;
solid or vacuum. Such a model where cells can have only two properties, solid or vacuum,
is called an Ising lattice in analogy with Ising models for spin up and spin down systems in
magnetic systems.
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6.3.2. Roughening transition and the solid on solid step model

In this section the Solid on Solid step model for the (001) surface of the orthorhombic
cell model, presented in Figure 6.3 is discussed. We refer to the paper of Leamy, Gilmer and
Jackson in which this model is treated extensively [10]. In Figure 6.3 a step on the (001)
surface running, on the average, parallel to the a direction is seen meandering in perspec-
tive. Due to thermal fluctuations the step will not be straight and there will be columns of
vacuum cells and columns of solid cells perpendicular to the straight reference step. These
columns can be considered as the entropic noise of a straight step. We introduce the Solid
On Solid (SOS) condition which is a simplification, implying that only those fluctuations
are allowed which deepen or lengthen the columns in the negative or positive b direction.
Thus, overhangs are forbidden. By introducing this approximation the problem of calculat-
ing the edge free energy of a step in an Ising model can be solved exactly. Thanks to the
introduction of the SOS approximation each column can be treated separately. The SOS
condition implies that the height of each column /4 varies in a discrete way with jumps of
b or —b from —oob to oob. Then the partition function of one column Z, in terms of the
number & of broken bonds ¢, on one side of the column becomes

o0
Ze= ) exp—lhlga/kT. 27)
h=—00

For a step with a length of Na, consisting of N columns the partion function for the step
becomes, taking into consideration all possible independent fluctuations of the heights of
the columns

o0

N
Zgtep = (ZC)N = ( Z exp_|h‘¢a/kT) (28)
h=—00
which can be rearranged to
. N
Zgep = |:2(Zexp —héq /kT> - 1} . (29)
h=0
This becomes, taking the expression for an infinite geometrical series into account
N
Zsep=[2/(1 —exp—¢a/kT) — 1]
= [(1 +exp—¢a/kT)/(1 ~ exp—¢pa/kT)]". (30)
Multiplying numerator and denominator of eq. (30) with exp¢,/2kT gives
Zstep = [(expa/2kT + exp —¢o /2kT)/(€xp $a/2kT — exp ~¢a/2kT)]N €29)
or, alternatively,

Zyep = (cosh ¢, /2k T/ sinh ¢, /2kTYV = (coth, /2kTHV. (32)
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The edge free energy y, of a step parallel to the a direction of a SOS step, expressed in
energy per unit length a, using F= —kT In Z, is therefore given by

vx =¢p/a— kT Jalncothe, /2kT, (33)

where the first term on the right hand side represents the free energy of the reference
(straight) step made up by the broken bonds ¢y. For a step consisting of N columns eq. (33)
has to be multiplied by N. For a step in the b direction the edge free energy ¥, can be de-
rived analogously to become

Yy =¢a/b— kT /blncoth ¢y /2kT. (34)

Within the framework of this Solid on Solid step model the roughening transition occurs if
the edge free energy becomes zero because, then, the columns can be formed without cost
of free energy. For the step in the a direction eq. (33) becomes

cothe,/2kT =expdp/kT, 35)
which in turn becomes after rewriting
(exp ey /2kT +exp— /2kT)/(exp P, /2kT — exp—¢,/2kT) =expgp/kT. (36)

After multiplying the numerator and denominator by exp ¢,/2kT of the left hand side of
eq. (36) we get

(expdu/kT + 1) /(expd, /kT — 1) =expdp/kT (37

which becomes after rewriting
expdp/ kT exppy/kT —expdy/ kT —expd,/kT — 1 =0. (38)

If ¢, and ¢ are known the crititical temperature T¢ above which the edge free energy
of the step becomes zero can de determined numerically from eq. (38). It can be seen that
eq. (38) is symmetrical in ¢, and ¢, If, therefore, only the ratio ¢, /¢, is known the critical
value of a dimensionless energy (¢/2kT)¢ corresponding to a dimensionless roughening
temperature 8¢ = (2kT /$)° can be calculated from eq. (38). In that case the convention
is often used to express 8° in the relative highest broken bond energy of ¢, and ¢y,. The
factor 2 in the definition of 8¢ is purely conventional. If the condition ¢, = ¢ = ¢ applies,
which is the case for the Kossel crystal, we get for eq. (38), after dividing by 2exp¢p/ kT,
the expression

sinhg/kT =1, (39)
which may be also written as

sinhp/ kT = 1. (40)
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This happens to be a special case of one of the famous equations derived by Onsager [11]
sinh ¢y /kT sinh ¢y /kT =1 “4n

for the critical order—disorder phase transition of a 2D lattice consisting of first nearest in-
teractions ¢ and ¢,. Contrary to the SOS step models discussed above leading to eq. (38),
eq. (41) is an exact equation and has a general validity for all kinds of 2D lattice with first
nearest neighbor interactions.

6.3.3. Meaning of order—disorder surface phase transitions

The critical dimensionless temperature ¢ = (2kT /¢)¢, which becomes a real critical
temperature after substituting real bond energies ¢, and ¢, is called the temperature of the
order—disorder phase transition in a rectangular 2D lattice. We want to stress that the paper
of Onsager [11], which was published in 1944 marked a real breakthrough, because On-
sager, for the first time, could prove exactly, thanks to extensive mathematical derivations,
that within a 2D Ising lattice a second order phase transition occurs. Onsager also showed
how using an exact equation for the critical temperature such as eq. (41) the values of € or
T for a 2D lattice with two first nearest neigbor interactions could be calculated exactly,
given the ratio of the two bond energies or the bond energies themselves respectively. Also
for other simple trigonal or hexagonal 2D lattices exact equations from which ¢ or T°¢
could be calculated, were derived by Onsager [11].

Within the framework of theories of crystal surfaces and crystal growth this critical
phase transition is called, nowadays, the critical roughening transition and the correspond-
ing dimensionless roughening temperature are indicated as 6% and the real roughening
temperature as TR,

In another pioneering paper on the fundamentals of statistical mechanical models of
crystal surfaces, steps, 2D nucleation models and the resulting spiral growth theory Bur-
ton, Cabrera and Frank used the order disorder phase transition theory of Onsager as a basis
for the development of theories of crystal surfaces and crystal growth [12]. They were able
to simplify the very complex theory of Onsager. Moreover, the theory could be generalized
to all kinds of complex 2D lattice, which correspond to the 2D interfaces of crystals or bet-
ter their corresponding crystal gaphs. A formalism for this was developed by Rijpkema and
Knops and for the first time succesfully applied to faces (hkl) of the complex garnet struc-
ture [13] and many other structures. We refer to the survey paper [14] and the references
therein.

6.3.4. Roughening temperature for the SOS step model and onsager model

Looking at eq. (33) it can be seen that within the framework of the SOS step model the
critical roughening phase transition can, to a certain approximation, be understood to occur
if the broken bond step energy ¢ for the step along the a direction becomes equal to the
step entropy times the temperature or when

Yx =¢p/a — kT [aSsep = 0, 42)
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where § is the step entropy per unit length. An analogous expression can be formulated for
a step along the b direction. In this approximation the step entropy is interpreted as

Ss[ep =kT/a 1nCOth¢a/2kT (43)

For very strong bond energies as compared to the thermal energy ¢,/2kT — oc and
Sstep — 0. This implies that the step becomes a straight step parallel to the a direction.
For a square lattice which implies that @ = b and ¢, = ¢ = ¢ we find from eq. (33)

®/kT =In[(expd/2kT + exp—/2kT)/(exp/2kT — exp —¢/2kT)] (44)

which becomes after taking the exp of the equation and multiplying numerator and denom-
inator and multiplying with exp ¢/2kT the quadratic equation

exp2¢/kT —2expop/kT — 1 =0. (45)
The relevant positive root of this equation is exp¢/kT = 1 +2'/2, leading to
(¢/kT)° =1In(1+2"2) =0.8814. (46)

The same solution is obtained from the exact equation of Onsager, eq. (41), applied to a
square lattice with ¢y = ¢,.

6.3.5. Faceted rough and rounded-off faces

The habit or morphology of crystals plays a very important role in crystallization
processes. Often crystals grow faceted with flat well-defined faces, but in some cases some
of the faces appear as rounded-off roughened faces. In these cases the growth velocity of
such faces is, in principle, much higher than the flat faces. Although the case of faceted
crystals is mainly treated in this contribution, it turns out that the morphology of many
crystals is to a large extent determined by the tendency of some of their faces to roughen
easily. Closely connected to this tendency is the roughening temperature of a flat face above
which they appear as rounded-off. This effect is known as thermal roughening. The growth
velocity of these faces has already become high below their critical temperature. Also, as a
result of its roughening temperature a flat face can become rough beyond a critical super-
saturation, known as kinetic roughening, resulting in relatively high growth velocities. We
refer to the survey paper [ 14], an experimental paper [15] and a recent paper of van Veenen-
daal et al. [16]. The implications of the concept of roughening transition to explain crystal
growth phenomena together with crystal morphology are very profound. Rough faces have
generally speaking higher growth rates than flat faces; these faces often do not appear on
the crystal morphology.

6.3.6. The Burton—Cabrera—Frank step edge and growth spiral theory

Half a century ago, Burton, Cabrera and Frank [12] developed the spiral growth theory,
after Frank [17] described the, originally, purely theoretical concept of a growth spiral. In
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the now famous BCF paper [12], rightly called the “Bible of the science of crystal growth”,
surface models and step models, expressed in the statistical mechanical language of Ising
models applied to the (001) face of a Kossel crystal, were logically integrated with the
world of 2D nucleation theories and the world of (screw) dislocations. In the BCF theory,
Onsager’s theory [11] of the order-disorder phase transition in a 2D Ising model played a
key role. As mentioned above Onsager’s 2D order—disorder phase transition is, nowadays,
interpreted as the roughening transition. This can be decribed in terms of the dimensionless
critical temperature defined in Section 6.3.3

0<6°—>y>0 0260°>y=0. 47

The dimensionless critical emperature, 8¢, depends on the typical topology of the broken
bond energies and bond structure of the surface (hkl) under consideration and its inter-
action with the mother phase; y is the edge free energy of a step on that surface. The
dimensionless temperatures are given by

0 =2kT /o, (48)

where ¢ is a generalized bond energy, having the shape
¢ =% = 1/2(¢"™ + ¢"). (49)

The superscript sf refers to the solid—fluid (in general, mother phase) bonds, the super-
script ss to the solid—solid bonds within the crystal and the superscript ff to the fluid-fluid
bonds with in the mother phase. Conventionally, 8 and 8¢ are expressed in reference to the
strongest bond ¢ of the crystal. The reader is further referred to the survey papers written
by Bennema [8] and Bennema and van der Eerden [14]. It is possible to calculate the (rela-
tive) order—disorder or Ising temperatures 8¢ even for complex 2D Ising lattices consisting
of (many) different cells [13,14].

It should be stressed that the concept of roughening expressed in eq. (47) (cf. eqs (33)
and (34)) is the integrating principle of modern crystal growth theories. This concept ex-
plains that if on a crystal surface in at least one direction [uvw ] the step edge free energy
Y|uvw] = O that crystal face grows as a microscopically rough and macroscopically rounded
off or, in general, unstable face without any crystallographic orientation. The reason for
this is that due to the zero edge free energy the formation of 2D nuclei on the surface will
cost no energy and will, therefore, occur unbridledly. For temperatures at which there is
no such condition, that is, for which in all directions [uvw] on the surface the step edge
free energy Vyww) > 0 the surface will grow as a flat face with a layer mechanism, i.e., a
spiral growth or 2D nucleation mechanism. We refer here to a survey paper of Chernov and
Nishinaga [18]. The authors show that in case of a spiral growth step mechanism differ-
ences in supersaturations between corners and centers (with spirals), which occur at crystal
surfaces and are caused by volume diffusion, which, in principle, give non-faceted unstable
growth forms, are suppressed. For most crystals, roughened facets are rarely observed, sim-
ply because they will grow out of the morphology leaving behind other flat orientations.
Yet, the concept of roughening transition is of utmost importance for understanding the
growth behaviour of all crystal faces and, therefore, the resulting crystal morphology.
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6.3.7. Computer simulations and recent experimental observations

6.3.7.1. Computer simulations and roughening  In Figure 6.4 the results of Monte Carlo
computer simulations on a Kossel crystal by Gilmer and Bennema [19] and de Haan,
et al. [20] are presented. In the figure the dimensionless growth rate is plotted against
the dimensionless driving force for crystallization, f§ = Apu/kT, which is roughly equal
to the relative supersaturation. Each curve corresponds to a value of @« =4¢/kT, which
corresponds to a dimensionless reciprocal temperature. It can be seen that, the higher a
or the lower the temperature, keeping the bond strength ¢ constant, the lower the growth
rate. This is understandable because, the lower the temperature of the crystal surface, the
less rough the surface will be on the atomic scale. Furthermore, the flatter the surface, the
smaller is the fraction of growth units arriving at the surface that will actually stick. The
most important finding of the simulations is the change from linear to non-linear (R versus
B) curves. It is now well known that this change marks the roughening transition, which
corresponds for the (001) surface to a value of o ~ 3.2.

These results from computer simulations inspired theoreticians such Gilmer [21],
Knops [22] and van der Eerden and Knops [23], Weeks and Gilmer [24] and van Bei-
jeren [25] to develop a more sophisticated roughening transition theory for the relatively
simple solid-on-solid (SOS) model of the (001) surface of the Ising—Kossel model. The
SOS model implies in this case that, analogous to the SOS model for a 2D step model
treated above, the approximation is introduced that the (001) surface consists of columns
of cells perpendicular to the surface, with heights 4 which vary again in the same way as
the SOS step model. Again, overhangs are forbidden. Van Beijeren [25] developed an alter-
native body-centered solid-on-solid (BCSOS) model. He proved that also for this model a
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FIGURE 6.4. Results from Monte Carlo simulations for several values of the reciprocal temperature @« =4¢/k7T".
Plotted is the dimensionless growth rate R/Kd versus f§ = Au/kT; K is the reciprocal reaction time unit
and d the interplanar thickness. Full squares are results from a general computer [19], open circles are spe-
cial-purpose computer results [20]; solid lines represent theoretical two-dimensional birth-and-spread nucleation
curves; dashed lines empirical fitting curves. The uppermost line represents the maximal rate of growth (of a
kinked or rough surface). This is the so-called Wilson-Frenkel law.
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roughening transition of infinite order occurs. Moreover, he could calculate the roughening
temperature for this model exactly.

The roughening temperature as determined for the (001) face of the SOS simple cubic
or Kossel model from computer simulation data, is somewhat higher than the Onsager—
BCF roughening temperature. The characters of both roughening phase transitions are also
different. The SOS surface has a very smooth phase transition of infinite order while the
Onsager 2D surface model shows a second-order phase transition. For the practice of study-
ing crystal growth phenomena the subtle details of the precise character of the roughening
transition may be not very important. It is, however, most important that different models
do give roughening temperatures, which are close to each other.

It should be mentioned that recently new developments in the theory of critical phase
transitions between surface phases in Ising surface models have been derived by Mazzeo
et al. [26], As compared with the original BCSOS model of van Beieren, these authors
discovered two new surface phases in the BCSOS-CsCl model, namely a disordered flat
(DOF) phase and in the case of repulsive bonds a reconstructed phase. A transition from a
normal flat surface phase to a DOF-like surface phase was to a high a extent, both experi-
mentally and theoretically verified for the (011) face of naphthalene crystals growing from
the vapour phase by Grimbergen et al. [27].
6.3.7.2. Implications of simulations for crystal growth mechanisms In the following we
will focus the attention on the implications of computer simulations for understanding crys-
tal growth kinetics. The non-linear curves in Figure 6.4, for values of @ somewhat larger
than 3.2, can be fitted very well with analytical 2D nucleation birth-and-spread curves.
A birth-and-spread mechanism implies that 2D nuclei are formed by statistical fluctuations;
these nuclei grow (spread) and form expanding terraces while on top of these terraces new
nuclei are formed. Above the roughening temperature the edge free energy becomes zero
so that the barrier for 2D nucleation vanishes. It can be seen from Figure 6.4 that below the
roughening temperature at the lowest supersaturations the crystal surface in fact does not
grow. There is a ‘dead zone’ for which the two-dimensional nucleation barrier is too high.
The higher «, that is, the higher the bond energy or the lower the temperature, the larger is
the dead zone.

Gilmer [21] showed that by introducing dislocations on surfaces which are below their
roughening temperature that, in agreement with the BCF spiral growth theory, in the dead
zones parabolic rate versus supersaturation curves developed.

Since the development of the BCF theory, surface Ising models have shown to be ex-
tremely fruitful to model crystal surfaces and crystal growth mechanisms. However, these
models suffer from the ad hoc approximation that GU’s at the surface have only two prop-
erties: they are in either a solid state or a fluid state. This latter state is a not well-defined
average solute state of a mixture of solute and solvent molecules at the surface. To over-
come these limitations of Ising models, simulations of crystal surfaces have been carried
out using Molecular Dynamics (MD) techniques. Recently Huitema et al. [28] obtained
from MD studies rate versus supersaturation curves for the octahedron and cube faces of
a FCC crystal, consisting of spherical molecules with van der Waals first nearest neighbor
bonds. The measured rate versus supersaturation curves for these MD simulations are very
similar to the Monte Carlo curves as presented in Figure 6.4. This gives a justification for
Monte Carlo simulation studies of Ising systems.

The BCF-Ising—spiral growth model is now, after half a century of theoretical and ex-
perimental research, directly as well as indirectly confirmed for a very large variety of crys-
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tals growing from very different mother phases. During the last ten years both in situ and ex
situ observations were made with advanced optical techniques and additional modern tech-
niques, such as Atomic Force Microscopy (AFM). It is within this context interesting to
mention just one example, namely the recent paper of Tsukamoto et al. [29]. Using highly
advanced optical techniques the {001} surfaces of barium nitrate crystals, growing from
aqueous solutions were examined. Growth spirals could be seen in situ on surfaces with
dislocations and simultaneously growth rate versus supersaturation curves could be mea-
sured on surfaces with and without screw dislocations. The results are in perfect agreement
with the BCF spiral growth theory and simulations. On dislocation free surfaces carried
out under microgravity conditions, i.e., in space, a kind of birth-and-spread 2D nucleation
mechanism could be observed in sifu. In addition, a growth rate versus supersaturation
curve was measured, which was in agreement with the theoretical 2D nucleation birth-
and-spread model. This agrees in turn with results obtained from Monte Carlo simulations
of Ising surfaces and the recent MD studies by Huitema et al. Tsukamoto et al. were so
succesful because growth experiments were carried out under microgravity conditions. In
microgravity, turbulence in the solution is absent; hence impurities present in the solution,
cannot reach the crystal surface. So heterogeneous 2D nucleation is suppressed and homo-
geneous 2D nucleation can be studied.

64. CHEMICAL BONDS AND THE PREDICTION OF MORPHOLOGY. CRYSTAL
GRAPH, CONNECTED NET AND HARTMAN-PERDOK THEORY

6.4.1. Introduction

So far, only crystallography and Ising interface models have been discussed empha-
sizing the importance of the two parameters interplanar distance and roughening transition
temperature. To show the relevance of these parameters for any kind of crystal structure
with the aim to predict the crystal morphology—in principle also in dependence of pa-
rameters like temperature or supersaturation—belonging to this structure we start in this
Section from the crystal graph and give the procedure to derive the connected nets which
are essential to understand the tendency of orientations to become flat. For the time being,
a connected net can be seen as a net parallel to an orientation (hkl) having the interplanar
thickness and consisting of uninterrupted chains of bonds of the crystal graph. For a review
on crystal graphs and connected nets we refer to Grimbergen et al. [31].

6.4.2. The importance of the interplanar thickness for connected nets

In the following we will explore the importance of the interplanar thickness dpy for
connected nets in some more detail. Assume that we have a crystal graph of a particu-
lar crystal structure and that we want to determine the connected nets corresponding to a
certain crystallographic orientation (hkl). Let us assume that we can find a cut from the
crystal graph parallel to the orientation (hkl). The boundary of this cut is in most cases not
flat but wavy. Then, due to the crystallographic periodicity discussed in Section 6.2 after
a repeat distance, being the interplanar distance dpky, exactly the same cut occurs. Note,
that a surface in contact with its mother phase will be deformed as compared with a cor-
responding hypothetical cut in the bulk of the crystal. However if a crystal face with an
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orientation (hkl) is growing below its roughening temperature as a flat face each time that
a previous layer is covered with a new one exactly a same deformed layer will occur. Due
to thermodynamic-statistical surface processes the same surface phases are formed on each
newly formed layer. It is within this context important to note that the thermodynamic and
statistical mechanical equilibrium processes to form a surface phase between crystal and
mother phase is much faster than the process of a moving step.

6.4.3. Procedure to derive connected nets

6.4.3.1. Determination of growth units and bonds from the crystal structure  After study-
ing carefully a known crystal structure first of all the Growth Units (GU’s) have to be
determined. Growth units are molecules, complexes, ions, etc., occurring in the mother
phase from which the crystal grows. Bonds within the growth units are not relevant for the
crystal growth process. The attention is only focused on the overall bonds between growth
units. These bonds are the bonds formed during the crystallization process. The difference
between the energy of these bonds and the energy of the bonds in the mother phase deter-
mines the crystallization enthalpy. We consider bonds in the bulk of the solid and mother
phase. These bonds may consist of many atom-atom pair potentials of atoms being part
of separate growth units. Growth units are defined after considering the information of the
complexes occurring in the mother phase and comparing these complexes with the crystal
structure. Very often, growth units are not well known and then ad hoc hypotheses con-
cerning growth units can be made. Also, alternative growth units can be chosen having
mutually different bonds, which may lead to different morphologies. Comparing the alter-
native theoretical morphologies with the real one, conclusions concerning the structure of
growth units in the mother phase may be drawn a posteriori.

When the growth units are defined, interaction energies in the bulk solid referenced
to vacuum, d)l.‘js , between growth units i and j have to be determined. In the past in the
case of crystal structures of organic crystals like naphthalene, paraffin, fat-crystals, etc.,
overall bonds between molecules were calculated by adding atom pair potentials, occur-
ring between molecules. For each of these pairs overall bond energies were calculated
from reliable Lennard-Jones or Buckingham-like potentials, based on precise atomic dis-
tances which follow from the known crystal structure. Nowadays, software based on force
fields is used to minimize the energy of crystal structures, with respect to the atomic posi-
tions and, if necessary, unit cell dimensions, by using Molecular Mechanics (MM). Overall
bond energies between growth units can be calculated based on the, thus, optimized crystal
structure for the force field used. In this way, for a certain crystal structure broken bond
energies (q&fjs)k, where k stands for the first, second etc., are calculated as broken bond
energy. These energies are broken bond energies referenced to vacuum. It can be cheched
whether the sum of of the calculated bond energies per stoichiometric unit equals the mea-
sured sublimation enthalpy. In most cases crystals do not grow from a dilute vapor but from
(concentrated) solutions. In that case the so-called proportionality approximation may be
introduced, which implies that the ratio of bond energies referenced to vacuum and to a
certain saturated mother phase are supposed to be the same. In order to obtain an approxi-
mation of the actual bond energies, the sum of the bonds energies may be put equal to the
enthalpy of dissolution of the saturated solution from which the crystal grows.This is called
the equivalent wetting principle [8]. Deviations from this principle may be identified and
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further studied in detail; see the survey paper of Liu and Bennema [30]. Alternatively, the
approach of eq. (49) can be used to determine effective overall bond energies.

6.4.3.2. Determination of the crystal graph ~ Once the set of overall bonds between growth
units are selected a crystal graph is defined. A crystal graph is defined as a 3D translation-
ally symmetrical infinite set of points connected by the bonds between the growth units. In
order to define the crystal graph of the crystal structure under consideration, the GU’s are
reduced to points, e.g. the centers of gravity of the GU’s. The bonds of the crystal graph
are chosen according to the methods outlined in the previous section. The set of bonds is
limited by a maximum bond energy, which is usually set to the thermal energy k7T or a
fraction of it. This choice is disputable, but one can always enlarge the bond set to verify
whether this has influence on the eventual morphology prediction. In most cases a limit
of kT suffices. It is important to realize that for the crystal graph it is not necessary to
maintain the point group symmetry; only the tranlational symmetry is essential.

6.4.3.3. Determination of connected nets  From the thus-defined crystal graph the con-
nected nets have to be determined. For complex crystal structures this can be a tedious
job; see the paper of Rijpkema et al. [13] and the survey paper of Bennema and van der
Eerden [14]. Nowadays, computer programs are used for this purpose, using software like
FACELIFT [32] based on the graph theoretical method developed by Strom [33]. It is,
moreover, possible to use software to visualize connected nets and also combinations of
different connected nets for one orientation (hkl). We will, now, give a more precise defi-
nition of a connected net. A connected net (hkl) is a net of GU’s connected by the bonds
of the crystal graph parallel to the orientation (hkl) with a surface translational unit cell
wich has a mesh area equal to the volume V of the crystallograhic unit cell divided by the
thickness the interplanar distance dyy, corrected for the selection rules of the space group
as treated in Section 6.2.8. Moreover, a connected net consists of at least two non-parallel
uninterrupted chains of bonds of the crystal graph, each having an overall direction and
periodicity of a vector [uvw] that have at least one growth unit in common. This latter con-
dition, actually, makes the net connected. These chains are called Periodic Bond Chains
(PBC’s). This definition of a connected net implies that in all directions [uvw] coplanar
with the connected net (hkl) all broken bond energies edge energies are larger than zero.
This is, for example, obvious for the simple net of the (001) face of Figure 6.3. It can be
seen that for this case because of the mere connected PBC’s [100] and [010] the face with
the orientation (001) has a single connnected net (001).

Very often connected nets may be quite complex and consist of many PBC’s. Also for
one orientation (hkl) many different connected nets may occur. Note, that the job aimed
to understand the topology of a stack of alternative connected nets remains a tedious one.
Therefore, recently a new tool was developed to derive the habits of crystals, based on
Monte Carlo Simulation of the growth process using the crystal graph, also in dependence
of the driving force for crystallization. We will come back to this in Section 6.5.

The essence of connected nets lies in their connectedness. Only nets that are connected
according to the definition given in this Section show an order-disorder phase transition at
a finite temperature. As soon as for a net at least one direction [uvw] occurs with an edge
energy which is equal to zero, this net has a roughening transition temperatureof 0 K. Non-
connected nets occur especially for indices (k) that are large and forwhich dpyy is,usually,
small. Note, that here is relation between this latter rule of thumb and the BFDH law of
Section 6.2.8; it can roughly be stated that the higher the indices A, k, [ the thinner the
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nets of the corresponding orientation and the larger the chance that within the interplanar
thickness dp; no connected can be constructed.

6.4.3.4. Edge free energies in relation to connected nets  Up to about 1998, in case more
than one connected net could be identified for one orientation (hkl) the strongest connected
net was considered as the dominant one and for this net the Ising temperature was calcu-
lated. Since that time Grimbergen et al. [31] discovered, realizing that the edge free energy
of the weakest steps for an orientation (hkl) is both from the point of view of the rough-
ening transition as well as from the point of view of a 2D nucleation process the crucial
parameter, that quite often an orientation can have a much lower roughening temperature
than expected on the basis of the bond strengths in the connected net. In such cases the edge
free energy turns out be determined by differences in bond strengths rather than by the bond
strengths of the connected net. In case of the presence of more than one connected net caus-
ing such low edge free energies for a certain orientation an alternative substitute connected
can be defined. Such a substitute net mimics in certain directions [uvw] the relatively low
edge free energy. This is demonstrated in Figure 6.5.

Figure 6.5a shows the crystal graph of a crystal structure that is only slightly more
complicated than the Kossel crystal. The unit cell contains two growth units labeled A and
B that are mutually connected by oblique bonds p and g with bond energies ¢, and ¢y,
respectively. Along the a axes rows of either A or B occur that are connected via bonds a.
The (001) face of this crystal is shown in Figure 6.5b projected along the direction [100].
Thus, only the bonds p and g can be seen in this figure. There are two connected nets
for this orientation that are indicated as slices that are delimited by the dashed lines in

A
(001)20 B

FIGURE 6.5. (a) Model crystal graph with two growth units A and B connected by oblique bonds p and ¢ in the
(100) plane. (b) The two connected nets for the (001) orientation (001){ and (001); seen in the [100] projection,
that is, along the a-bonds. The profiles of 2D nuclei are indicated as ®Be@yé as compared to the surface ¢y 8
without a nucleus. The broken bond edge energy along the [100] direction of the nuclei is 2(¢q — ¢p) for (001);

and 2(¢p — ¢gq) for (001),.
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Figure 6.5b. For each of these connected nets a surface profile with a 2D nucleus on top
of it is drawn by heavy solid lines. The profiles of these nuclei are chosen such that the
edge energy along the projection direction of the nucleus is the smallest possible. If we
assume that the energy ¢, of the p bond is smaller than ¢, of the g bond then the up-
per connected net (001); in the figure will be the most stable one. We will now focus
on this connected net; for the reverse case, an analogous reasoning can be found for the
lower connected net (001),. The edge energy of the 2D nucleus along the [100] direction
for (001); is found by determining the difference in broken bond energy between the sur-
face profile with the nucleus and the one without the nucleus, that is, the difference in
broken bond energy for the profiles afegys and affyé for the upper connected net. For
the 2D nucleus drawn this amounts to (6¢, + 2¢,) — 8¢, = 2(¢, — ¢,,). Note, that this
edge energy does not change when we enlarge the nucleus along the [010] direction; it
is, therefore, independent of the number of GU’s in the nucleus. The edge energy along
the [010] direction, on the other hand, is 2¢), per GU. If we consider the case of a crys-
tal structure for which the bond strenghths p and g are almost the same the edge energy
2(¢p4 — ¢p) along the [100] direction can be much smaller than the bond energies ¢, and ¢,
that make up the connected net. Thus, the roughening temperature for the (001) face will
be much lower than expected on the basis of the bond energied making up the connected
net.

In this case, which is comparable to the case of the (011) face of naphthalene [27],
the two alternative connected nets can be substituted by a single alternative rectangular
connected net with a bond a and a bond with energy (¢, — ¢p) alsoresulting in arelatively
small roughening temperature. A very special case occurs when the bond strengths ¢,
and ¢, are equal due to space group symmetry. Then the edge energy becomes zero and
the face will have a roughening temperature of 0 K. Such a situation is called symmetry
roughening. The orientations for which the space group can lead to symmetry roughening
were studied by Meekes ef al. [34].

Also, in case of orientations with no symmetry releated connected nets or even sin-
gle connected nets the edge energy of 2D nuclei can be lower than expected on the ba-
sis of the bond strengths in the connected nets. We will come back to this issue in Sec-
tion 64.

6.4.4. Hartman—Perdok theory

In the original Hartman—Perdok theory [35] crystallography played an essential role.
The concept of roughening of crystal faces, however, was not part of that approach. In
the Hartman—Perdok theory first the concept of PBC, defined as an uninterrupted chain
of strong bonds, having the overall direction and periodicity [uvw] of the lattice of the
crystal graph was introduced. From a modern point of view it can be said that the strong
bonds are the bonds selected for the crystal graph. Then the, originally, introduced F, S
and K faces are from a modern point of view defined in the following way. An F (Flat)
face (hkl) is parallel to a connected net, which consists of at least two PBC’s, which
within the overall thickness dpk; are connected to each other by bonds of the crystal graph.
Thus, an F face has a finite roughening temperature. An S (Stepped) face is parallel to a
non-connected net consisting of merely one PBC and is expected to be rough. The same
holds for a K (Kinked) face which is parallel to a non-connected net consisting of no
PBC.
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6.5. MODERN MORPHOLOGY PREDICTIONS

In this section we dwell further on the situations for which the edge free energy of 2D
nuclei is smaller than expected on the basis of bonds in the connected net as explained in a
Section 6.4.3.4.

One of the drawbacks of conventional morphology prediction methods is that they
do not take into account parameters like supersaturation or impurities, either in the form
of the solvent, deliberately added impurities (tailor-made additives) or other impurities.
The BFDH-method treated in Sections 6.2.8 and 6.2.9 is based on the assumption that the
stability of a crystal orientation depends on the thickness of the corresponding growth slice
as a measure for the binding energy of that slice, corrected for the selection rules described
in Section 6.2.8. An alternative method that is used almost invariably, nowadays, is the
attachment energy method. The atachment energy method determines the binding energy
in the growth slice, £ slice and uses the relation

ECryst — Eslice + Eatt’ (50)

where E®Y* is the crystallisation energy which is constant for a certain crystal structure
and E*™ is the attachment energy that is released when a growth slice is attached to the
surface. All these energies are usually expressed per GU. The larger the slice energy the
smaller the attachment energy and, therefore, the smaller the growth rate. The attachment
energy method, in fact, is identical to the BFDH-method for isotropic crystal structures.
For non-isotropic structures the method takes better account of the actual bonding energy
in the growth slice. This method has been related to various growth mechanisms by Hart-
man and Bennema [36]. Both the BFDH and attachment energy methods are based on the
growth slice only, thus, neglecting the effect of supersaturation, impurities and further de-
tails of the crystal structure. The effect of impurities has been studied in great detail by
Lahav, Leiserowitz, Weissbuch and co-workers [37]. We will not treat impurities in this
contribution.

The effect of supersaturation becomes eminent when one considers the analytical ex-
pressions for crystal growth mechanisms [38]. In all these expressions there are two essen-
tial parameters namely the driving force for crystallisation Au and the edge free energy y
of a 2D nucleus on the surface. The driving force which is directly related to the supersatu-
ration, obviously, is determined by experimental conditions. The edge energy, on the other
hand, depends on the crystallography of the crystal face under consideration. Moreover,
the ¥ depends on the orientation of the steps that determine the 2D nucleus. If in any direc-
tion along the surface y = 0 the crystal orientation will grow as a rough face and, therefore,
generally will grow out of the crystal morphology as was discussed in Section 6.3.5. There-
fore, a study of the edge (free) energy on a crystal face gives more direct information on the
growth behaviour as compared to the attachment energy. In Section 6.4.3.4 an example was
given where the edge free energy was much smaller than expected on the basis of the slice
energy. This example was an inspiration for further studies on actual crystals for which
the morphology could not be explained by the attachment energy morphology. One, not so
obvious, example of naphthalene was already mentioned [27]. In the case of fat crystals the
elongated plank-like habit was explained by carefully studying the edge free energies as a
function of the length of the alkane chains of the fat molecules [39]. It turned out that the
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FIGURE 6.6. Three experimental morphologies of monoclinic paracetamol grown at (a) low, (b) medium and
(c) high supersaturation in aqueous solution.

fast growing top faces of the crystals could be explained in great detail by the unexpectedly
small edege energies of 2D nuclei on these faces. Moreover, by comparing three different
fat crystal structures with diverse crystal habits the explanation for the diversity was found
in the details of the step edges of the relevant faces, again, leading to unexpectedly small
edge energies for the fast growing faces [40].

The complexity of crystal graphs and the corresponding surfaces led to the develop-
ment of a Monte Carlo algorithm called MONTY based on the actual crystal graph which
opens ways to study the growth behaviour of real crystal surfaces [41]. The formation
of 2D nuclei and the propagation of spirals on crystal surfaces can, thus, be followed in
detail. Growth rate versus supersaturation curves can be simulated and compared to analyt-
ical crystal growth expressions based on more simple models. Edge free energies of growth
steps can be determined from the simulation results, leading to estimates for the roughening
temperatures of the crystal faces. MONTY has been used to explain the growth behaviour
and, especially, the morphology of various crystals ranging from ionic structures like Gibb-
site, AI(OH)3 [42] to molecular crystals like fat crystals [41,43] and paracetamol [44]. The
latter case of paracetamol is illustrated in Figures 6.6 and 6.7.
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Growth rate
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FIGURE 6.7. The growth rate versus supersaturation curves for four faces of monoclinic paracetamol resulting
from the Monte Carlo simulations using MONTY.

Figure 6.6 shows three experimental morphologies of monoclinic paracetamol crys-
tals [45]. The crystal habit changes with increasing supersaturation from needle like to a
more block-like form. This supersaturation dependence cannot be predicted using the at-
tachment energy method. Figure 6.7 gives the growth rate versus supersaturation curves
determined by Monte Carlo simulations on the crystal graph of paracetamol using calcu-
lated bond energies. For these simulations it was assumed that the {110} faces grow via
a 2D nucleation mechanism, while the other faces grow with a spiral growth mechanism.
This assumption was based on the observations of Ristic et al. [45]. The {110} growth
rate curve intersects the ones of the other faces leading to the supersaturation dependent
morphology of Figure 6.6. For further details we refer to the paper [44].

6.6. CONCLUSION

In this contribution we have shown that the more than two centuries old science of
crystal morphology is still very vivid. Conventional morphology predictions like the BFDH
and attachment energy methods have been used for decades with reasonable success. One
of the drawbacks of these methods is that they cannot explain the very often observed
phenomenon of a supersaturation dependence of crystal morphology. Moreover, roughen-
ing effects which are essential to understand crystal growth behaviour are often neglected.
Nevertheless, one of the essential parameters in conventional morphology predictions, the
interplanar distance, is still considered to be essential. Therefore, the concept of interplanar
distance is treated in detail in Section 6.2. Roughening of crystal faces, the subject of Sec-
tion 6.3, is intimately related to the edge free energy of steps on crystal surfaces. During
the last five years it was realised that the edge free energy of a crystal face is not always,
and in fact quite often not, simply determined by the slice energy of the corresponding
growth slice. Therefore, detailed studies of the edge free energies are essential to under-
stand crystal growth behaviour. This is explained in Section 6.3. For that study the crystal
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graph is a very useful tool as explained in Section 6.4. Real crystals, however, usually
have rather complicated crystal graphs. Then, Monte Carlo simulations on real crystals as
treated in Section 6.5 provide a valuable tool to study the growth behaviour. To understand
the results of these simulations the crystal growth mechanism on real crystals has to be
confronted with existing crystal growth theories which are almost always based on very
simple crystal models. It will be a challenge for the future to generalise these theories to
real crystal surfaces.
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Crystal dissolution Kinetics studied
by vertical scanning interferometry
and Monte Carlo simulations:

a brief review and outlook
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Abstract:

Various interferometric techniques have been used successfully to study crystal growth
kinetics of relatively fast growing organic crystals. More recently, vertical scanning inter-
ferometry (VSI) has been applied to investigate dissolution and growth processes of slowly
dissolving rock-forming minerals.

In this chapter, we present an integrated approach of analytical and computational methods
to study mineral dissolution kinetics. VSI is a non-destructive, fast data acquisition method
complementary to atomic force microscopy (AFM). It provides a large field of view and
allows to quantify mineral (solid) surface topographies with up to 1 millimeter height dif-
ference. In addition, VSI is capable of precisely quantifying the processes that occur at the
solid-fluid interface, i.e., dissolution, corrosion and growth processes. The use of a hybrid
reactor allows the parallel investigation of mineral powders and single crystals at identical
experimental conditions. These characteristics make VSI a centerpiece in our approach to
link macroscopic with microscopic results.

At present, processes at the molecular scale can not be studied directly in mineral disso-
lution and growth reactions. Therefore, computational techniques like ab initio, density
functional theory (DFT), and Monte Carlo simulations that treat crystal dissolution and
growth as a many-body problem are important tools to gain insight in the reaction kinetics.
Interferometry techniques provide the possibility to test and link the computational results
to macroscopic observations. AFM can provide additional high-resolution information that
complements the approach.

In our discussion, we first highlight some key questions of mineral dissolution, and focus
particularly on the problem of quantification of surface area, which is important to normal-
ize bulk rates determined from solution chemistry. Another topic is the dependence of the
dissolution rate on the distance from equilibrium (AG). Next, we explain the VSI technique
in some detail and, then, we present brief reviews of recent experimental and theoretical
results of studies that used VSI and Monte Carlo techniques. Finally, we discuss our inte-
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grated experimental and computational approach towards a fundamental understanding of
crystal dissolution based on the available results and show some developments for future
use in this important field of research.

7.1. INTRODUCTION

Crystal dissolution and growth processes occur at the molecular, i.e., the nanometer
scale but they influence or control processes that occur at much larger scales, even at the
global scale. The composition of earth’s soils, waters, and atmosphere is largely determined
by the submicroscopic reactions between minerals and aqueous solutions. And more re-
cently, we have begun to understand the key role that (micro)organisms can play in these
fluid—solid interactions (e.g., Banfield and Nealson [1]). Equally important, our climate is
significantly affected by the same processes if we consider for example some mechanisms
of the global carbon cycle and questions of carbon sequestration. Scientific advice for many
environmentally crucial policy decisions with respect to soil protection, groundwater pol-
lution, waste management, and carbon sequestration requires knowledge of reaction rates
that is sufficiently accurate to permit extrapolation of reaction paths to up to 1000 years
in the future. Therefore, a fundamental understanding of crystal dissolution is increasingly
important andjustifies efforts to understand and quantify the fluid—solid interactions occur-
ring at the nanoscale.

During the last few decades, advanced techniques like electron microscopy, atomic-
force microscopy (AFM), and various interferometry techniques including vertical scan-
ning interferometry (VSI) have been developed and successfully applied to image the crys-
tal surface and to quantify the processes at the fluid—solid interface. These techniques pro-
vide the ability to observe the crystal surface directly. In contrast, other experimental and
analytical techniques seek to measure reaction rates indirectly, i.e., from changes in solu-
tion chemistry. This approach is often easier because the result of a microscopic process
can be quantified at a larger scale over longer periods of time. In this case, rates are inte-
grated over the entire mineral surface. Thus, these experiments cannot resolve the surface
distribution of the integrated rate. By increasing the ratio of surface area to reactor volume,
very slow rates are measurable that are characteristic for many minerals at earth surface
conditions.

Independently of the scale at which the rates are obtained, they need to be extrapolated,
compared, or applied to an often largely different scale (see discussion below). Therefore,
a major goal of all experimental dissolution studies is the application of laboratory data
to natural or technically engineered systems. However, transfer of laboratory data to nat-
ural systems is usually difficult and often unsuccessful (e.g., Velbel [2,31; White [4]). We
suggest here that this scaling problem can be tackled eventually by an integrated approach
based on VSI and AFM that link molecular modeling techniques like ab initio calculations
in combination with density functional theory (DFT), and Monte Carlo simulations with
macroscale analytical techniques. Although, we do not intend to imply that this approach
will be the final solution of the longstanding problem, experimental investigations in the
laboratory in combination with increasingly sophisticated computer simulations are pow-
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erful tools to measure reaction rates and to improve our fundamental understanding of the
dissolution process of crystalline matter.

Ab initio calculations, DFT (e.g., Lasaga [5,6], Cygan and Kubicki [7] and citations
therein) and Monte Carlo techniques (e.g., Van der Eerden et al. [8]; Gilmer [9—-11]; Blum
and Lasaga [12]; Lasaga and Liittge [13—15]) are valuable tools if computer-based predic-
tions of the behavior of kinetically controlled crystal/solution systems are required. Such
computer models need accurate input data if they are to simulate a “real” system. There-
fore, laboratory measurements are needed to produce the input data. Numerous experimen-
tal studies have provided data on the dissolution behavior of many minerals over a wide
temperature range. The result of this effort is a large pool of experimental data too exten-
sive to be listed here in detail, and we refer instead to the following list of review articles:
White and Brantley [16], Kerrick [17], Morse and Arvidson [18] [and refs therein].

Before we focus on the experimental and analytical strategy in more detail, it is impor-
tant to discuss some key problems in the quantification of crystal dissolution. A comparison
of the literature shows that the theory of crystal growth has been successfully developed
over the last fifty years and is now well advanced. In contrast, the theory of crystal disso-
lution has not been developed in a comparable way (e.g., Lasaga [6]; Lasaga and Liittge
[13,15]). A quick answer to this disparity might be that crystal dissolution theory is in fact
not necessary because crystal dissolution can be understood as negative crystal growth.
However, it can be demonstrated that this assumption is incorrect. We will show in the sub-
sequent discussion that crystal dissolution is a complex problem that can not be explained
and quantified simply by changing the sign in a crystal growth rate equation.

7.2. MINERAL DISSOLUTION RATES AND SURFACE AREA

Any quantitative treatment involving fluid flow and reactions of aqueous solutions with
crystal surfaces needs to extract a crystal dissolution and/or growth rate law from exper-
imental data, and this treatment must include the possibility of approaching crystal-fluid
equilibrium. While many computer models routinely input such “rate laws” (e.g., Lichtner
et al. [19]), the experimental studies of mineral dissolution reactions have not provided
definitive results in many cases (e.g., Liittge et al. [20]) except for conditions that are quite
far from equilibrium at the so-called “dissolution plateau”, where the dissolution rate of
a crystal becomes independent of the difference in Gibbs free energy (AG) (for further
information see, e.g., Lasaga [6]). However, extrapolation of laboratory data to either nat-
ural conditions or to repository time scales necessitate a description of the kinetic changes
expected as conditions approach near-equilibrium conditions. As an additional challenge,
we need to understand and quantify not only the interactions between aqueous solutions
and crystalline (or glass) surfaces but also the participation of microbes in this complex
interplay (e.g., Banfield and Nealson [1], and citations therein; Conrad et al. [21]; Liittge
et al. [22]).

A review of the literature reveals that the broad discussion has identified three key
problems. These are: (i) the quantification of dissolution rate as a function of distance from
equilibrium; (ii) the definition and quantification of the “correct” surface area with which
to normalize the bulk rates measured experimentally or in the field (e.g., Hochella [23];
Brantley et al. [24]; Brantley and Mellott [25]; Jeschke and Dreybrodt [26]; Liittge [27];
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and (iii) how to link experimental observations at atomic or near-atomic scales to bulk dis-
solution rates. More generally, these three problems indicate that our understanding of the
dissolution process of crystals is not sufficiently advanced to provide a complete theoretical
description.

Experimentally measured bulk rates have led to a formulation of the dissolution rate
based on the formation of surface molecular complexes by surface reaction with solution
species (e.g., Brady and Walther [28]; Stumm and Wieland [29]; Stumm and Wollast [30];
Van Capellen et al. [31]; Gautier et al. [32]; Oelkers et al. [33]; Lasaga [5]; Casey and
Ludwig [34]; Dove [35]; Blum and Stillings [36]; Oelkers [37]. This approach highlights
the chemical bonding properties of mineral surfaces as well as the role of adsorption-
desorption steps on the crystal dissolution rate. The important role of surface complexes
such as Si—OH, Si—OH;r, Al-OH, A]—OI—[;', Si—O~ in alumino-silicates has been recog-
nized. The equilibrium distribution of surface complexes has also been used to predict the
pH dependence of the rate. The molecular approach, therefore, has emphasized the role of
surface speciation on mineral surfaces as a function of solution composition and temper-
ature. The model then tries to identify particular surface complexes whose activities limit
the overall dissolution rate (e.g., Blum and Lasaga [38]; Oelkers et al. [33]; Oelkers [37]).

As long as the dissolution reaction is surface-controlled, we need to normalize bulk
reaction rates by the surface area involved in the dissolution process to obtain the rate
constant, k, in units of [molm~2s~']. An outstanding question that has received consid-
erable attention in the literature is how to “correctly” quantify the surface area involved
in crystal-fluid interaction (e.g., Hochella and Banfield [23]; Gautier ef al. [39]; Jeschke
and Dreybrodt [26]). Theoretically, there are three different possibilities that could be used
by researchers: (1) geometric, (2) total or BET surface area, and (3) the “reactive” surface
area. However, our discussion will show that practically only BET surface area is a robust
measurement. Geometric surface area is merely an abstraction or estimate, and reactive
surface area is problematic and more of a conceptual tool than a directly measurable quan-
tity. Geometric surface area is usually calculated from the crystal dimensions and ignores
surface roughness (compare e.g., Anbeek [40]). This calculation may also involve assump-
tions of an ideal geometric body, such as a cube, rhombohedron or sphere. If the geometric
surface area is calculated for a mineral powder, it will depend on the way the average grain
diameter of the grain population is computed. Therefore, a value for geometric surface area
derived from a model tends to underestimate the true value.

The term “total surface area” is often used synonymously with BET surface area, which
is measured by gas-adsorption techniques developed in 1938 by Brunauer, Edward, and
Teller (Brunauer et al. [41]). The apparatus measures the adsorption of an inert gas on the
sample surface. A key assumption is that the gas adsorbs in a monomolecular layer on the
sample surface. In practice this technique works well for a relatively large surface area, i.e.,
I m?/gto 1000 m?/g. Smaller surface area values are difficult to measure with sufficient
precision. However, measurements are usually successful down to about 0.1 m?/g by using
krypton. However, the extent to which the BET surface area measurement reflects the total
surface area is a function of both the gas used and the structure of the solid surface. Un-
less the crystal surface is atomically flat, i.e., there is no surface roughness, the total/BET
surface area is always larger than the geometric surface area. Consequently, the calculated
reaction rate constants in [molm~2s~'] are slower than they would be by normalization
with geometric surface area. This fact becomes an important issue if the difference between
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FIGURE 7.1. 3-D false color image of a VSI height map; shown is a calcite cleavage surface (163 um x 124 pm)
after dissolution at 25°C at pH 8.8 for 90 minutes. The z-scale is about 250 nm from top to bottom. The image is
produced by rendering VSI height data with Bryce4 software.

geometric and total surface area is significant with respect to the problem under investiga-
tion. It is likely also that geometric and total surface area will increasingly deviate during
the course of a dissolution process. Model calculations show that the difference between
different types of surface area measurements may change significantly during a dissolution
reaction due to the development of etch pits and other dissolution features (Liittge [27]).

In general, the surface area (however described) will change over the course of a re-
action. The extent to which the surface is self-modifying reflects the balance between two
competing processes: (1) a particle’s tendency to minimize its total surface energy and
exposure to the solution by reducing its area to volume ratio, and (2) the mechanistic re-
striction of possible paths by which the bulk free energy can be minimized, through ma-
terial transfer to solution through propagation of kinks, steps, and etch pits, which tend to
increase the surface area.

The picture may be strongly modified and complicated if we take into account that
the crystal surface is usually not homogeneously reactive, and thus certain areas of the
crystal surface react faster than other areas. This has been observed by scanning electron
microscopy (SEM), AFM, and VSI studies, that often show the formation of etch pits and
canyon-like structures at crystal surfaces during the dissolution process (e.g., Figure 7.1).
These features are often linked to some micro-damage within the crystal lattice (e.g., micro-
cracks) or lattice dislocations (e.g., screw dislocation, line defects or point dislocations) that
form high energy sites at the crystal surface. The observation that some parts of the sur-
face are significantly more reactive while others remain more passive has led to the idea of
reactive surface area (e.g., Hochella [42]; Hochella and Banfield [23]; Lasaga [6]). Unfor-
tunately, this term is merely of conceptual importance because it is currently impossible to
measure reactive surface area. However, the discussion has motivated a reappraisal of the
approach we take to quantify surface area, and it has emphasized the fact that the (reactive)
surface area of a crystal does change during the dissolution process. In this context, the
development towards an often assumed quasi steady-state surface may be questionable.
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As already mentioned above, crystal dissolution rate measurements often suffer from
a scaling problem. Bulk dissolution rates are measured from changes in solution chem-
istry using mineral powders in flow-through reactors, batch reactors, or rotating disk ex-
periments. Measurements on the atomic, i.e., nanometer or angstrom scale are typically
obtained by AFM studies. These investigations can provide rates of step movement on the
crystal surface. Unfortunately, it is not always easy to compare and link rates obtained from
step movement as observed with the AFM with bulk dissolution rates. A key observation
provided by vertical scanning interferometry (see below) is that the variation in rates dis-
tributed over the surface is potentially large. This variation most likely is related to the
concept of reactive surface area. However, what controls the distribution of rates is the
distribution of surface energy. Therefore, if one could understand the relationship between
rate and surface energy then we would have the means to quantify reactive surface area.
This means that our understanding of reactive surface area depends on the determination
of the distribution of sites on a crystal surface. Consequently, reactive surface area is not
just a measurement of surface area in units of em? or m2. In addition, we need to under-
stand the interaction of these surface sites with the solution. While it is not quite possible
to measure distribution and development of sites across a crystal surface in the laboratory,
Monte Carlo simulations that treat mineral dissolution as a many-body problem can do that
precisely (e.g., Lasaga and Liittge [15], and see discussion below).

In the experimental practice, bulk rates are usually composed of an average of various
step rates across a topographically complex crystal surface, and the relationship between
e.g., step density and step velocity is not well understood. It is also likely that the disso-
lution of mineral powder grains is governed by different mechanisms than the dissolution
of relatively large single crystals (e.g., Arvidson et al. [43]). With these considerations in
mind, it is hardly surprising that significant variations in dissolution rates are reported from
single crystal and powder experiments (e.g., Arvidson et al. [44]).

The quantification of crystal dissolution can be even more complicated if we consider
the formation of secondary, i.e., alteration phases (e.g., kaolinite and gibbsite) or the for-
mation of so-called “leached” layers. These effects may become so strong that in some
cases, the reaction control may even shift from a surface controlled process to transport
controlled dissolution, where the transport through the layer of alteration products deter-
mines the rate of the overall dissolution reaction. However, for many geologically relevant
processes, it may be sufficient to use geometric or total surface area for the normalization
of bulk rates but there are other problems, e.g., the prediction of groundwater pollution or
nuclear waste management that require significantly better constraints of mineral or glass
dissolution rates.

It is beyond the scope of this chapter to provide a comprehensive review of the exper-
imental and theoretical progress towards an overall understanding of crystal dissolution.
Also, it is not our goal here to cover the ongoing complex discussion in depth. Instead, we
will address what approaches and developments are necessary to advance our quantitative
understanding of crystal dissolution and how interferometry can contribute towards this
goal. Although we recognize that there are a variety of opinions and possible methods, we
think that direct observations and measurements of the crystal surface during the dissolu-
tion process, in combination with computer models and simulations, hold great potential in
this area. AFM has tackled the task of direct observations at high resolution successfully,
and a growing number of experimental studies has created a valuable pool of data, e.g.,
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Bosbach and Rammensee [45]; Dove and Platt [46]; Eggleston [47]; Higgins et al. [48];
Liang et al. [49]; Teng et al. [50]; Jordan and Rammensee [51]; Lea et al. [52]. However,
it is still unclear in many cases how the detailed high-resolution results produced by AFM
(e.g., precise rates of step movement) can be used to calculate overall dissolution rates of
entire crystals. In addition, AFM’s small field of view is both a handicap and a strength
of the technique. A detailed comparison and comprehensive discussion of AFM and VSI
techniques and their applicability to crystal dissolution and growth processes have been
presented recently by Eggleston and Liittge [53].

Interferometry has been successfully applied to a wide range of problems in crys-
tal growth and dissolution kinetics. In addition to VSI (described below), related tech-
niques include laser Michelson interferometry, real-time phase shifting interferometry, and
in situ differential phase-shifting interferometry. Development is sufficiently advanced and
permits the deployment of miniaturized instruments in exotic environments: e.g., crystal
growth and protein crystallization under microgravity conditions (e.g., Kim et al. [54]).
Several research groups of, e.g., Tsukamoto, Vekilow, and Lal have successfully applied
a variety of interferometry techniques to study organic and inorganic crystal growth ki-
netics (e.g., Vekilov et al. [55-57]; Vekilov and Kuznetsov [58]; Vekilov and Rosen-
berger [59]; Vekilov and Alexander [60]; Booth et al. [61]; Gliko et al. [62]; Kim et al. [63];
Tsukamoto [64,65]; Onuma et al. [66,67]; Maiwa et al. [68]; Yokoyama et al. [69]; Li and
Tsukamoto [70].

In contrast, the application of interferometry to study crystal dissolution has been rel-
atively limited. One exception is the experimental study by Vekilov et al. [71] who in-
vestigated the dissolution morphology and kinetics of the (101) ADP face using X-ray
topography and laser Michelson interferometry. They observed the movement of step pat-
terns to be symmetrical with respect to crystal growth and dissolution, and determined the
limiting undersaturation for the appearance of a dislocation etch pit. This important datum
allowed them in turn to estimate the Burger’s vector/effective free surface energy ratio for
one of the dislocation sources. Experimental results of this quality play a significant role in
our attempt to improve our fundamental understanding of the dissolution process of crys-
talline matter. In this context, our understanding of the dependence of the dissolution rate
on AG, ie., the difference in Gibbs free energy and consequently the saturation state of
the solution, is critical (see discussion below).

At first glance it is surprising that analytical techniques based on interferometry have
not been used more extensively in growth and dissolution studies of minerals. The main
reason is that most rock-forming minerals, particularly the group of (alumino)silicates dis-
solve extremely slowly under Earth’s surface conditions. The following examples illustrate
the experimental challenge to measurement of dissolution rates in the laboratory via direct,
ie., in situ real time experiments. The mean lifetime of a cubic millimeter-sized quartz
grain would be 34,000,000 years in an aqueous solution at 25°C and pH 5 far away from
equilibrium (Lasaga [6] p. 109; Rimstidt and Barnes [72]). The mean lifetime of an alumin-
osilicate, e.g., a feldspar grain (albite, Na[AlSi3Og]) under similar conditions would be
575,000 years (Lasaga [6] p. 109; Burch et al [73]; Knauss and Wolery [74]; Chou and
Wollast [75]). Albite (Na[AlSi3Og]) is an endmember of the solid solution of plagioclase
feldspars, one of the most abundant minerals in the earth’s crust. For a long time, it seemed
therefore not feasible to use interferometric techniques for the measurements of mineral
dissolution rates.
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Slow dissolution rates pose unique problems for any analytical or experimental tech-
nique. These problems can be accommodated through various strategies that come at the
expense of additional complexity, assumptions, and technical requirements.

As discussed above, one possibility is to conduct experiments with fine-grained min-
eral powders in flow-through cells, batch reactors, or column reactors. In experiments that
utilize flow-through or column reactors the dissolution rate is determined from the differ-
ence between the composition of the input solution and the effluent solution. Flow rates,
cell geometry and other experimental parameters (e.g., pH, temperature, saturation state
of the solution) are usually quite well known and controlled. Beside the problem of cor-
rectly normalizing bulk rates by the surface area of the reactant, an additional problem is
often caused by the use of extremely fine-grained powders in stirred reactors. Here, we
have to deal with issues beyond that of surface area alone: “excess” surface free energy,
enhanced solubility, boundary layer transport, characteristic etch pit density, etc. need to
be considered because they may influence measured dissolution rates significantly.

As an alternative to the analytical methods above, one can conduct direct observations
and measurements by VSI and AFM if (1) it is feasible to increase the dissolution rate by
an increase of temperature and/or a change to more extreme pH conditions (assuming the
rate has a strong pH dependence). Note that it may be necessary in some cases to raise the
temperature even up to hydrothermal conditions. (2) Measurements can be conducted ex
situ. Even a combination of the two options may be desirable in some circumstances. There
are pros and cons for each attempt. An increase in temperature is usually possible, but it
often causes significant technical difficulties, particularly for all types of in situ observa-
tions. It is mandatory to pressurize the cell, which must also contain a window to allow
the observation of the sample surface. If a VSI is used, the reference path of the interfer-
ometer needs the addition of a (flexible) compensator to compensate for all changes in the
refractive index of the sample pass. The data measured under these conditions would be
high-temperature dissolution rates, and it is important that the extrapolation of such data
to low temperature environments involves important assumptions regarding invariance of
mechanism, activation energy, and solution components. In general, such an extrapolation
is difficult.

The final approach sacrifices the in situ strategy and seeks to measure surface-normal
retreat (and advance) rates ex situ. This may be not a disadvantage at all; at least in cases
of slow dissolution rates it is often preferable to perform measurements ex situ over days,
weeks or even months (see discussion below).

Maclnnis and Brantley [76,77] have conducted pioneering work using an ex situ ap-
proach. They used Mirau interferometric objectives to study the dissolution of the geo-
logically important mineral calcite. They directly addressed the relationship of dissolution
rate and surface area discussed above. In rotating disk experiments they found the rate
of calcite dissolution, measured by normalization of changes in fluid composition (pH) to
interferometrically-measured surface area, to agree favorably with published rates for cal-
cite powders, and related this rate to the calculated volume removed by etch pits. They
observed a relatively modest rate increase in strained (dislocation-rich) versus unstrained
samples, consistent with a bimodal model for etch pit generation. From the same exper-
imental data set, Maclnnis and Brantley [77] also presented detailed observations of the
nucleation, evolution and interaction of etch pits, and related these processes to a mainte-
nance of a steady state rate.
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Our approach builds on this work and the pioneering work of Maiwa et al. [78],
Ohmoto et al. [79], Onuma et al. [80-82], Tsukamoto et al. [83], Maclnnis and Brant-
ley [76,77], and Maclnnis et al. [84]. We utilize a vertical scanning interferometer in our
experiments as a complementary technique to AFM and mineral powder methods that have
been so successfully applied to quantify dissolution rates of numerous minerals, e.g., car-
bonates, (alumino-)silicates, and barite (e.g., Liittge et al. [20,85]; Arvidson et al. [43,44];
Beig and Liittge [86]). We are using VSI to measure surface-normal advance (or retreat)
of single crystal faces relative to a fixed (unreacted) reference surface. Measurements are
made before, during, and after reaction for fixed time intervals at constant fluid composition
in a temperature-controlled, flow-through cell system. VSI makes it possible to quantify in-
trinsic reaction rates, k, without the need to independently measure the surface area of the
solid (see discussion). Another advantage of VSI is its large field of view, making it pos-
sible to measure absolute rates (see below). Each scan provides up to 100,000 height data
that can be converted into rates. This large number of data allows a vigorous statistical
treatment that can be directly related to bulk dissolution or growth rates. Therefore, VSI
can be seen as the “missing link” between the large pool of nanoscale data produced with
atomic, scanning or tunneling force microscopy and the results obtained from bulk solution
chemistry.

7.3. THE TECHNIQUE

The present generation of vertical scanning interferometers, like the MicroXAM MP8
(ADE-Phase Shift, Tucson), provides high (angstrom- to nanometer-scale) vertical reso-
lution, and a lateral resolution of about 500 x 500 nanometer (with a Nikon 50x Mirau
objective). The lateral resolution of the system depends on the wavelength of the light
source, e.g., 550 nm (green light) and the aperture of the Mirau objective. The MicroXAM
MPS has a field of view of up to 845 x 630 um? (10x Nikon Mirau objective). This range
is large compared to the range provided typically by an AFM. The high vertical resolution
of VSI is achieved by moving the sample surface topography through the focal plane of
the Mirau objective. Only those parts of the surface which are exactly in the focal plane
of the objective produce an interferogram. That means that the CCD camera “sees” only
a partial interferogram at each scan step unless the sample surface is perfectly leveled and
atomically flat. The vertical movement of the sample is achieved by a piezoceramic (PZT).

The VSI is capable of operating in two different modes: (a) using a narrow band of
green light; (b) using white light. White light allows for larger vertical scans, i.e., up to
100 nanometer with better than two nanometer precision or even up to one millimeter
with ten microns precision. The use of green light (e.g., A ~ 550 nm) reduces the vertical
scan height to a maximum of four microns, but improves the precision by an order of
magnitude, and provides angstrom scale vertical resolution. The two microns per second
vertical scan rate allows the acquisition of data orders of magnitude faster than any other
surface mapping technique can provide. As an example, a surface area of almost one mm?
and up to 20 microns of surface relief can be quantified in less than ten seconds.

Figures 7.2-7.4 show a photograph of the MicroXAM MP8 and schematic sketches
of some of the principles of white light VSI, and the flow-through cell design. A more
detailed description of the technique can be found in Liittge et al. [50]. Commercially
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FIGURE 7.2. ADE-Phase Shift's MicroXAM MP8 positioned on an anti-vibration air table and equipped with a
10x and a 50x Mirau objective (Nikon).
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FIGURE 7.3. (A) Sketch of a double-beam Mirau interferometer with CCD camera. (B) Detail of (A) showing
the sample and the reference light paths in the Mirau objective as well as between the objective and the sample
surface. [Adapted from Liittge e al. [85], Figure 1].
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FIGURE 7.3. (Continued). (C) The sketch illustrates how VSI works in principle. Data are acquired by moving
the sample surface through the focal plain of the Mirau objective. Only the parts of the surface that are in focus
at a certain time produce a (partial) interferogram. When the scan is complete, a computer program (Mapvue,
ADE-Phase Shift) is used to analyze the set of interference data and to calculate the actual height map of the
sample surface. [Adapted from Liittge et al. [85], Figure 2].

available state-of-the-art software packages [MAPVUE, ADE-Phase Shift (Tucson) and
self-developed software programs, Liittge et al. [20,85]] in combination with an auto-
mated sample positioning stage allow it to “stitch” several scans together. The task is
accomplished by overlapping two scans by 10%. That means that in case of two scans
that contain 100,000 pixels (i.e., height data) each, 10,000 pixels per scan are identical
(within the error of the measurement) and can be used to match the two scans. In this way,
large data sets can be produce that cover most or all of the entire reactant surface area.
As described previously, the ability to create reference surfaces (Figure 7.5) within the
field of view provides absolute height measurements. As a result, VSI can precisely quan-
tify both the absolute topography of a crystal surface and critical changes in this topog-
raphy due to ongoing dissolution, corrosion, or growth processes. VSI measurements of
surface-normal height changes can then be converted directly into intrinsic dissolution or
growth rates and averaged over the entire solid surface. This leads to a rate constant that
is independent of any external measurement of the surface area, e.g., BET surface area.
Note, that the lateral resolution of the VSI system defines the “footprint” of a pixel (e.g.,
500 x 500 nm), and that each height measurement, therefore, represents an average height
across the pixel.

In this way, the MicroXam system quantifies surface topography in great detail (e.g.,
Figure 7.6). Time-lapse observations quantify the evolution of surface topography (Fig-
ure 7.7a—d). As said above, rates measured with VSI are usually surface-normal velocities
(e.g., Lasaga [5]; Liittge ef al. [20,85]). The change in height, 4, of a given point (i, j) on
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FIGURE 7.4. Schematic diagram of mixed single crystal-powder reactor and associated fluid delivery system
used in combination with VSI. Reactant solution is delivered from a gas-sparged (fixed fugacity) reservoir by a
high-pressure metering pump to the fluid cell. The cell consists of magnetically stirred, titanium alloy volume
(~100 ml nominal capacity) that contains both a mineral powder and mounted single crystal(s). Cell pressure is
maintained by gas-loaded back-pressure regulator (200 bars maximum); temperature is held constant by a ceramic
furnace and microprocessor feedback controller (~350°C maximum). Solution pH is measured after exit from
back-pressure regulator prior to atmospheric exchange and sampling.

the (hkl) crystal surface or cleavage plane during the time interval from #; to 2 is
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where v;, juaty is the velocity of dissolution or growth of every i,j coordinates at the (hkl)
surface in units of [m s~!]. The rate constant, k;, j» is then computed by dividing by the
molar volume (V) of the material dissolved or grown,

ki,j = V(hiiy X vl (2)

Rates computed in this way have units of flux [molm~=2s~']. Now, we have to sum over
all local rate constants, k; j, and take the average,
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FIGURE 7.5. The sketch demonstrates the effect of an internal reference surface. Micron-scale sized spots of the
pristine surface are covered with an inert cement or a “cap” (see Arvidson et al. [43]). These spots are protected
against the dissolution, corrosion or growth process occurring at the rest of the sample surface. After some time,
the mask(s) can be removed and any part of the sample surface can be measured and compared to the reference
spot(s). This procedure allows absolute height measurements.

FIGURE 7.6. The diagram explains how height differences are measured that can be then converted into dissolu-
tion or growth rates. (Top) An initial sample surface with a fixed height reference at #;. (Bottom) The same surface
attime to. The entire surface has now retreated but with different rates—with the exception of the reference spot.
A subtraction of the height data at /; minus the height data at #; produces a height-difference file that can be
converted into surface-normal retreat velocities and into rate(s) (see text for a more detailed description).



222 A.LUTTGE

FIGURE 7.7. VSI topography of a calcite cleavage surface (about 75 pum x 75 pum) after (A) 60 min,
(B) 120 min, (C) 180 min, and (D) 240 min dissolved in an aqueous solution at 25°C and pH 8.8. Orienta-
tion of etch pits is clearly crystallographically-controlled, with progressive etch pit growth giving rise to extensive
coalescence and cannibalization with sufficient reaction progress. [Adapted from Arvidson ez al. [44], Figure 4].

to obtain a rate constant k() for the entire surface. N;; is the number of all pixels, i,j, mea-
sured in a VSI scan; as said earlier, one scan provides typically up to 100,000 data (pixels).
From this treatment, we see that the rate constant is itself not a “true” constant but depends
on the number and distribution of sites across the crystal surface. This approach leads di-
rectly into a statistical treatment of reaction rates on the crystal surface and a revision of
our understanding of the so-called reactive surface area (e.g., Liittge [87]).

The reference surface within the field of view of the Mirau-interferometer objective
allows it to quantify absolute height differences. A longstanding problem was to establish
such a reference surface directly on the mineral surface. Liittge et al. [85] have solved the
problem by masking one or several portions of the mineral surface with an inert adhesive
(Figure 7.5). Different types of adhesives should be used depending on the reactant, temper-
ature and pH range of the experiments. The adhesive can be removed during and/or post-
reaction to expose an unreacted reference plane (e.g., Figure 7.8). By measuring heights
relative to the preserved plane, the computed rates are absolute, and can be compared with
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FIGURE 7.8. The VSI image demonstrates how a “cap” protects a part of the sample surface (anorthite cleavage
surface, treated for 7 hours at pH 8.56, 34 bars, and 200°C). The protected and, therefore, unreacted surface
serves as a height reference after the “cap” has been removed. The surface-normal retreat is ~1 pm adjacent to
the unreacted masked plateau. [Adapted from Figure 1 of Arvidson et al. [43]; see also Figure 7.10, this paper].

those obtained for example from conventional powder experiments. Note that as explained
above, unlike powder experiments, in which reaction rates must be normalized to fotal sur-
face area, rates measured by VSI do not require and are independent of bulk surface area
determinations (compare also discussion in Liittge et al. [20,85].

7.4. REVIEW OF SELECTED RESULTS OF RECENT VSI-STUDIES

In the following, we will discuss the problems identified above in the light of recent ex-
perimental and theoretical results. First, let us focus on two studies conducted to investigate
(alumino) silicate dissolution kinetics.

7.4.1. Anorthite (Ca[Si2Al20g]) dissolution kinetics by Liittge et al. [85]

This paper is the first publication of a series of studies on dissolution kinetics measured
by VSI. The paper provides a detailed description of the experimental/analytical technique.
Liittge et al. used VSI in combination with a white-light source to quantify the dissolution
of a (010)-cleavage surface of a near-end-member calcium feldspar (Angg). A flow-through
cell was used with an aqueous solution at pH 3 (perchloric acid) at 25°C and a fast flow
rate of ten ml per minute and a cell volume of about 2.5 cm>. These parameters set far-
from-equilibrium conditions for the dissolution experiment, and thus the dissolution rate
is independent of AG. The dissolution rates were calculated from surface-normal retreat
rates measured after 48, 84, 120, and 168 h run duration. All measurement were taken ex
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situ: the experiment was stopped, the sample removed from the reactor and mounted on the
interferometer’s stage, and analyses made of the surface topography. Although molecular-
scale alteration of mineral surfaces due to their reactivity in air has been well documented
(e.g., Stipp et al. [88,89]), this alteration is beyond the detection limit of VSI, and thus
will not change the outcome of the measurement. The rates measured by VSI are large
compared to the limits and precision of its vertical resolution (~2 nm), typically several
hundred nanometers per run interval. In this study, absolute height changes were obtained
by masking micron-sized areas of the pristine crystal surface, and thus protecting them
from dissolution. The individual masks were later removed during the experiment, and the
preserved pristine areas of the anorthite surface served then as internal reference heights.
The development of fifteen different areas at the (010)-cleavage surface were studied
by VSI. All scans showed the formation of two different types of etch pits, i.e., numerous
shallow pits and more rare but very deep ones. The corresponding dissolution rates were
2.7 x 10712 and 6.6 x 107'% [mol/cm?/s], respectively. In addition, Figures 7.9a, 7.9b

anorthite t=0nrs

-, ——= dust
140 microns (328 nm)
(A)

anorthite =168 hrs

(B)

FIGURE 7.9. Itis shown the pristine cleavage surface of an anorthite crystal (A) (156 zm x 140 ym measured
with a 40 x Mirau objective). A part of the surface (red) is protected with a mask made from silicon rubber. (B) The
same anorthite surface as in (A) but after 168 hours of dissolution at 25°C (pH 3) with the mask removed. It can
be seen that the unprotected part of the surface has been significantly roughened by etch pit formation and has
retreated, forming a “cliff”.
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[modified from Figure 4 in Liittge et al. [85]] show the formation of a “cliff” after the pro-
tecting mask had been removed. This “cliff” represents the global surface-normal retreat.
However, Liittge et al. did not recognize the significance of this observation although they
incorporated this global retreat into the measurement of the overall bulk dissolution rate
(5.7 x 10-13 [mo]/cm2/s]. The importance of the “cliff’-formation was later recognized
by Lasaga and Liittge [13] (see discussion below).

7.4.2. Albite (Na[AlSi30g]) dissolution kinetics by Arvidson et al. [43]

Arvidson et al. have developed an experimental method for studying and quantifying
the dissolution of both single crystals and mineral powders at identical conditions in the
same flow-through cell. The method employs a titanium reactor that combines the capabil-
ities of two existing experimental designs: single-crystal and mixed flow powder reactors.
The new reactor allows ex situ VSI measurement at elevated temperatures of one or more
single crystals (one masked) in the same volume of fluid as a stirred mineral powder (Fig-
ure 7.10). The elastomeric masking compound is stable up to 250°C, allowing the mainte-

FIGURE 7.10. Scaled figure showing component relationships of hybrid single crystal/powder reactor. (A) 3-D
rendering of VSI data collected from single crystal anorthite cleavage surface (010) showing 1000+ nm of sur-
face-normal dissolution adjacent unreacted (masked) plateau. Masked single crystal (B) is attached to sample
mount (C), which is in turn contained within the reactor volume together with crushed mineral powder (D). VSI
data were collected at pH 8.56, 200°C, 34 bars. [Figure adapted from Arvidson er al. [43], with some aspects
omitted for clarity. Although the data shown in the figure are for anorthite, the albite dissolution experiments
described in the text use the identical setup].
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FIGURE 7.11. 3-D topographic image of an anorthite single-crystal after 7 hours of dissolution at pH 9 and
200°C. A portion of the surface was masked to protect it from reaction and provide an absolute height reference
surface. The height difference between the reacted and unreacted surfaces is approximately | pm.

nance of a reference surface over temperatures typical of burial environments. This feature
also permits VSI study of the kinetics of materials whose reaction rates are otherwise too
slow to be studied at room temperature over run times feasible in the laboratory. Mount-
ing different single crystal cleavage faces allows the variability in rate and mechanism to
be explored as a function of crystallographic orientation during the same run. The abil-
ity to simultaneously react single crystals and powdered mineral samples under the same
experimental conditions will also help to resolve questions regarding the comparability of
dissolution rates derived by different techniques.

The authors used albite (001 and 010 cleavage faces + powder, d < 20 pm) from
Amelia Courthouse, Virginia for a first case study. Key results from this work include the
observation that etch pit distributions and rates determined by VSI are significantly higher
(45-110 x 10~'9 mol/m?/s) on a powder versus large (d ~ 0.6 cm) single crystals (4.5 x
10719 and 6.8 x 10710 mol/mz/s, (010) and (001) faces, respectively). In contrast, the
rate determined from changes in solution chemistry is 7.0 x 1070 mol/m?/s, suggesting a
“reactive” surface area of less than 16% of the total BET surface area. These results imply
considerable complexity in the relationship between absolute and “bulk” reaction rates, and
confirm earlier suggestions that rates may be a nonlinear function of grain diameter (e.g.,
Holdren and Speyer [90]).

7.4.3. Calcite (CaCO3) dissolution kinetics by Arvidson et al. [44]

Current studies of calcite dissolution rates at pH ~ 9 using VSI (Arvidson et al. [44,91])
have produced the following central results:
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FIGURE 7.12. Calcite dissolution at pH ~ 9, 25°C. (A) Cleavage surface of calcite after 3 hours total dissolution,
showing boundary between unreacted surface (left) and reacted area (right) with etch pit development. (B) Profile
across this boundary, showing that the total change in surface topography as the sum of a slow “global” disso-
lution (‘G’) and local rapid removal at etch pits (‘E’). Adhesive mask residue is present only between P’ and
‘R’. Line separating ‘G’ and ‘E’ is parallel to original cleavage surface. (C) 3-dimensional height map showing
shallow, coalescing etch pits. [481]4 and [#41] steps show “rounding”, x, y scale bars are 10 zm, z =100 nm.
(D) Gradient height map of insert from (C) showing coalescent etch pits. Height bar spans 88 nm. [Adapted from
Figures 3A and 3B of Arvidson ez al. [44]].

(1) Calcite dissolution is dominated by the removal of material at etch pits, with a mea-
sured rate of 10710 [mol/cm?/s] (Pc0210‘3‘41 atm, pH 8.8, 25°C). This rate is
consistent with measured step velocities in published AFM work (Lea et al. [52]),
assuming a step density ~9 pm=!,

(2) In areas outside of major etch pit development, the removal process is limited by a
slower, “global” rate of 10~11-%% [mol/cm?/s], although the ultimate coalescence of
etch pits renders this rate measurable only at early run times (Figures 7.12a, 7.12b).

(3) The rate of surface-normal retreat in areas of etch pit development is 5-100 slower
than rates derived from experiments using mineral powders or single crystal rotat-
ing disks (Figure 7.13).



228 A.LUTTGE

S 73 SRR TSR . DSSD. SAPY. SO

log rate (mol/cm?/s)

pH

FIGURE 7.13. Variation in published calcite dissolution rates far-from-equilibrium as a function of pH. Note
lower VSI rates (solid square ‘“VSI’ and ‘VSIg’ relate to total dissolution rate and “global” rate, respectively (see
also Figure 7.12 this paper). [Adapted from Figure 1 of Arvidson et al. [44]].

Although not fully resolved, the most likely reason for the differences between VSI and
powder data is the higher reactivity and accelerated dissolution at grain edges or bound-
aries, along which cleavage step density is maximized (Figure 7.14). Because the ratio of
edge (boundary) length to surface area in a free grain varies as the reciprocal of grain diam-
eter, this creates the possibility of a nonlinear relationship between grain size and specific
dissolution rate. As particle size increases, the contributions of material from edge reac-
tions relative to etch-pit-controlled wasting on terraces becomes negligible, and the “bulk”
rate of very large particles may approach the surface-normal-retreat rate measured by VSI.

7.4.4. Dolomite (CaMg(CO3)z) dissolution kinetics by Liittge et al. [20]

The authors have studied the dissolution rates and mechanism of three different cleav-
age faces of a dolomite crystal from Navarra, Spain using the same vertical scanning inter-
ferometer techniques previously used in the anorthite study (Liittge ef al. [85], see above).
On the three sample surfaces, Liittge ef al. monitored a total of 37 different regions (each
about 124 x 156 microns in size) as a function of time during dissolution at 25°C and pH 3.
The dissolution process produced shallow etch pits with widths reaching up to 20 microns
during eight hours of dissolution (Figures 7.15, 7.16). They reported that the depth devel-
opment of etch pits as a function of time was remarkably similar for all pits on a given
crystal surface.

An increase of dissolution rate from near zero to 4 x 10~ [molem=2s~!] over a
run duration of five hours was calculated based on etch pit distribution and volume as a
function of time. The authors found that the time variation was different for each of the
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FIGURE 7.14. Schematic illustration of the possible distribution of steps and kinks on a mineral particle, illus-

trating higher “cleavage” or macro-step and kink densities at crystal face boundaries than flat terraces. [Adapted
from Figure 7 of Arvidson et al. [44]].
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FIGURE 7.15. (A)-(C) SEM photomicrographs of a dolomite cleavage surface in different magnifications. Rel-
atively shallow etch pits have formed during the dissolution process at pH 3 and 25°C. In comparison, these etch
pits appear much deeper and more cone-shaped in the VSI measurements (compare e.g., Figure 7.16). This effect
is due to the large exaggeration of the z-scale in VSI measurements. [Adapted from Liittge et al. [20], Figure 2].
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FIGURE 7.15. (Continued).

three cleavage surfaces studied (Figure 7.17). In addition, the absolute dissolution rates
of different parts of the dolomite crystal surface were computed by using the internal
reference technique described above. The different surfaces yielded an “average” rate of
1.08 x 107! [molem™2s~'] with a standard deviation of 0.3 x 10~ !! [molem=2s~!]
based on about 60 analyses. The mean absolute rate of the dolomite surface was about
ten times slower than the rate calculated from etch pit dissolution alone. However, earlier
published batch rate data that used BET surface areas yielded rates that were at least 30
to 60 times faster than their directly measured mean dissolution rate for the same pH and
temperature.

Liittge ef al. also present a conceptual model for mineral dissolution that has been
inferred from the surface topography obtained by the interferometry investigations (Fig-
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FIGURE 7.16. Series of four line-profiles that show the development of a single etch pit in a rhombohedral
dolomite cleavage surface after: (A) 30 min, (B) after 60 min, (C) after 90 min, and (D) after 180 min of dissolution
in hydrochloric acid solution (pH 3) at 25°C and 1 bar. [Adapted from Liittge et al. [20], Figure 7].
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FIGURE 7.17. (A) Three-dimensional view of a dolomite cleavage surface (164 gm x 124 jm) after reacting
for 60 minutes with a hydrochloric acid solution (pH 3, 25°C, 1 bar), and after a mask made from silicon rubber
has been removed. Notice the small plateau used for reference; (B): blow-up of the reactive-non-reactive interface
shown in (A); (C): contour plot of the same region after reacting 60 minutes; (D): line profile along the white line
indicated in (C). [Adapted from Liittge er al. [20], Figure 14].

ure 7.18). This model is derived in detail by Lasaga and Liittge [13,14]. In their model,
mineral dissolution is not dominated by etch pit formation itself but rather by extensive
trains of steps that originate at the outskirts of each etch pit. These stepwaves control
the overall dissolution process as well as its dependence on temperature and saturation
state.

7.4.5. Barite (BaSQy) dissolution kinetics by Fewless and Liittge [92]

Barite is a commercially important mineral in the oil and gas industry, both as a com-
ponent of drilling fluid, and because of its tendency to form scales during production. There
is also recent recognition of the role of barite in biogeochemical cycles (e.g., Dickens
et al. [93]). Barite (BaSQOy4) has long been used in studies of growth kinetics; initial nucle-
ation theory results were produced using barite (Nielsen [94]). Barite was chosen because
of its high insolubility (Kgp = 107%%%; Blount [95]), the lack of a significant gas phase, its
structural and compositional properties as a simple, binary solid, and the ease with which it
can be grown at room temperature. This latter property eliminates the need for mechanical
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(A)

(B)

FIGURE 7.18. The sketch demonstrates how etch pits can generate steps (A). (B) shows that the lateral move-
ment of steps across the crystal surface can form a “cliff” or plateau if a part of the surface is protected against
dissolution (or corrosion).

grinding to produce reactant powders. Cleavage on barite’s (001) surface is perfect and can
yield an atomically flat surface, making it ideal for AFM and VSI studies (see also Becker
et al. [96]). Recent work is described below.

Fewless and Liittge studied barite dissolution by using VSI to examine the development
of the (001) cleavage surface directly, at 25°C in both pure water and water + EDTA. In
experiments similar in design to those described above for carbonates the authors quanti-
fied the surface-normal retreat as a function of time and fluid composition. All experiments
were conducted at “far-from-equilibrium” conditions. SEM and VSI studies showed the de-
velopment of different dissolution features beside a global surface-normal retreat, e.g., etch
pits and canyon-like structures (Figure 7.19). The etch pits are attributed to screw disloca-
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FIGURE 7.19. Various VSIimages ofa (001) cleavage surface of barite taken after 10 hours of dissolution. Masks
were present during dissolution to preserve a pristine reference surface and were removed prior to data collection.
(A) Scattered etch pits showing lineation in a different direction then the cleavage steps. (B) Coalescing etch pits
following cleavage steps to form trenches. (C) Many etch pits in the process of coalescence. (D) Larger etch pits
beginning to coalesce.

tions while the “canyons” are attributed to line defects. This result suggests that different
dissolution processes contribute to the overall dissolution rate. The authors reported a het-
erogeneous distribution of etch pits across the surface, with some areas containing only a
few scattered pits, while other areas were totally covered with pits. Etch pit morphology
evolved during the course of the dissolution. Initially, pits were circular and cone shaped
but the diameter and depth of the pits increased and developed crystallographically defined
faceted walls. Others, however, maintained their conical shape. Statistical evaluations of
the VSI results show that the two different types of etch pits occur in zones. Figure 7.19
shows the evolution of a typical (001) barite surface during dissolution in pure water.

Barite (001) surfaces dissolve at a reported rate of 5 x 1078 [molm™2s~!] 42 x 1078
[molm~2s~'], in pure water (18 MS2cm). This rate is slightly faster then reported AFM
rates of 4 x 10~% [molm~2 s~1] which were taken at 5°C higher temperatures, i.e., ~30°C
(Dove and Platt [46]). However, the AFM rate was calculated based on step movement
measurements and may be altered due to the heterogeneity of the dissolution process. In
the presence of EDTA, which is used in several technical applications, dissolution rates of
the (001) barite surface was expectedly faster.
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7.5. SUMMARY AND DISCUSSION

The selection of VSI studies reviewed above has produced a number of observations
and reaction rates that are specific for the minerals investigated. Beyond these details there
are results that can be generalized and therefore lead to more fundamental insight. The
most important result is that the direct (VSI) studies of the dissolving surface topography
not only show the formation and development of numerous etch pits but also another quite
general phenomenon: after some reaction time that varies depending on the mineral type,
crystallographic orientation, and experimental conditions, the surface spots that had been
masked and, therefore, protected against the dissolution attack always formed plateaus.
This observation indicates that the entire mineral surface is retreating significantly during
the dissolution process. Lasaga and Liittge [13] termed this overall surface normal retreat
“global dissolution” (compare also Liittge et al. [20,85]; Arvidson el al. [44]). Note that
the flat, often smooth parts of the crystal surface between the developing etch pits were
previously thought to be passive, i.e., nonreactive, or at least much less reactive than the
pitted surface. The VSI studies have modified this picture, suggesting that the dissolution
process could be quantified by measuring the height of the plateau as a function of time.
The VSI studies conducted so far indicate that the global dissolution is fairly uniform and
systematic over the entire crystal surface. However, we have recognized that the dissolution
process can be quite heterogeneous at a small scale, and the picture may change over a
long reaction time (Arvidson and Liittge [97]). An example that the dissolution process is
often quite uniform and systematic are measurements of the surface retreat for 60 different
regions of three different cleavage surfaces in dolomite (see above). All produced the same
drop of surface topography to within 25% (Liittge e al. [20]). Another important result is
that, in most cases, neither the local development of etch pits nor their ultimate coalescence
can account for the dissolution of the entire surface. Therefore, a universal process must
govern the bulk crystal dissolution.

Lasaga and Liittge [13,14] showed that VSI results on dolomite dissolution (Liittge
et al. [20]) can be interpreted by looking for effects generated by the etch pits beyond the
impact of the localized formation of “dissolution holes”. This model can now be extended
and generalized to interpret the similar results of other mineral dissolution studies (see
above). The importance of etch pits stems not only from the localized formation of a “hole”,
i.e., simple mass removal but in their ability to generate a continual sequence of steps.
Direct observations by VSI show that the outskirts of etch pits consist of locations where
the crystal surface first drops significantly from the pre-etch pit level. At the outskirts of the
etch pit, therefore, one always finds steps. This consideration is in agreement with AFM
observations, e.g., by Jordan and Rammensee [51]. The steps, however, are not static but
can move into the rest of the mineral surface. In this way, the moving step “peels” away the
top molecular layer. After this step moves far enough from the center of the dislocation-
generated etch pit, another step can then be generated at the outskirts of the etch pit. The
continuous movements of these steps into the crystal surface produces a train of steps,
which Lasaga and Liittge [13] termed “dissolution stepwaves”.

The mechanism described above leads directly to a model of crystal dissolution in
which the overall dissolution rate no longer depends on the mass removed by localized
dissolution at etch pits, but is eventually controlled by the generation of step waves at the
outskirts of the pits. Dissolution rate thus depends on the rates of step movements and
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the step density. In this model, etch pit walls represent maximum step densities, while flat
terraces represent a minimum in step density. Therefore, both parameters, step density and
rate of step movement can serve as basic descriptors of crystal dissolution rates, and step
spacing must in turn represent a combined functional dependence on kink nucleation rate
and step velocity. This dependence can be better understood if we remember that kink sites
must be generated to “move” the step. For example, a perfect step will be stable as long
as no atom is released from the step. It takes a higher activation energy to remove the first
molecule. The removal of the first molecule generates two kink sites. Now, the molecules in
the kink positions can be removed with less activation energy, and since kink sites are self-
reproducing, molecule after molecule can be removed with the same low activation energy.
As aresult, the step will move one molecular row forward. Based on these considerations,
the coupling between kink sites and step movement, and as shown in Lasaga and Liittge
[13,14], crystal dissolution can consequently be treated and understood as a many-body
problem.

7.6. COMPUTER SIMULATIONS

Building on the increasing power of computers and based on the assumption that the
dissolution kinetics of crystals are not necessarily governed by a single rate-controlling
elementary reaction but can be treated as a many-body problem, Lasaga and Liittge [13-
15,98] have developed a sequence of computer simulations with increasing complexity.
These simulations range from a very simple model (Lasaga and Liittge [13,14]) that treats
the crystal structure as being composed of molecular “blocks”, to models of AB and A3B
molecular structures (Lasaga and Liittge [15]) to “real” mineral structures like that of anor-
thite (Ca[Al»Si2Og]) and albite (Na[AlSizOg]) feldspars or phyllosilicates (e.g., Lasaga
and Liittge [98]). All these models make extensive use of Monte Carlo techniques as used
earlier by, e.g., Blum and Lasaga [12]). The reaction mechanism is generated by a com-
bination of elementary reactions, i.e., bond breaking and bond forming, as well as some
basic reactions, i.e., the dissolution of surface units (units = molecules), adsorption and
incorporation of solution units, and surface mobility of surface units. In addition, the crys-
tal structure is incorporated to calculate all the interactions of neighboring atoms as well
as possible defects (e.g., screw or point dislocations). This approach is different from ap-
proaches based on either precursor complexes or adsorption models (compare e.g., Gautier
et al. [32]; Oelkers et al. [33] and Oelkers [37]).

Monte Carlo techniques treat crystal dissolution or growth as a stochastic process.
Rates of microscopic processes, e.g., the bond breaking/forming processes during disso-
lution are translated into probabilities (Van der Erden et al. [8], Gilmer [9-11]). Also, the
interaction between the solution and the solid can be simulated by arrival rates (probabili-
ties) of molecules from the solution at the crystal surface and vice versa for the departure
rates (probabilities). Therefore, it is no problem to adjust the model for variations, e.g., in
the saturation state of the solution. We can illustrate the procedure for the elementary re-
action of bond-breaking/forming with a simple example from Lasaga and Liittge [15]. Let
us assume that the total number of bonds between two A molecules (i.e., A—A bonds) on
the dissolving surface is N a4, and that the total number of broken A—A bonds on the same
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surface is NTOKN. If steady state for these processes is assumed, then we can write

Nbroken k

A~ “
Naa ky

where k_ and k. are the rate constants for the breaking and the formation of an A—A bond.

If there are a few bonds broken at any one time, then Naa ~ N}{’}\ ~ constant. As aresult,

the probability that any one given A—A bond is broken is given by

Pap=—. (5)

If we ignore all other complexities in the dissolution process, e.g., arrival of ligands and
other units, surface diffusion, etc., then, the rate of dissolution of units with » bonds would
depend on the number of A units with n bonds on the surface, Nf?- It would depend also
on the probability that all » bonds are found broken at the same time (although the actual
breakdown of each bond occurs as a separate event)

dissolution rate = (PAA)”N,?. (6a)

This last equation can be rewritten as

K2\
rate= [ — | N2, (6b)
k n

+

The comprehensive approach that was used in Lasaga and Liittge [15,98] includes other
complexities in the dissolution process, e.g., arrival of ligands and other units, surface diffu-
sion, etc. This example nicely illustrates the potential of this general approach. The authors
were able to analyze fundamental concepts such as activation energy, surface free energy,
the solubility product, inhibition and catalysis, and the dependence on the saturation state
of the solution. The crystal-based reaction mechanism used in the simulation has lead to
a unified explanation of many experimentally observed water-rock features. In addition, it
has produced a series of unexpected but essential modifications of kinetic results that had
not been completely understood before.

The ability to model the processes at the molecular level is of particular interest be-
cause, as highlighted before, there are currently no analytical techniques available that
allow observation of these processes in the laboratory. Therefore, it is even more important
to improve our capabilities to simulate the processes at the molecular level. The increasing
speed of computer processors and the ability of parallel processing will allow us to treat
to large systems with millions of molecules in the near future. If successful, this work will
help to produce valuable insight into crystal dissolution kinetics and will provide the tools
to predict dissolution behavior that can then be tested by experiments.

Currently, results are based on relatively small solid models of 80 by 80 or 200 by
200 molecules per layer. We use mirror boundary conditions which create a quasi end-
less crystal surface. However, the first results are promising. As an example, Figure 7.20
is generated by a computer simulation (Lasaga and Liittge [13]) and shows a typical sce-
nario of the stepwave model introduced above. In an idealized case, on a freshly cleaved
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FIGURE 7.20. Monte Carlo simulation for the formation of an etch pit at the site of a screw dislocation. It can
be seen that the pit generates steps that move outwards and lower the surrounding crystal surface. The smallest
height of a step is one molecular unit. Steps that show a larger height, i.e.. a multiple of a molecular unit have
“bunched” and do not move any more.

unreacted crystal surface, the surface is initially (atomically) Hat and free of etch pits. In
crystal dissolution studies, experimentalists often attempt to create such initial conditions.
However, we know from AFM, VSI, and SEM observations that in reality actual mineral
surfaces are much more complex. When the crystal surface is exposed to the solution,
etch pits will develop if the saturation state is far enough removed from equilibrium (see
discussion in Lasaga and Liittge [13-15]). During this stage of the dissolution process,
etch pits are surrounded by the remaining flat cleavage surface. Without an absolute ref-
erence present, the observation of this kind of topography would suggest that the disso-
lution is all coming from the etch pits themselves. However, throughout the dissolution
process, stepwaves from each of the etch pits have been lowered the entire mineral surface
(Figures 7.18, 7.21). It is important to note that different from “real” waves, e.g., electro-
magnetic waves, these stepwaves can not constructively or destructively interfere with each
other. As aresult, the actual surface topography would look like that in Figure 7.22, exhibit-
ing a uniform surface drop if a reference surface were available (as in the interferometry
investigations).

Natural crystals always contain dislocations, and consequently there are many disloca-
tions outcropping on a cleavage surface. These dislocations produce many etch pits during
dissolution (e.g., Berner and Schott [99]). As explained above, the general formulation of
the rate constant is based on the velocity and separation of the steps generated by each etch
pit. If the mineral surface had only one etch pit site, the steps would move out like waves
on the surface (Figure 7.23). The dissolution, i.e., the surface normal retreat at any point on
the surface would depend on the passage of each wave. If we think of each step as having
a step height of A#, then after the passage of the first wave, the surface will move down
by Ah. After the second wave passes our spot, the surface will move down another A#h.
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Multi-Etch Pit Dissolution Waves

FIGURE 7.21. Computer-generated sketch shows “stepwaves” moving outward from their centers (etch pits).
The trains of steps do not truly “interfere” with each other, they eliminate each other. Therefore, the front of steps
generated by multiple etch pits is not significantly larger than the front generated by just one pit. This observation
can explain why the dissolution rate of a crystal does not depend strongly on its etch pit density (compare also
Lasaga and Liittge [13,14]).

Based on this model, Lasaga and Liittge [13,14] have derived the following fundamental
rate law:

1
rate = ’Uoo(l — eAG/kT)tanh(m)f(rpit), (7)

where the key function f (rpit) is:

ov  u{rjy

| —e kT e kT
S rpi) = (1 - —T)' ®)
1 —efT

where AG is the difference in Gibbs free energy, k is Boltzmann’s constant, T is absolute
temperature, rpj is location of the (step) velocity minimum (A), x5 1s a surface diffusion
distance expressed in molecular units, o is the surface free energy, and v is the molecular
volume.

This expression formally links the velocity of a step itself with the free energy available
for the dissolution reaction, and predicts the overall dissolution rate for crystals based on the
expansion of etch-pit induced stepwaves. This equation can be understood as the counter
part to the Burton—Cabrera—Frank (BCF) equation for dislocation-step-controlled crystal
growth (Burton et al. [100]).

Calculations based on this rate law can help to explain a number of long standing
problems and observations, e.g., the fact that dissolution rates do not vary within the same
range dislocation densities on crystal surfaces do. The rate law can also be used to fit the
AG dependence measured in a number of flow-through experiments using mineral powders
(e.g., Figure 24, Lasaga and Liittge [13—15]). These theoretical considerations have in turn
provided the basis for Monte Carlo computer simulations described above.
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Initial Time to Steady State

(B)

FIGURE 7.22. Computer-generated sketch shows “stepwaves” moving outward from a center of a single etch
pit. (A) As long as the front of the stepwave has not reached the edge of the crystal, steady state is not reached.
(B) Steady state has been established after the front of the steps has reached the outskirts of the crystal face, and
step spacing and step movement are constant.

7.7. FUTURE WORK

Future work will focus on two general approaches: (1) further development of exper-
imental/analytical techniques like VSI and AFM that allow the direct observation of the
processes at the crystal surface, and (2) more powerful Monte Carlo based computer sim-
ulations that treat crystal dissolution and growth as many-body problems. As mentioned
above, Liittge and Lasaga [98] have shown recently that it is possible to simulate “real”
crystal structures of feldspars, e.g., albite and anorthite, or phyllo-silicates, e.g., phlogo-
pite or muscovite, with large numbers of atoms. It will be important to expand the size of
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FIGURE 7.23. VSI/Bryce4 image of a dolomite cleavage surface dissolved for 1 hour at pH 3 and 25°C. The
false color image shows that the lateral movement of pit generated steps has formed a “cliff” where the surface
was formerly protected by a mask. [Modified from Figure 1A of Lasaga and Liittge [13]].

4
I ———_——_— —
g3 e 8
& % » 14 Gibbsite
c E e
(=] c = .24 |
= QO o w
i = o
° E 2 o 31 |
[ o E
8 B i
B ae |
- 5 [ ] |
5 . - '
2 A A5 A0 05 0.0 B
0.0 . ' . ; = 0.5 e ey l
Qg5 4 O e e e e PR
£33 28
® ® Kaolinite
c E 104 4 e E 0.5 l 1
@ E
£ 2 g8
= 2 s 2 10+ I E
2 E S E
3= g o |
=2 W o
8 20 Labradorite | 5o 151
25 v . v v v 20 U |
A50 425 400 75 S0 25 0.0 C 4 5 4 3 2 4 0o 1 2 D
AG (Kcalimole) AG (Kcal/mole)

FIGURE 7.24. Comparison of the full dissolution theory (Lasaga and Liittge [2,3]) with four published experi-
mental data sets generated by Burch et al. [73] (albite); Taylor et al. [107] (labradorit); Nagy and Lasaga [108]
(gibbsite); and Nagy et al. [109] (kaolinite).
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such Monte Carlo simulations to a size representing a significant part of a crystal surface.
Parallel processing and improvements in optimization will allow the modeling of systems
composed of many millions of molecules. Systems of this size can be explored in terms of
distinct surface sites, step—step, and step—dislocation interactions. Computer simulations of
this size and quality are the prerequisit for a direct comparison of high-resolution laboratory
observations at the mineral surface.

Such a combined approach will allow the investigation of crystal dissolution and
growth kinetics from a quantum mechanical to the macroscopic scale. Of course, mod-
eling holds the most promise for those processes that are beyond the reach of laboratory
experiments but, in addition, model predictions based on molecular simulations should be
tested experimentally to provide a robust link between results from the nano-, micro-, and
macroscale.

We recognize that earlier applications of ab initio and DFT have suffert from the fact
that calculations always had to be conducted for molecule clusters in the gas phase (e.g.,
Xiao and Lasaga [101,102]). However, we are now able to model, e.g., feldspar dissolu-
tion in a much more realistic manner. Recently, Xiao and Liittge [103] have presented a
simulation where solute molecules are surrounded by solvation shells and solvent water
is modeled as a dielectric continuum (compare also Kubicki [104] and Cygan and Ku-
bicki [7]). The combination of such “realistic” ab initio and DFT based calculations with
Monte Carlo simulations will allow the prediction of crystal dissolution in laboratory ex-
periments. These predictions can then be tested if analytical tools like AFM and VSI are
available that allow the direct observation of the crystal surface and the quantification of
the dissolution process.

At this point, it is important to note that currently computer simulations based on Monte
Carlo techniques allow us to investigate and visualize kinetic processes at the molecular
scale, while, at least in the forseeable future, neither VSI nor AFM will be capable of
accomplishing this task, even if AFM is already capable of providing “true” atomic, i.e.,
angstrom-scale resolution. With respect to VSI, it is our goal to modify and complement
the VSI hardware and software in a way that it will provide extensive in sifu capabilities in
the forseeable future (Liittge [105]).

Developments are already underway that will significantly improve the lateral reso-
lution of VSI (Liittge [105], Sawyer ef al. [106]). As discussed above, the current VSI
MicroXAM system acquires images with lateral pixel spacing of ~500 nm by using a 50x
Mirau objective. There are other methods like AFM for acquiring higher resolution images
of surfaces but none have the non-destructive character of VSI. In addition, VSI features
significantly faster data acquisition and provides a field of view orders of magnitude larger
than high-resolution AFM. The non-destructiveness is highly desirable for imaging sur-
faces involving living microorganisms.

We are optimistic that our new approach will help to improve the lateral resolution
of VSI to better than 100 nanometers, i.e., 0.5 to 1 order of magnitude more resolution
than currently available, while the vertical resolution should remain better than 1 nanome-
ter. This exciting development is based on the use of current VSI methods but exploiting
the addition of a high-precision (sub-pixel) sample positioning stage. This technology al-
lows now the positioning of samples with a precision at the single digit nanometer scale.
We utilize the piezzo-positioning technique to acquire multiple overlapping images of the
sample surface, offset by sub-pixel spacing offsets. The acquired images, which have the
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original resolution of the standard MicroXAM interferometer, are then assembled into a
single image with finer pixel spacing. The resulting image is equivalent to a blurred and
defocussed higher resolutionimage. The image is restored to a higher resolution by digital
image restauration (deblurring). Experiments with synthetic height maps with perfect data
(i.e., full floating point resolution in three dimensions, and known point spread function)
have already demostrated the great potential of this approach (Sawyer ef al. [106]). How-
ever, we recognize that the VSI data are not perfect. The basic images from the VSI have
very good, but limited, vertical resolution. Because digital deblurring methods involve tak-
ing numerical derivatives of the surface height of the sample, they are very sensitive to noise
and rounding errors. We support that this will ultimately define the limit of the improve-
ment of the lateral resolution. Therefore, we will apply this strategy seeking progressively
higher resolution until the method fails to yield additional improvement. This has the po-
tential to make VSI a true nano-scale analytical technique and would have a broad range
of applications in a variety of fields. VSI could become the first non-destructive instrument
that could quantify surface topography and reaction rates with “true” nanoscale-resolution.
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Machining with chemistry:
controlling nanoscale surface
structure with anisotropic etching

Melissa A. Hines*
Department of Chemistry, Cornell University, Ithaca, NY 14853-1301, USA

8.1. INTRODUCTION

For more than three decades, the size of commercially available micromachined de-
vices has decreased exponentially. In the microprocessor industry, these advances are cod-
ified by “Moore’s Law,” which states that the density of transistors on a microprocessor
doubles every 18 months [ 1,2]. As widely acknowledged, this rapid evolution has had enor-
mous scientific, technological and cultural benefits. What is perhaps less well recognized
is that the capital costs associated with these advances have also increased exponentially.
Some have termed this scaling “Moore’s Second Law” [3]. With the cost of new semicon-
ductor fabrication lines now in the billions of dollars [4], there is increasing impetus to find
new methods for nanoscale machining.

In contrast to current nanofabrication techniques, chemistry is an inherently atomic-
scale process. Can chemical etching be used to control nanoscale structure? Chemical ma-
chining is by no means a new idea. Almost 200 years ago, mineralogists used anisotropic
etchants—etchants that selectively attack specific crystallographic planes—to reveal the
inherent symmetry of crystals [5], In the 1950s, scientists showed that macroscopic single
crystal spheres could be selectively etched to form cubes [6], dodecahedra [7] and other
geometric shapes [8]. More recently, aqueous bases, such as KOH and TMAH (tetramethy-
lammonium hydroxide), have been used to machine self-aligning, ultraflat Si(111) surfaces
for applications ranging from precision nozzles for ink-jet printers [9], to textured surfaces
for solar cells [10], to nanoscale V-grooves for novel microelectronic devices [11]. Ad-
vances in scanning probe microscopy have shown that this chemical precision extends to
the atomic scale.

*E-mail address: Melissa.Hines@cornell.edu
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Nevertheless, there are many challenges in turning this concept into a workable re-
ality. Very little is known about the connection between etchant composition, chemical
reactivity and nanoscale morphology. Theories of chemical reactivity are based on local,
atomic-scale considerations, such as steric hindrance, relative electronegativity and struc-
tural rigidity, which have an effective range of no more than a few nanometers. Nanoscale
structures, on the other hand, develop over the course of many such reactions—tens or hun-
dreds of monolayers may need to be removed to reach the final, steady-state morphology.
Is the final structure with its potentially long length scales, a simple consequence of the cu-
mulative effect of many short-scale events, or do more subtle perturbations, such as strain,
contamination or even random fluctuations, come to dominate the final morphology?

In the following, I will present atomic-scale studies of three types of nanoscale surface
structures that can be produced by chemical etching and explain the chemical processes
that govern the production of ultraflat surfaces, nanoscale textured surfaces, and nanoperi-
odic surfaces. All of these studies involve aqueous silicon etchants, which are of interest
because of their widespread use in the microelectronics and MEMS (microelectromechan-
ical systems) industries; however, the same principles will apply to the etching of many
materials. One of the biggest problems facing the etching community is the rational devel-
opment of new etchants with controlled properties. In the final section, I will present a new
technique for the development of anisotropic etchants, which provides further insight into
the atomic-scale processes that govern etching.

8.2. PRODUCTION OF EXTREMELY FLAT SURFACES

For reasons that are poorly understood, the mechanical, chemical, and electronic prop-
erties of nanoscale structures are often strongly influenced by their surface and interface
morphologies. For example, atomic-scale roughness of the Si/SiO; interface in a MOS-
FET gate can reduce the mobility of electrons in the channel by a factor of four [12]. More
recently, energy losses in 50-250 nm silicon resonators have been shown to be propor-
tional to their surface-to-volume ratio [13], suggesting that surface effects, such as surface
chemistry or morphology, play an important role in mechanical energy dissipation at the
nanoscale. Atomically flat surfaces are also needed for many scientific applications, such
as neutral atom focussing [14].

Can chemical etching produce the atomically flat surfaces needed for these applica-
tions? Intuitively, a chemical etchant that selectively etches defect sites, such as steps and
kinks, much faster than terrace sites would be expected to produce a flat surface. But what
are the limitations to this perfection? Would an infinitely anisotropic etchant, an etchant that
only etches defects, produce an atomically perfect surface? Relatively flat surfaces can also
be produced by thermal annealing, a purely thermodynamic process. Can chemical etching
ever “beat thermodynamics” and produce surfaces flatter than the equilibrium limit?

The production of a macroscopically perfect surface, one with absolutely no steps or
defects, that is tens or hundreds of centimeters in diameter is likely impossible, as macro-
scopic cutting tools are limited to an accuracy of =0.1°. Because of this, all macroscopic
surfaces are actually vicinal surfaces with an average atomic step spacing of 2100 nm or
less. Given this, the flattest possible macroscopic surface must have regularly spaced vic-
inal steps, as illustrated by Figure 8.1a. A surface with unequally spaced steps, such as
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FIGURE 8.1. The long-range roughness of a vicinal surface is controlled by the step distribution. (a) A perfect
surface, and (b) a rough surface produced by one-dimensional step flow etching.

the one pictured in Figure 8.1b, would have pronounced long-range roughness even if the
individual terraces were perfectly flat. A “perfect” etchant must therefore meet two crite-
ria: it must produce perfect, unpitted terraces as well as evenly spaced atomic steps. The
second criterion seems especially challenging, as it would seem to require very long-range
chemical interactions between etching steps.

In the following, I will show that the repeated action of simple, site-specific chemical
reactions can lead to very long-range structural effects. In some cases, chemical etching
can be used to create surfaces that are very flat (even on long length scales), whereas
other etchants are inherently unstable, and lead to bumpy surfaces that are covered with
etch hillocks. Interestingly, infinitely anisotropic etchants, which only etch defect sites,
do not produce the flattest possible surfaces. In fact, a low density of etch pits induces a
phenomenon known as dynamic step—step repulsion which suppresses the development of
long-range roughness.

8.2.1. Step-flow etching and long-range roughness

The simplest and most commonly invoked type of etching is step-flow etching. In this
mechanism, step edges are assumed to be infinitely more reactive than other sites on the
surface; however, etching steps are not allowed to undercut one another. Since the etchant
selectively attacks step edges, the etching steps appear to retreat or flow across the surface.
Etch pits cannot be nucleated, so step flow etching must lead to perfectly flat surfaces on
short length scales. But what about longer length scales, where the roughness is controlled
by the spacing of atomic steps? In this case, the dimensionality of the surface becomes
important.

The surfaces in Figure 8.1 illustrate the one-dimensional limit, where there are only two
types of surface sites, steps and terraces. In this dimension, step-flow etching continuously
roughens the surface, but it does not lead to step bunching (e.g. the predominant production
of double- and triple-steps). In fact, the rough morphology in Figure 8.1b was produced
by prolonged step-flow etching of the perfect surface in Figure 8.1a. In one dimension,
prolonged step-flow etching leads to a random distribution of steps.
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One common measure of surface roughness is W, the rms roughness, which is defined
to be

W =/{(z(x) — 2(x))?), (h

where z(x) is the height of the surface at position x, z is the best fit line to z(x) and the
brackets denote an average over the entire surface. In one dimension, step-flow etching
leads to a divergent rms surface roughness that scales as D'/}, where D is the number of
monolayers etched. Although commonly used, the rms surface roughness is a relatively un-
informative measure. First, W contains no information about the distribution of the rough-
ness. For example, it cannot distinguish between rippled (one dimensionally rough) and
bumpy (two dimensionally rough) surfaces. Second, for a given surface morphology, W is
not uniquely defined. Instead, it is highly dependent on both the resolution of the surface
probe (i.e. the density of z measurements) as well as the lateral extent of the averaging.
Because of this, the rms roughness measured from a large image is almost always larger
than the roughness measured from a smaller image of the same surface.

If atomically resolved images are available, terrace width distributions (TWDs) are a
more informative measure of surface roughness. Obviously, the TWD of the flattest pos-
sible macroscopic surface would be a delta function centered at L, the average distance
between steps. Since step-flow etching of a 1D surface leads to a random distribution of
steps, the normalized terrace width distribution Pyp(w) is simply an exponential,

Pip(w)=e Y/t (2)

where w is the terrace width.

The situation is more complex in two dimensions, as there are at least two different
types of step flow etching. In this section, I will consider the simplest and most commonly
invoked model of step flow etching, which allows for the etching of only two different
surface sites: steps and kinks. In the next section, I will discuss the surprising role of etch
pits, which are the result of a finite terrace etch rate. Finally, I will discuss a more compli-
cated type of step flow, which is kinetically unstable. In all of these cases, undercutting is
explicitly forbidden—a reasonable approximation for most experimental systems.

In two dimensions, two kinks are produced when a single atom is etched from an oth-
erwise perfect step. Once formed, subsequent etching of a kink site removes that kink site
and generates a new kink at a neighboring site. When repeated many times, sequential kink
etching effectively leads to the “unzipping” of a single row of atoms from the step. In the
(unphysical) limit where the kink etch rate is infinitely faster than the step etch rate, this
two-dimensional model reduces to the previously discussed one-dimensional model, and
the TWD is exponential.

The effects of site-specific etching on two-dimensional surface morphology can be
studied quantitatively using an atomistic kinetic Monte Carlo (KMC) simulation of surface
etching. All of the KMC simulations described here were performed with a simulator devel-
oped by Flidr et al. [15] which models the full structure of the Si(111) surface, including the
interlayer stacking pattern, and all possible reactive sites within the solid-on-solid approxi-
mation. Toroidal bounds are used to simulate an infinite surface. The simulations typically
start with a perfect miscut surface. Before the simulation begins, a site-specific etch rate
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FIGURE 8.2. (a) Pure step-flow etching of two-dimensional surfaces leads to modest step—step repulsion and
a terrace width distribution similar to that of an equilibrium surface. (The discrepancies between the simulated
distribution and the equilibrium distribution are due to the small size of the simulation, as discussed in ref. [17].)
(b) A low rate of terrace etching, which produces a low density of etch pits, increases the long-range smoothness
of the surface and narrows the terrace width distribution.

is assigned to each type of surface site (e.g., kink, step, terrace). During the simulation,
single atoms are randomly removed from the lattice subject to their assigned site-specific
etch rates. Diffusion of surface atoms and redeposition of etch products was explicitly for-
bidden. Both of these approximations are excellent for the aqueous etching of silicon.

When only step and kink etching are allowed, step flow etching results, and the mor-
phology of the etching step is solely determined by the ratio of the step etch rate (i.e. the
kink nucleation rate) to the kink etch rate (i.e. the rate of unzipping) [16]. When the kink
etch rate is much faster than the step etch rate, nearly straight steps are produced, as illus-
trated by the simulated morphology in Figure 8.2a. In contrast, when the two etch rates are
comparable, a relatively rough step morphology is produced (not shown).

Two-dimensional step flow etching leads to much smoother surfaces than one-
dimensional etching [17], as illustrated by the terrace width distributions in Figure 8.2a.
Regardless of the step morphology, the two-dimensional model leads to a near-Gaussian
TWD. This distribution implies that the etching steps are repelling one another, even though
there are no repulsive forces in this purely kinetic model.

This weak step—step repulsion is a kinetic effect that is due to the high energetic barrier
to undercutting. (In the KMC model, undercutting is explicitly forbidden, which implies
an infinite barrier.) When a statistical fluctuation causes two steps to collide, only a short
region of the two steps are affected. During the collision, the colliding length of the trailing
step must stop etching to avoid undercutting the leading step. Regions of the trailing step
that are adjacent to the collision continue to etch. As a result, most collisions will slightly
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reduce the curvature (i.e. kink density) and the total length of the trailing step in the region
close to the collision. These morphological changes have no effect on the leading step, but
induce a transient decrease in the trailing step etch rate. In effect, step collisions introduce
a small negative feedback into the step—step distribution. In the absence of collisions, all
steps propagate (i.e. etch) at the same average rate. When two steps collide, the trailing step
transiently slows, allowing the leading step to pull away.

As aresult of this negative feedback, step-kink etching leads to surfaces with relatively
smooth morphologies on both short and long length scales. Interestingly, the long-range
morphology produced by step-kink etching is nearly identical to that produced by simple
thermal annealing. At high temperatures, steps fluctuate due to the continual detachment
and reattachment of atoms from the step edge, and the step morphology is determined by
the relative energies of step and kink sites [18]. Since the energetic cost of creating an
overhang is high, colliding steps do not cross. These avoided crossings reduce the total
number of allowed step configurations (in comparison to an isolated step) and increase the
step free energy. Because of this, there is an apparent entropic repulsion between steps—
thermodynamics favors a well ordered series of steps. In the absence of long-range strain
fields, the equilibrium morphology has a near-Gaussian TWD [19] which is essentially
identical to that produced by step-kink etching.

Of course, the similarity between the TWDs of etched and annealed surfaces does not
imply thatetching produces an equilibrium surface. On the contrary, the etching simulation
is far from equilibrium, because redeposition of surface atoms is explicitly forbidden.

8.2.2. Beating thermodynamics: the surprising role of etch pits

The step-kink model of step flow etching presented in the previous section is overly
simplistic, as most etchants also attack terrace sites with a finite probability. Even though
the terrace site etch rate is often orders of magnitude slower than the rate of kink and step
etching, the density of terrace sites is typically orders of magnitude higher than the density
of defect sites. As a result, terrace site etching cannot be ignored. In fact, a low density of
etch pits can have a profound affect on the long-range roughness of the etched surface, as
this section will show.

When a terrace site is etched on an otherwise flat terrace, an etch pit is nucleated.
To a first approximation, this etch pit can be modeled as three or four unit-length steps
(depending on the symmetry of the lattice). Once nucleated, subsequent step etching will
cause the etch pit to grow in diameter. Etch pits cannot grow indefinitely. On a vicinal
surface, their lifetime is usually limited by step-flow etching. When a step collides with an
etch pit on the terrace above the step, the pit first attaches to the etching step, creating an
indentation in the step, and is then “erased” by subsequent step etching. Because of this,
the average etch pit size and density is determined by kinetic competition between etch pit
nucleation, which is governed by the terrace etch rate, and etch pit annihilation, which is
governed by the rate of step flow etching and thus by the relative rates of step and kink
etching.

The effects of this kinetic competition are illustrated by the three steady state etch
morphologies in Figure 8.3. All three of these simulated morphologies were generated
using identical site-specific rates of etching. The only difference between these surfaces
is the surface miscut (i.e. the average step density). When the step density is high, the
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FIGURE 8.3. KMC simulations of terrace-step-kink etching using identical site-specific kinetics but varying step
density. (a—c) The density of etch pits is controlled by the surface miscut, and (d) the step-density dependent etch
pit density leads to a step velocity that is proportional to the mean terrace width.

pit annihilation rate is also high. As a result, Figure 8.3c has a relatively low density of
small etch pits. In contrast, a surface with a relatively low step density, such as the one in
Figure 8.3a, develops a higher density of pits, and these pits grow to a larger size before
they are annihilated.

Etch pits have an indirect, but sometimes profound, effect on step flow etching. For
simplicity, consider the case where kink etching is much faster than step etching. As il-
lustrated in Figure 8.3, rapid kink etching leads to the production of nearly straight steps,
because step unzipping is much faster than kink nucleation. In the absence of etch pits,
every step will flow with the same average velocity, independent of the step density. This
velocity will be determined by the rate-limiting reaction—kink nucleation. The situation
changes when etch pits are present. When a step collides with an etch pit, new kinks are
also created. Under these kinetics, the rate of step flow etching, and thus the step velocity,
is determined by both the kink nucleation rate and the etch pit density. As a result, the step
velocity is step-density dependent. Wide terraces lead to fast etching steps, while narrow
terraces lead to slow etching steps, as shown by average velocities in Figure 8.3d.

As a result of this step-density dependent step velocity, etch pits can suppress long-
range roughness, as shown by the two morphologies in Figure 8.2. Both of these surfaces
have the same miscut, and both were etched with the same site-specific rates of kink and
step etching. These surfaces differ only in the assumed rate of terrace etching: the surface
in Figure 8.2a is pit-free, whereas the surface in Figure 8.2b has a low density of tiny etch
pits. Even by eye, these two surfaces have dramatically different terrace width distributions.
Many step—step collisions are visible on the pit free surface, and the terrace width distri-
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FIGURE 84. Steady state morphology of Si(111) miscut by 0.3° towards the (! 12) direction etched in stirred
NH4F(aq). (a) STM image showing equally distributed single atomic layer steps. (b) Distribution of terrace widths
based on 168 data points. For comparison, the (calculated) equilibrium distribution is also shown.

bution is comparable to that of an equilibrium surface, as expected from the discussion in
Section 8.2.1. In contrast, the pitted surface has a more uniform step distribution, and the
TWD is significantly narrower than the equilibrium distribution.

This pit-induced narrowing of the TWD is due to a second form of dynamic step—step
repulsion that is mediated by the step-density dependent step velocity. For concreteness,
consider the three marked steps in Figure 8.2b. Because of statistical fluctuations in the step
etch rate, step A is too close to the step preceding it (step B), while step B is somewhat too
far behind step C. Since pit density is determined in part by the terrace width, the narrow
A-B terrace is pit free, while the wide B-C terrace has a number of small pits. Because of
this anisotropic pit distribution, the laggard B step will soon collide with the pits, increase
its etch rate, and begin to catch up to C. In contrast, step A will not accelerate, as there are
no pits in its path. As a result, the pit-induced, step-density dependent step velocity leads
to negative feedback in the TWD.

Although both forms of dynamic step—step repulsion were originally observed in atom-
istic simulations [17], kinetic terrace width narrowing was later experimentally measured
in the NH4F(aq) etching of Si(111) [23], as shown by the data in Figure 8.4. To a first ap-
proximation, NH4F(aq) is a prototypical terrace-step-kink etchant towards vicinal Si(111)
surfaces (when the miscut is towards the (112) direction.) By comparing Figure 8.4a to ki-
netic Monte Carlo simulations, the kink/step etch ratio is estimated to be 250, whereas the
kink/terrace etch rate ratio is ~~10® [16]. This pronounced anisotropy leads to surfaces of
exceptionally low short- and long-range roughness. On an atomic scale, these NH4F-etched
surfaces are characterized by large defect-free regions (~10% A%) separated by small pits.
The remarkable regularity of the etched surface on longer length scales is confirmed by
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the terrace width distribution in Figure 8.4b. For comparison, the calculated TWD for a
(unstrained) surface in thermal equilibrium is also shown.

These data clearly show that chemical etching can produce smoother surfaces than
simple annealing, at least on long length scales. In contrast to annealing, the chemical
etch is carried out at room temperature, where it will have no effect on the overall thermal
budget. The repeated action of simple site-specific surface chemistry, which is sensitive to
surface structure over no more than /21 nm, leads to surprisingly long-range correlations in
surface morphology. This observation also suggests that there is no one “perfect etchant,”
as the etchant needs to be tuned to the surface miscut. High miscut surfaces will need a
higher pit nucleation rate than low miscut surfaces.

8.3. THE PRODUCTION OF TEXTURED SURFACES: ETCH HILLOCKS

In the previous section, I showed that simple site-specific chemistry can produce sur-
faces of exceptional long-range smoothness, but other etchants are known to spontaneously
produce etch hillocks (i.e. bumps) with length scales ranging from nanometers to mi-
crons [24]. What controls the production of these features? And their length scale? Can
their size be controlled chemically? Their shape? Their formation? From a scientific stand-
point, these are probably the most perplexing and most challenging questions facing the
etching (and growth!) community. Unfortunately, there are currently no good general an-
swers to any of these questions, and atomic-scale studies are just beginning to explain these
phenomena.

The formation of macroscopic etch features is not just an intellectual curiosity—it is
a major technological concern as well. For example, aqueous silicon etchants are widely
used in the production of MEMS, such as the accelerometers used to trigger automobile
airbags. In these systems, macroscopic surface roughness is often thought to be detrimental.
Interestingly, there are some cases where the controlled production of rough surfaces may
be beneficial. For example, photovoltaic manufacturers sometimes boost the light-trapping
properties of solar cells by texturing the surface with chemically generated microscopic
pyramids [10]. Since asperities decrease the effective contact area, rough surfaces may also
be less susceptible to stiction, a major problem in MEMS [25].

In the following, I will first provide an overview of the leading theory of hillock for-
mation and point out some of the limitations of this theory. I will then give two examples
where atomic-scale studies of etching have yielded further insight into the hillock forma-
tion process. In the first example, atomic-scale step bunching, the presumed precursor to
hillock formation, is shown to be very sensitive to solution homogeneity, suggesting that
bunching can be driven by either the local build-up of etch products or the depletion of
reactants. In the second, and much more unexpected, example, I will show that some site-
specific chemical reactions are inherently unstable and lead to the production of two- and
three-dimensional etch hillocks.

8.3.1. Kinematic wave theory

The first, and by far the most commonly invoked, theory of hillock formation is a
one dimensional model of step flow etching that was proposed essentially simultaneously
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FIGURE 8.5. The three different types of step bunching predicted by one-dimensional models: (a) concave,
which may be formed during local etchant depletion, (b) convex, which may be induced by contamination, and
(c) facetted.

by Frank [26], who described growth hillocks, and by Cabrera and Vermilyea [27], who
described etch hillocks. (Technically, a one-dimensional model describes macrosteps, not
hillocks.) Both of these theories were based on kinematic waves [28], a mathematical con-
struct developed to model flow in one-dimensional fluids (e.g., rivers).

In kinematic wave theory, etching is only allowed at step sites, and the etch rate (or
velocity) vsep of an individual step is assumed to be only a function of the local step
density, Psep:

Ustep = Jf (Pstep)- (3)

If the steps etch independently (i.e. no step—step interactions), all steps will move with the
same velocity, independent of local step density and miscut. Under these kinetics, kine-
matic wave theory predicts that hillocks will be unstable.

The situation is very different if the step velocity is step-density dependent. For ex-
ample, consider a case of very rapid step-flow etching in which the etchant is somewhat
depleted in the vicinity of each etching step. This depletion would be enhanced in regions
of locally high step density. Not surprisingly, this situation leads to step bunching in much
the same way that my grandmother, a notoriously slow and timid driver, causes traffic
jams. When a random fluctuation brings two steps close to one another, enhanced deple-
tion causes the pair to travel more slowly. This slowing allows the step behind the pair to
catch up, which leads to slower etching of the step trio, and so on. Mathematically, this
scenario occurs when

OVstep/ IPstep < 0. 4)

Kinematic wave theory shows that a function of this general form will lead to the produc-
tion of concave step bunches as shown in Figure 8.5a.

A second type of kinematic wave is also possible. For example, consider an etching sur-
face that is exposed to a continuous flux of contaminants. During etching, new surface sites
are continuously exposed by step flow. If the flux of contaminants is uniform, the probabil-
ity of contaminating a specific site on the surface increases with its exposure time (i.e. the
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time since etching of the previous step uncovered this site). As a result, the contaminants
will be anisotropically distributed across the surface. Sites that are at the upper edge of a
wide terrace will have a high probability of being contaminated, while those at the upper
edge of a narrow terrace will have a small contamination probability. If contaminated sites
etch more slowly that clean sites, a reasonable scenario, narrow terraces, which have a low
probability of contamination, will etch more quickly than wide terraces. Mathematically,
this relationship leads to

3Ustep/apstep > 0. (5)

This situation is similarly unstable, and kinematic wave theory predicts the formation of
convex hillocks as sketched in Figure 8.5b.

In summary, kinematic wave theory predicts the formation of kinetic instabilities—
macrosteps or etch hillocks—during step flow etching in any system where the etch rate of
individual steps is step-density dependent. At least in one-dimensional systems, no other
criteria must be met. Conversely, systems where the steps etch with a constant rate, inde-
pendent of step density, should be stable to macrostep formation, at least in one dimension.

In the almost 45 years since Frank, Cabrera and Vermilyea produced the first model
of step bunching/macrostep formation, many other models have been advanced to account
for these phenomena. Almost all theories of step bunching or macrostep formation re-
quire some type of step density dependent step velocity. This dependence can be intro-
duced by many different physical phenomena, such as elastic strain [29-31], anisotropic
diffusion [32] (e.g., Ehrlich—-Schwoebel barrier [33-35], electromigration [36—40]), conta-
mination [41-44] and the buildup of reaction products [45]. Although these mechanisms
differ in their details, they all have the same mathematical underpinning—a step-density
dependent etch/growth rate.

Only one type of step bunching does not require step-density dependent etch rates. In
a number of systems, macrostep formation has been explained experimentally [46,47] and
theoretically [48,49] by the existence of a thermodynamically stable facet near the original
surface orientation as illustrated in Figure 8.5¢c. For example, vicinal Si(111) surfaces form
large (7 x 7)-reconstructed, (111)-facets separated by step bunches at temperatures near the
(7 x 7)-(1 x 1) phase transition [46]. This type of facet-driven macrostep formation leads
to very straight macrosteps that bound well-defined facets.

Kinematic wave theory, as originally formulated, has two major limitations. First, the
step density dependence is symmetric; kinematic wave theory does not distinguish between
the upstairs and downstairs directions. Because of this, kinematic wave theory cannot ex-
plain the pit-induced long-range smoothing of surfaces described in the Section 8.2.2, even
though this phenomenon is also driven by a step-density dependent step velocity. Second,
kinematic wave theory does not include effects due to the two-dimensional, extended na-
ture of surface steps. As shown in Section 8.2.1, this increased dimensionality leads to
weak step—step repulsion that is similar to equilibrium entropic repulsion. In spite of these
limitations, the simplicity of the model is compelling.

8.3.2. Atomic-scale step bunching and solution inhomogeneity

One of the major predictions of kinematic wave theory is that etch hillocks may
be formed by localized inhomogeneities at the etchant/surface interface. These inhomo-
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FIGURE 8.6. Steady state morphology of Si(111) miscut by 0.3° towards the {112} direction etched in unstirred
NH4F(aq). (a) STM image showing step bunches. The number of steps in each bunch is indicated. (b) Distribution
of terrace widths based on 146 data points. The equilibrium distribution is shown for comparison.

geneities can be introduced by the depletion of the etchant or by the build-up of reaction
products. To the extent that a two-dimensional surface can be modeled as a one-dimensional
array of steps, kinematic wave theory predicts the formation of macrosteps with a charac-
teristic concave or convex shape.

Solution homogeneity has a profound effect on the nanoscale morphology of vicinal
Si(111) surfaces etched in aqueous NH4F solutions. When the solution is homogenized by
stirring, this etchant produces surfaces with very evenly spaced steps and a narrow terrace
width distribution, as discussed in Section 8.2.2 and shown in Figure 8.4 [23]. Surprisingly,
surfaces etched in an unstirred etchant of identical composition have a dramatically differ-
ent steady state morphology as shown by the STM micrograph in Figure 8.6a. This surface
is dominated by step bunches. The 0.35° miscut of the surface dictates an average step—
step spacing of 50 nm; however, both double and triple steps are seen in the STM image.
These bunches cannot be explained by facet formation, as the bunches frequently curve.
Step bunching also has a profound effect on the TWD, as shown by Figure 8.6b. Instead
of the narrow, near-Gaussian distribution characteristic of stirred solutions, unstirred solu-
tions produce a bimodal distribution that cannot be explained by site-specific chemistry in
a homogeneous etchant.

The marked dependence of etch morphology on stirring strongly suggests that solution
homogeneity plays an important role in determining the final morphology. The observed
terrace width distribution can be qualitatively explained by a simple one-dimensional
model of step-flow etching that includes contributions from both dynamic step—step re-
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FIGURE 8.7. AFM image of macrosteps formed on 7°-miscut vicinal Si(111) surfaces etched in 70°C, 50% (w/v)
KOH for 45 min. The dashed line indicates the position of the bottom cross-section. The inset is a magnified region
showing the existence of atomic height steps between the macrosteps.

pulsion and step-step attractions due to solution inhomogeneity [23]. The importance of
solution-phase inhomogeneities on a 50 nm length scale is surprising, given the rapidity
of diffusion in solution. At some length scale, diffusion should be fast enough to remove
these inhomogeneities. Interestingly, surfaces with much more closely spaced steps do not
bunch, even in unstirred solutions. In fact, surfaces with an average step—step spacing of
5 nm displayed the near-Gaussian terrace width distribution expected of a homogenous
solution [23].

In summary, the formation of step bunches during NH4F etching of Si(111) surfaces is
qualitatively consistent with the predictions of kinematic wave theory. This system is not
ideal for further study, though, as NH4F is a very slow etchant. Uncontrolled contamination
would be unavoidable during the very long etch times needed for the production of large
macrosteps.

In recent experiments [50], macrostep formation was observed in one of the most
common silicon etchants, aqueous KOH; however, these macrosteps are in apparent vi-
olation of kinematic wave theory! Vicinal Si(111) surfaces etched in KOH develop pro-
nounced macrosteps (small miscuts) and hillocks (large miscuts); however, kinetic mea-
surements are consistent with a constant, step density independent step etch rate. Why then
do macrosteps and hillocks form?

Figure 8.7 shows images of huge macrosteps that spontaneously formed on 7°-miscut
vicinal Si(111) surfaces during a 30 min, 70°C KOH etch. On these surfaces, a uniform
array of atomic steps would have a step-step spacing of 2.6 nm. In contrast, the macrosteps
have a characteristic spacing of a few microns and heights ranging from =20-500 nm
(65-1600 atomic steps!). On an atomic scale, the macrosteps must be regions of high step
density—step bunches. Perhaps more interestingly, the AFM images suggest that the re-
gions between macrosteps are almost, but not quite, devoid of steps. Can controlled KOH
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etching lead to the production of large step-free regions on miscut wafers? If so, this chem-
istry may lead to the first production of large-scale, atomically perfect surfaces.

In kinematic wave theory, hillock production is predicated on the existence of step-flow
etching with a step-density-dependent step velocity. As described in more detail in Sec-
tion 8.5, measurements of the orientation-dependent etch rate of vicinal Si(111) surfaces
strongly suggest that KOH is a step-flow etchant and that vep is profoundly independent of
step density over a wide range of densities [51]. In fact, surfaces with miscuts ranging from
~22° to 20°, corresponding to average step densities ranging from (9 nm)~! to (0.9 nm)~!,
all etch with the same apparent step velocity. According to kinematic wave theory, KOH
etched surfaces should not develop macrosteps, but they clearly do.

In summary, kinematic wave theory has been very successful in providing qualitative
insights into the formation of macrosteps and etch hillocks; however, atomic-scale investi-
gations of etching are beginning to point out the limitations of this theory.

8.3.3. Kinetically unstable chemistry

The previous sections have considered the implications of the simplest and most gen-
eralizable atomistic model of etching: terrace-step-kink etching. Although this model com-
pletely describes the etching of simple cubic lattices, real crystals have more complicated
geometries. Because of this, many surfaces have more exotic reaction sites that may com-
plicate the kinetics and morphology of an etching surface. Since most theoretical studies of
etching predate atomistic probes of surface structure, the effects of these species have rarely
been considered. In the following, I will show that the production of one such species—
a so-called point site—can profoundly change the etched surface morphology and lead to
the production of two- or three-dimensional etch hillocks. I will also show that an atomistic
examination of two-dimensional hillock formation leads to new insights into the criteria for
hillock formation. Since unwanted hillocks can be a major technological problem, a deeper
understanding of hillock formation and stability are needed.
8.3.3.1. Two-dimensional etch hillocks When Si(111) surfaces miscut toward the (112)
direction are etched in NH4F solutions, a characteristic pseudo-facetted morphology is
observed, as illustrated by Figure 8.8a. This morphology, with its characteristic shark's
tooth shaped steps, stands in stark contrast to the straight step morphology of NH4F-etched
surfaces miscut towards the (1 15.) direction which is shown in Figure 8.4. After etching, the
(112) steps form relatively straight step segments that point in three different directions—
the original direction and +60° to the original step. Since the Si(111) surface is three-fold
symmetric, the +60° step segments, which account for approximately 2/3 of the total step
length, correspond to regions of (1 12) oriented step. All of the etched step segments are
relatively straight, which indicates that NH4F attacks kink sites much more rapidly than
either the (112} or (112) steps. In the following, we will show that these characteristic
shark’s-tooth-shaped features are not facets; they are kinetic structures, two-dimensional
etch hillocks, that propagate across the etching surface [52,53].

In some sense, etch hillocks are a product of the three-fold symmetry of the (111)
surface. Like many silicon etchants, NH4F produces hydrogen-terminated surfaces [541.
As shown by detailed spectroscopic investigations [55,56] and ab initio cluster calcula-
tions [57], steps miscut toward the (112) direction etch to form the highly strained vertical
dihydride moiety sketched in Figure 8.9a. Hillocks are nucleated when two opposing kinks
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FIGURE 8.8. A comparison of the (a, c¢) experimental and (b, d) simulated morphologies of Si(111) surfaces
miscut by 0.3° towards the (a, b) {112) and (c, d) {112} directions and etched in stirred NH4F(aq). The KMC
simulations are the best fit to experiment. In these, the relative site specific rates of etching are kink:point:vertical
dihydride step:monohydride step:terrace =1:0.10:1072:5 x 1074 : 1077,

on a {112) step collide as illustrated by Figure 8.9b. Since the three-fold symmetry of the
surface cants the kink sites by 30° from the step normal, colliding kinks do not annihi-
late one another. Instead, they produce a new surface site known as a point site. Although
similar to the (112) step site, the point is a horizontal, unstrained dihydride. Because of
this difference in structure, the vertical and horizontal dihydride structures have different
reactivities and thus different etch rates.

Once a hillock is formed, it can either grow or decay, as illustrated by Figure 8.10.
Hillock growth occurs when a (112 step site (i.e. a vertical dihydride site) is etched. Se-
quential etching of the two kinks formed by this process leads to rapid “unzipping” of an
entire row of atoms. When an etching kink collides with an existing hillock, the process
terminates, and the hillock grows by one atomic unit. The sides of the hillock are (112)
steps, which have the very stable monohydride termination as shown in Figure 8.9c. In
contrast, hillock decay can be initiated by either of two events. If one of the (112} step
sites on the hillock face is etched, two kinks will be nucleated. Sequential kink etching will
lead to the removal of one row of atoms, and the decay of the hillock by one atomic unit.
A similar process occurs if the point site is etched. Although not obvious from the sketch
in Figure 8.9c, the etching of a point site also leads to the formation of two kink sites and
the removal of an entire row of atoms from one face of the hillock [53].

In steady state, the rate of hillock growth, kgrow, must exactly balance the rate of hillock
decay, kdecay. This criterion determines, in part, the average hillock size. In the limit where
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FIGURE 8.9. The formation of hillocks during aqueous etching. The dark balls represent Si atoms, while
the light balls represent H atoms, (a) Two opposing kinks on a (112) step, (b) the newly nucleated hillock,
(c) a well-developed hillock showing horizontal monohydride-terminated, (112} faces.
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FIGURE 8.10. Hillock size is determined by a balance between growth, which is initiated by the etching of a
vertical dihydride step, and decay, which is initiated by point or horizontal monohydride (not shown) step etching.
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Etch Time

FIGURE 8.11. The time-dependent morphology of an etching (112) step showing the propagation of
two-dimensional hillocks. The apex of each hillock performs a random walk in the direction perpendicular to
propagation, as illustrated by the dashed line.

kink etching is very fast [a good approximation for NH4F/Si(111) etching], the average
rate of hillock growth, kg,ow, will be given by

kgrow = pvDikvDis 6

where pypi and kyp; are the average density and etch rate of (112) step sites (i.e. vertical
dihydrides), respectively. Similarly, the average rate of hillock decay, kgecay, Will be given

by
kdecay = pPpntkpnt + PmonoKmono> )

where the subscript pnt refers to point sites, and the subscript mono refers to (112) step
sites (i.e. monohydride steps). Since the site-specific etch rates (kyDi, kmono> and kpp) are
determined by the chemical etchant, one more constraint is needed to completely spec-
ify the hillock size and density. This constraint is provided by the kink etch rate. Since
hillocks are nucleated by the collision of two opposing kinks on a (112) step segment, the
average distance between hillocks (i.e. the average length of a straight (112) step segment)
is determined by the relative rates of kink nucleation (kypi) and kink propagation (kjnk)-

The balance between growth and decay events implies that hillocks are not static fea-
tures; they are self-propagating kinetic features that evolve with the etching surface through
sequential growth and decay events. Their kinetic nature is illustrated in Figure 8.11, where
a kinetic Monte Carlo simulation of the temporal evolution of a single etching step is dis-
played. In this sequence, large hillocks are seen to propagate across the surface with mi-
nor morphological fluctuations, while small hillocks are both nucleated or annihilated. As
they propagate, the apices of the two-dimensional hillocks undergo a random walk in the
direction parallel to the step edge. A QuickTime™ movie of this process is available on-
line [58].

This simple example illustrates an important criterion for hillock formation that has of-
ten been overlooked. The stability ofa hillock depends crucially on the stability of its apex.
In other words, the mere existence of a slower etching step (or face in three dimensions) is
not a sufficient criterion for hillock formation. In this example, hillock formation depends
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crucially on the rate of point site etching. If this rate is too high, hillocks will be etched
away as soon as they are nucleated, the etch kinetics will revert to simple terrace-step-kink
etching, and the etched steps will be relatively straight.

The correlation between etch rate and hillock formation was first discussed by Bat-
terman [7] in the context of three-dimensional hillock formation on germanium in an
H,0,/HF etchant (Superoxol) and later expanded upon by Jaccodine [59]. Batterman
pointed out that a pre-existing hillock with faces of orientation A will only be stable to
further etching on a surface of orientation § if

Rh < R cos by, (8)

where Ry and Ry are the etch rates of surfaces h and §, respectively, and g is the angle
between surfaces # and §. Although necessary, this criterion should not be viewed as suffi-
cient for hillock formation. As will be discussed further in Section 8.5, three-dimensional
hillock formation during chemical etching is ubiquitous, especially on highly miscut sur-
faces. At the present time, there are no predictive theories of hillock formation, hillock
stability, or hillock shape. Although hillock formation is often attributed to contamination,
strikingly similar morphologies have been reported by laboratories separated by decades
and by continents. Either contamination is surprisingly uniform or more subtle processes
are at work.

At this point, the reader must surely be wondering about the supporting evidence for
this detailed mechanism of two-dimensional hillock formation. Anisotropic etching liter-
ally writes a record of the reactivity of the etchant into the etched surface morphology [15].
As described in some detail in a recent review [16], the site-specific rates of chemical etch-
ing can therefore be quantitatively measured using a combination of experimental determi-
nations of the steady state etch morphology, which are measured with a scanning tunnel-
ing microscope (STM), and atomistic, kinetic Monte Carlo simulations of the underlying
chemical reactions. This process is enabled, in part, by previous spectroscopic investiga-
tions that determined the detailed structures of many defect sites on etched, H-terminated
Si(111) surfaces [55-57].

Figure 8.8 shows representative experimental and simulated images of both principal
miscuts of Si(111) etched in stirred, air-saturated 40% NH4F(aq) [53]. Both simulations
were performed with the same set of site-specific etch rates; the only difference between the
simu]gtions is the orientation of the surface miscut. As expected, surfaces miscut towards
the (112} direction form two-dimensional etch hillocks in both experiment and simulation.
The good agreement between experiment and simulation in terms of the size, shape and
density of the various etch features confirms the validity of this approach. Interestingly,
even though all of the surface sites are silicon hydrides, the measured site-specific reactiv-
ities span a huge range. For example, the strained and distorted kink site is 107 times more
reactive than the terrace site! The correlation between the structure and reactivity of the
sites can also be used to infer the reaction mechanism [16]. This technique has also been
used to study the site-specific reactivity of etch additives, such as isopropanol [60], and
impurities, such as dissolved O [61].

In summary, real surfaces may have reactive sites that fall outside of the simple terrace-
step-kink classification, and these reactive sites may induce the formation of new etch
structures. There are only two prerequisites for the formation of two-dimensional hillocks:
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the existence of fast- and slow-etching steps, and the existence of a site that can form a
relatively stable hillock apex. As such, two-dimensional etch hillocks may be relatively
common.

8.3.3.2. Three-dimensional etch hillocks  Three-dimensional etch hillocks have attracted
significantly more attention than two-dimensional hillocks for obvious reasons. As dis-
cussed in previous sections, hillock formation is often attributed to heterogeneities in the
etch system, which might be caused by contaminants or by localized depletion of the
etchant. But can an etchant be inherently unstable to three-dimensional hillock formation?
In this section, I will show that under certain circumstance, two-dimensional etch hillocks
can spontaneously self-organize into three-dimensional hillocks [53]. In addition to cre-
ating three-dimensional “bumps,” the hillocks also significantly increase the long-range
roughness of the surface.

On an atomic scale, three-dimensional hillock formation depends critically on the
kinetics of step collisions. In Section 8.2, simple terrace-step-kink etching was shown
to lead to two forms of dynamic step-step repulsion that are mediated by step colli-
sions and etch pits, respectively. In the absence of additional complications, terrace-step-
kink etching is stable to hillock formation. To investigate the role of two-dimensional
hillocks on step collisions, kinetic Monte Carlo etch simulations were performed on sur-
faces with variable surface miscut. The site-specific etch rates were chosen to mimic
NH4F(aq)/Si(111) etching; however, terrace etching was specifically forbidden to mini-
mize the effects of pit-induced step repulsion. Under the chosen kinetics, isolated steps
developed two-dimensional hillocks that were ~50 nm in height.

On surfaces where the average terrace width was smaller than the steady state hillock
size, step-hillock collisions led to the production of three-dimensional hillocks, as shown
by the time-lapse images in Figure 8.12. In this simulation, the surface steps had an aver-
age spacing of 3.5 nm; however, the etch kinetics produced 50 nm high two-dimensional
hillocks on isolated steps. After only 10 ML of etching (Figure 8.12a), the etched steps
developed characteristic, ~5 nm tall hillocks. Since the hillocks were taller than the mean
terrace width, step collisions forced the hillocks to partially align with one another, as
shown by the inset in Figure 8.12a. As the etching continued, this process of hillock growth
and self-alignment continued (Figure 8.12b—d). As a result, the etched surface developed
three-dimensional hillocks which were composed of propagating trains of aligned two-
dimensional-hillocks, as shown by the rendered image of the final surface (Figure 8.12e).

Even though these three-dimensional hillocks were relatively small (=50 nm), their
presence had profound effects on the long-range roughness of the surface. Figure §.13
shows the effects of hillock formation on steady-state terrace width distributions (TWD)
extracted from three simulations of etching. All three of these simulations had very similar
site-specific kinetics; the only parameter changed in the simulations was the point site etch
rate. When the rate of point site etching was high, the surfaces underwent simple terrace-
step-kink etching and were stable against hillock formation. As expected, these simulations
led to the near-Gaussian TWD characteristic of terrace-step-kink etching (Figure 8.13a).
The long-range morphology of these surfaces should resemble that of an annealed (i.e.
equilibrium) surface. In contrast, when the rate of point site etching was low (Figure 8.13c),
stable two- and three-dimensional hillocks formed on the surface. Under these kinetics, the
TWD was well fit by P1p, the exponential function characteristic of one-dimensional step
etching [eq. (2)]! In other words, two-dimensional hillocks suppressed the dynamic step-
step repulsion characteristic of step collisions in the terrace-step-kink model. Experimental



268 M.A. HINES

FIGURE 8.12. KMC simulation of the development of three-dimensional hillocks on a Si(111) surface miscut
by 5° towards the {112) direction, (a) After 10 ML of etching. The inset is an expanded, 200 x 200 A view,
(b—d) After 30 ML, 100 ML and 300 ML of etching, respectively; (e) a rendered view of the surface in (d).

measurements of the TWD of highly miscut, NH4F-etched Si( 111) surfaces miscut in the
(112) direction confirm this prediction [62].

As discussed in Section 8.2, an exponential TWD is characteristic of a surface that con-
tinually roughens with etching. This behavior is inconsistent with the simple terrace-step-
kink model that has dominated discussions of etching for the past decades and shows that
some etchants may be inherently unstable to hillock formation. Nevertheless, this model is
highly specific and not easily generalized. Phenomenological studies of chemical etching
have uncovered a wide variety of hillock shapes and sizes [24]. Because of this, I expect
that many hillock formation mechanisms are waiting to be discovered.

8.4. THE PRODUCTION OF NANOPERIODIC SURFACES

Today, the smallest lateral feature on a microprocessor in commercial production is
~90 nm. In contrast, the distance between binding sites on an antibody is 10 nm—our
smallest machines are 9 times larger than Nature’s. Although impressive strides are being
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FIGURE 8.13. Normalized terrace width distributions for etched Si(111) surfaces miscut by 2.25° towards the
(112) direction. The kinetics were chosen to mimic NH4F etching, except terrace etching was specifically disal-
lowed, (a) When the rate of point site etching is high, hillocks are unstable, and straight steps are formed. In this
case, the TWD mimics the equilibrium distribution. (b) An intermediate rate of point site etching leads to small
hillocks and an intermediate TWD. (c) When the rate of point site etching is small, large hillocks form. In this
case, the TWD is exponential, indicating the complete absence of dynamic step—step repulsion.

made in silicon processing, inexpensive, parallel nanofabrication at the 10 nm length scale
will likely remain beyond the grasp of conventional nanofabrication for the foreseeable
future. Under favorable conditions, electron-beam lithography can produce patterns at this
length scale; however, the serial nature of this technique (and the complexity of the equip-
ment) limit its widespread use. Scanned-probe-based nanofabrication techniques, such as
direct atom manipulation [63] and dip pen lithography [64], are similarly hindered by their
relatively slow scan rate.

To circumvent these limitations, many groups are developing techniques based on self-
assembly—a so-called bottom-up approach. Although ultimately more limited in their ca-
pabilities, these techniques are attractive for both their cost and their simplicity. In the fol-
lowing, I describe an approach to the controlled fabrication of nanoperiodic surfaces that
uses the inherent spacing between atoms to control the lateral dimensions of the structure
and controlled chemical etching to develop the structure [65]. In principle, this technique
can be used to prepare periodic features with a continuously variable spacing of 25~100 nm
in any crystalline material.

This technique is based on the Moiré pattern that is generated whenever two misori-
ented, periodic structures are superimposed. For example, when two square arrays are mis-
oriented by an angle 8, a square superstructure is formed, as sketched in Figure 8.14. In-
terestingly, the size of the superstructure is dependent on the misorientation angle. Large
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FIGURE 8.14. A pure twist boundary produces orthogonal screw dislocations, indicated by arrows, as illustrated
by this Moiré representation of the bonding of two Si(100) surfaces.

misorientations lead to small periodicities, while small misorientations lead to large peri-
odicities.

In this technique, a single crystal surface, such as Si(100), is used as the initial periodic
pattern. When two very smooth and very clean silicon surfaces are brought into close con-
tact at room temperature, a surprisingly strong van der Waals bond is formed between the
two surfaces. In fact, a well-bonded surface is stable for weeks and often survives mechan-
ical shocks. After annealing, strong chemical bonds are formed between the surfaces, and
the initial Moiré pattern is transformed into an array of screw dislocations. In a pure twist
boundary, the spacing between the (undissociated) screw dislocations, d, is related to the
misorientation angle by Frank’s rule,

d= ——“i— )]
2sin(6/2)

where b is the Burgers vector of the dislocation. By varying the twist angle—an easily

adjusted macroscopic parameter—between 0.2° and 10°, dislocation spacings ranging from

100-2 nm can be generated at a silicon twist boundary.

This interfacial pattern can be readily imaged using transmission electron microscopy
(TEM). For example, Figure 8.15a shows the dislocation structure at the interface of a
twist-bonded bicrystal fabricated from two Si(100) wafers. As expected, a square array of
orthogonal screw dislocations with a mean spacing of 37.5 nm, corresponding to a twist
angle of 0.6°, is visible. In addition, an array of meandering lines (indicated by arrows)
is also visible. These lines are edge dislocations formed by the slight difference in miscut
between the two surfaces which introduces a tilt component to the boundary.

The production of periodic interfacial structures at grain boundaries has been known
for decades [66]. The challenge lies in bringing this interfacial structure to the surface.
Fortunately, materials scientists developed a number of dislocation etchants in the ’50s and
"60s to aid in the development of high performance crystal growth technology for the then-
developing semiconductor industry [67]. Although the mechanism of dislocation etching



ETCHING OF SILICON SURFACES 271

FIGURE 8.15. Experimental images obtained from samples cut from the same bicrystal displaying 38 nm pe-
riodicity. (a) TEM image of tilt-twist boundary showing orthogonal screw dislocations and meandering edge
dislocations (indicated by arrows), (b) AFM image of etched surface, (c) Rendered representation of AFM image.

is poorly understood, selective dislocation etching is usually attributed to local etch rate
enhancement by the strain energy in the vicinity of the dislocation [24].

To bring the interfacial structure to the surface, the upper crystal was first thinned
to a thickness of =50 nm, then a dilute form of a common dislocation etchant, the Sirtl
etch [68], was used to selectively attack the dislocations [65]. After etching, the entire sur-
face was covered by an array of 5 nm tall, periodic structures, as shown by the AFM images
in Figures 8.15b and 8.15¢c. When the initial interfacial structure (measured with TEM) and
the final surface structure (measured with AFM) were compared using samples cut from
the same bicrystal, the measured periodicities were in excellent agreement (37.5 nm vs.
38.6 nm, respectively).

Many applications for nanotextured surfaces can be envisioned. For example, these sur-
faces could be used as templates for the ordering of quantum dots or biological molecules.
Additionally, the bonding of two dissimilar materials, such as silicon and germanium, will
lead to misfit dislocations, and the spacing of these dislocations can also be varied with
misorientation angle [69]. The controlled etching of hetero-bicrystals would lead to the
formation of periodic heterostructures with controlled spacing.

From the perspective of etching chemistry, these bicrystals also present a unique op-
portunity to study the fundamental mechanisms of dislocation etching. Calculations by
Bourret [70] have shown that the strain energy surrounding interfacial screw dislocations
produced by twist-bonding is approximately two orders of magnitude smaller than the
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strain energy surrounding edge dislocations produced by tilt-bonding. This difference has
a simple origin. Since the strain fields of neighboring screw dislocations tend to cancel
each other, buried screw dislocations produce little elastic strain at the surface. If pref-
erential dislocation etching were due to stored elastic energy—as often assumed in the
literature [24]—Bourret’s calculations suggest that etching of a buried tilt-twist boundary
would produce meandering trenches from the edge dislocations. A two-dimensional array
should not be produced.

The AFM images in Figure 8.15 are inconsistent with this strain-mediated mechanism.
The absence of meandering lines in the image, which would be produced by rapid edge
dislocation etching, leads us to conclude that screw dislocations etch at least as fast as edge
dislocations. Thus, the Sirtl etch is sensitive to the structure and bonding of the dislocation
cores, notjust the elastic energy.

8.5. THE SEARCH FOR NEW ETCHANTS: ORIENTATION-RESOLVED ETCHING

Etching is often considered more an art than a science, because the formulation of new
anisotropic etchants is based upon trial-and-error much more than upon chemical insight.
The problem, at least in part, is that anisotropic etchants are by their very nature highly
defect selective. This selectivity has hindered chemical investigations. For example, the
NH4F etchant discussed in Section 8.2 selectively etches kink sites, which are present in
ppm surface concentrations, while leaving the majority species, the terrace site, essentially
unetched. (The kink site is 7 orders of magnitude more reactive than the terrace.) Direct in-
vestigation of the chemistry of the kink site is impossible, though, as surface spectroscopies
can only probe species present in concentrations exceeding 1% of a monolayer. Although
indirect methods based upon STM analysis have been developed [16], these techniques are
very slow and poorly suited to the evaluation and comparison of many etchants.

With these problems in mind, we developed a new technique for the rapid assay of
surface defect reactivity that is based on orientation-dependent changes in the density of
surface defects [71]. For example, consider the search for a new etchant to produce atomi-
cally smooth surfaces. As discussed in Section 8.2, the best etchant for this purpose would
be a step-flow etchant. In other words, the new etchant must attack surface steps much more
rapidly than perfect terraces. If every step etches independently, the macroscopic etch rate,
R, should be proportional to both the density of surface steps, which is controlled by the
surface miscut, and by the velocity of each step as it flows across the surface, vgep. For
perfect step-flow etching of vicinal steps, simple geometry predicts that

R(0) = vgiep sin |0, (10)

where € is the miscut angle measured from the nearest close-packed plane. In other words,
a perfect step-flow etchant should have a characteristic orientation-dependent etch rate.
The close-packed surface should be essentially unreactive [i.e. R(0) = 0], while vicinal
surfaces should etch with a rate proportional to their miscut.
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8.5.1. Assaying etchant anisotropy with micromachined test patterns

Our assay is based on the geometric amplification inherent to the etching of a wedge.
When the sides of a wedge of included angle « are etched by a distance At, the length of
the wedge is reduced by a distance

Al = Atcot(a/2) = 115At1  fora = 1°. an

A 1° wedge, which is easily produced using standard microfabrication techniques, pro-
duces a more than 100-fold amplification! In the case of basic silicon etchants, where etch
rates are typically tens of microns per hour (at =70°C), the retraction rate of 1° wedges
is a few millimeters per hour—a distance easily seen by eye and measured with an optical
microscope.

The initial pattern consists of 180 1°-wide silicon wedges arranged in an evenly spaced,
circular array as diagrammed in Figure 8.16a. The entire pattern is 18 mm in diameter,
and the individual wedges are 130 pm tall. The wedges are 140 pm in width at their
widest and taper to a 2 gm wide apex. Since the initial structure is fabricated from a single
crystal silicon wafer, each wedge is bounded by a different set of vertical planes. The wafer
orientation is important, as the surfaces measured by this technique are all perpendicular to
the starting wafer. For example, if a Si(110) wafer is used, the pattern will contain wedges

(a) Conceptual Diagram

FIGURE 8.16. The micromachined test pattern. (a) Conceptual diagram of the initial pattern. (b) Composite
optical micrograph of etched pattern. The pattern is 18 mm in diameter, and each wedge is 1° wide.
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FIGURE 8.17. Measured orientation dependent etch rates for 70°C, 50% (w/v) KOH (solid line) and best fit to
the step-flow model described by eq. (12) (dotted line). Data in the shaded regions were used to extract model
parameters. The orientations of the close-packed planes are indicated at top.

representing the close-packed Si(100), Si(111) and Si(110) surfaces as well as their vicinal
surfaces.*

When the test pattern is immersed in an etchant, a characteristic flower pattern devel-
ops, such as the one shown in Figure 8.16b. This flower pattern is a direct measure of the
site-specific etch rates. After etching, the lengths of the etched wedges are quantified by op-
tical microscopy and image analysis, and these data are then analyzed to obtain orientation-
dependent macroscopic etch rates. For example, the solid line in Figure 8.17 represents the
measured, orientation-dependent etch rates of a 70°C, 50% w/v KOH(aq) solution, where
¢ represents the orientation of the etching face with respect to one of the (11 1) surfaces.
Local etch rate minima are observed at both of the close-packed faces, Si(111) and Si(100).
Interestingly, an etch rate maximum is observed at the (110) orientation, another relatively
close-packed plane.

Since the Si( 100) surface etches with a finite etch rate, as evidenced by the shallow min-
imum in Figure 8.17, the simple step flow model described by eq. (10) must be modified to
include the possibility of terrace etching. If the terraces etch with a velocity verr (measured
in the direction perpendicular to the terrace), simple geometry shows that the macroscopic
rate of etching should be approximately

R(6) = vgiep Sin |0] + vierr cOSH. (12)

In eq. (12), the first term accounts for the contributions from step-flow etching, while the
second term accounts for the rate of terrace etching. Of course, surfaces on the micro-
machined array have a number of different types of vicinal steps, and each type of step
is expected to have a different etch rate. For example, Si( 1 11) surfaces miscut towards the
(110) direction (i.e. ¢ > 108° in Figure 8.17) are expected to have monohydride-terminated
steps, while the surfaces miscut towards the (100) direction (i.e. ¢p < 108°) should have
dihydride-terminated steps.

*To avoid confusion, all geometrically equivalent surfaces are referred to by their “principle” name. For example,
wedges with (111), (L11), (111) and (111) sidewalls are formed on Si(110) surfaces; however, all of these
surfaces are referred to as “(111) faces.”
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This very simple step flow model explains the orientation-dependent rates of KOH/Si
etching surprisingly well. For example, the dotted lines in Figure 8.17 represent the best
fit to the simple model described by eq. (12). The fit is particularly good near the Si(100)
and Si(111) minima. Interestingly, there is no evidence of direct step—step interactions or
step-density-dependent step etching on vicinal Si(111) surfaces within 220° of the close-
packed plane.

This good fit strongly suggests that 50% w/v KOH is a step-flow etchant of vicinal
Si(111) surfaces. Indeed, morphological investigations are in good agreement with this
prediction, as shown by the AFM image in Figure 8.7. Nevertheless, many question remain.
Since these kinetics also suggest that the vicinal steps etch with a step-density independent
rate, vicinal Si(111) surfaces should be stable to macrostep and hillock formation, which is
in obvious disagreement with the morphology in Figure 8.7 and others [51].

8.5.2. Factors affecting etchant anisotropy

As discussed earlier, the goal of chemically controlling surface morphology relies on an
ability to chemically control etchant anisotropy. But what factors affect etchant anisotropy?
At least in the case of basic silicon etchants, such as KOH and tetramethyl ammonium
hydroxide (TMAH), etchant anisotropy is surprisingly sensitive to a wide range of chemical
parameters, including temperature, etchant concentration and etchant composition. More
importantly, these dependencies are complex and not easily analyzed using concepts from
homogenous chemical kinetics.

This complexity is exemplified by the concentration-dependent anisotropies for the
KOH etching of silicon, which are displayed in Figure 8.18. Interestingly, all orientations
show a maximum etch rate at intermediate KOH concentrations As originally suggested by
Palik and coworkers [72], this behavior is consistent with a mechanism in which both OH™

(b) 12.5%\

FIGURE 8.18. Concentration dependent etch rates of silicon in a variety of 70°C KOH solutions. The etch rates
are in gm/h, and the horizontal axis denotes the Si(111) face at ¢ = 0°. All graphs have the same scaling.
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and H,O are reactants. Since this reaction evolves Hz(g), Palik and coworkers suggested a
net reaction of the form

Si + 2H,0 + 20H™ — 2H; + Si(OH),05™. (13)

In homogeneous chemical kinetics, the rate of a chemical reaction is usually well fit by an
empirical rate law that scales as the concentration of the reactants raised to small powers
(e.g., 0.5, 1, 2). The scaling exponents in turn often reflect the molecularity of the rate
limiting step. Thus, the concentration-dependent rate of KOH etching is expected to have
the functional form

R($) = k[OH™1°[H,0)°, (14)

where k, a, and b are constants that may be orientation dependent.

Even when additional complexities are taken into account (e.g., solvation effects, activ-
ities), the concentration dependent anisotropies in Figure 8.18 cannot be credibly fit to an
empirical rate law of the form suggested in eq. (14). This breakdown of classical chemical
kinetics is likely due to the multisite nature of chemical etching. As the etch parameters
are changed, the steady-state morphology of the etching surface also changes. In the case
of KOH etching, the morphological changes are often dramatic and observable in an elec-
tron microscope. On an atomic scale, these morphological changes imply that the etch site
densities (e.g., the densities of steps and kinks) are also concentration dependent. If every
type of site i on the surface etches with a well defined empirical rate law, the macroscopic
etch rate will be determined by

N
R(¢) = Z pi([OH™1, [H201)k; [OH ™14 [H,0]%, (15)

i=1

where p; is the concentration-dependent density of site i. Even in the case where all sites
etch with the same empirical rate law (i.e. the same k, a, and b), the concentration depen-
dent site densities preclude the reduction of eq. (15) to a macroscopic empirical rate law
[e.g., eq. (14)]. In general, eq. (15) implies that macroscopic etch rate may have a com-
plicated concentration dependence. More importantly, the molecularity of the chemical
mechanism may not be simply related to the concentration dependence of the macroscopic
etch rate.

The anisotropy of KOH etching is also surprisingly sensitive to etchant temperature.
Like the concentration dependence, the temperature dependence defies simple explanation,
as the macroscopic etch rates display non-Arrhenius behavior. This behavior is similarly
attributed to temperature dependent changes in etch morphology and site density.

In spite of a pressing need for an understanding of the chemical mechanisms that gov-
ern etchant anisotropy, these preliminary investigations suggest that simple answers will
not be readily forthcoming for many etchants. Indeed, a detailed study of an exceedingly
simple etch system, KOH/silicon, raised more questions than it answered. In particular, the
richness of the orientation-, concentration- and temperature-dependent etch morphologies
was surprising. This complexity is likely a reflection of the multisite nature of chemical
etching. Nevertheless, this simple screening method may be very useful in testing a wide
range of potential etchants for step-flow activity.
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8.6. CONCLUSIONS AND OUTLOOK

Although some have characterized etching chemistry as more of an art than a science,
recent advances in scanned probe microscopies have enabled detailed, atomic-scale studies
of the mechanisms that govern the development of nanoscale features during chemical etch-
ing. The simplest type of chemical etching, which only involves the etching of terrace, step
and kink sites, is now well understood, and highly anisotropic terrace-step-kink etchants
can be used to produce ultra-flat surfaces. Interestingly, a low terrace site etch rate can lead
to smoother long-range morphologies than are possible with a step-kink etchant. Since very
few crystalline materials have a simple cubic lattice, simple terrace-step-kink etching may
only be applicable in a small subset of cases. More exotic reaction sites, such as the point
site found on Si(111) surfaces, may complicate etching. In some cases, these exotic species
can lead to inherently unstable chemistry and the production of two- or three-dimensional
etch hillocks—nanoscale structures with well-controlled geometry and size. Chemistries
of this type are useful for the production of nanotextured surfaces. Similarly, nanoperi-
odic morphologies can be generated through the selective etching of patterned dislocations
formed at intentional grain boundaries.

The major challenge facing etching chemistry today is the rational design of new
etchants for the production of specific nanoscale features. To this end, a micromachined
test pattern that can rapidly screen etchants for step-flow etching has been developed. Nev-
ertheless, there is room for much more improvement in this area.
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metal surface, 248
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microscopic lengthscale, 146

molecular adsorption, 1, 2, 33

molecular dynamics simulations, 2, 35, 38-40,
44

molecular modeling, 1, 3, 9-11, 16-19, 21-23,
25, 29, 30

mono-nucleus model, 86

monodispersed emulsion droplets, 86

morphology, 74

mosaicity, 201

n-alkanes, 87

n-dodecane, 90

n-hexadecane, 88

n-octadecane, 90

nanometer-size emulsion, 97

nanometric bio-molecular arrays, 295

near-critical clusters, 108, 109, 111-113, 118

nucleation, 84

nucleation control, 108, 136

nucleation kinetics, 108, 112, 119, 131, 138

nucleation mechanisms, 119

nucleation of crystals, 108, 119, 124, 129, 131,
133, 135

palm oil, 87

phosphocitrate, 9-11, 13-17, 20-22, 25-29, 32,
33

polyaspartate, 2-4, 6-10

polyaspartate—calcite system, 3

polydispersed emulsion droplets, 86

polyglycerine fatty acid ester, 88

polymorphs, 73

preferential adsorption, 2

protein arrays, 239, 261, 273

protein chemistry, 242

protein crystallization model, 109

protein three-dimensional structure, 240

protein trans-splicing technique, 273

QUANTA, 3, 11
reactive ligands, 271

scanning electron microscopy (SEM), 9, 10, 12,
16, 19, 23

scanning probe nanografting (SNG), 281, 282,
286, 288

scanning probe nanolithography (SPN), 281,
282, 288, 295, 296, 299, 300

silicon based surfaces, 245, 247, 252, 253, 263
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solubility, 157-160, 163, 164, 171, 173
step blocking, 59

step edge energy, 61, 63, 64
step edges, 58

step pinning, 59

step—step interactions, 161, 176
struvite, 1622

sub-critical clusters, 108, 112
sucrose fatty acid oligo-ester, 88
supersaturation, 211

surface free energy, 59, 213
surface-controlled, 66
synchrotron radiation, 84

terrace width, 71

terraces, 59

thaumatin, 213, 214, 216, 223, 229
thermodynamics of crystallization, 163
transition-state kinetics, 170, 174, 175
trilauroylglycerol, 98
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trimyristoylglycerol, 97

trypsin, 206, 207, 213, 223

turnip yellow mosaic virus (TYMV), 214, 220,
221, 230, 231

two-dimensional (2D) nuclei, 205

ultrasound velocity, 84
unfolding, 242

vaccinia virus, 232, 233

vaterite, 72

virus crystals, 201, 205

viruses, 203, 296, 298, 300

volume heterogeneous nucleation, 84

water/ice interface, 2

X-ray diffraction, 2, 84
xylanase, 205, 225
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